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The Thermodynamics of the Liquidus-Solidus Gap 
in Binary Alloys: The Silver-Gold System 


The liquidus-solidus gap of the Ag-Au system has been in- 
vestigated by thermal analysis to resolve the discrepancy be- 
tween the-phase diagram and the measured thermodynamic 
properties of the solid and liquid alloys. The results confirm 
the gap calculated from the thermodynamic properties, A 
method for the calculation of A(AF) from precise measure - 
ments of the liquidus-solidus gap is presented and applied to 
the experimental results. A(AF) is small for Ag-Au alloys, 
indicating a misfit energy near zero and a close similarity 


between the thermodynamic properties of the solid and liquid 


alloys. 


In a recent evaluation of the thermodynamic prop- 
erties of the silver-gold system,’ it was pointed out 
that the liquidus-solidus gap of the commonly ac- 
cepted phase diagram,” indicated by dashed lines in 
Fig. 1, is inconsistent with the measured thermody- 
namic properties of the solid and liquid alloys. The 
gap calculated from the thermodynamic properties 
is an order of magnitude less than indicated by the 
phase diagram, 7.e., about 1.5°K instead of 13°K at 
the equiatomic composition. This discrepancy was 
noted earlier from approximate thermodynamic data 
by Wagner.° He attributed the discrepancy to the 
use of cooling curves only to define the solidus as 
well as the liquidus; the temperature interval be- 
tween the beginning and the end of solidification 
cannot be expected to correspond to the true 
liquidus-solidus gap owing to lack of homogeneity 
in the solid phase during freezing. One purpose of 
this work was to verify experimentally the calcu- 
lated liquidus-solidus gap, employing cooling curves 
to define the liquidus and heating curves on well- 
annealed alloys to define the solidus. 

Measurements of the liquidus-solidus gap are 
- also useful to a direct comparison of alloying be- 
havior in the solid and liquid states since they pro- 
vide a means of determining 


A(AF) = AF, -AF, [1] 


where A(A F) is the free energy of formation of the 
solid alloy referred to the pure solid components 
less the free energy of formation of the liquid alloy 
referred to the pure liquid components. A(AF) and 
the analogous enthalpy term, A(A#), represent the 
energy changes involved in imposing lattice peri- 
odicity on a liquid solution. Lumsden,* Wagner,° 
and Oriani*»® have proposed A(A F) and A(A #) as 
measures of the misfit energy of a solid solution 
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arising from the requirement that atoms of dis- 
parate size must fit on the same crystal lattice. 
The second purpose of this work was to utilize the 
liquidus-solidus gap measurements to calculate 
A(A F) for silver-gold alloys, whose component 
atoms are so nearly alike in size that a misfit en- 
ergy near zero is anticipated. 


CALCULATION OF THE PHASE DIAGRAM 


The calculation of the phase diagram from the 
thermodynamic properties is outlined below in 
terms of the following free-energy changes for 
component A of a binary system A-B: 
AF = the free energy of melting pure A 
AF 4 (5) (Ny (s)) = the partial molar free energy of 
A, at the solidus composition N4:,) 
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Fig. 1—The silver-gold phase diagram. Solid lines refer 
to the liquidus and solidus calculated from the thermo- 
dynamic properties; dashed lines refer to the previously 
accepted phase diagram.” 
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in the solid alloy, relative to pure 
a solid A, 
AF sy (Ny w? = the partial molar free energy of 
A, at the liquidus composition 
Nay in the liquid alloy, relative 
to pure liquid 4. 
Similar free-energy terms apply to component E, 
The phase boundaries are calculated by applying 
the condition that the chemical potentials of each 
component are equal in the coexisting phases; thus 
for a binary system A-B at the equilibrium tem- 
perature 7(°K), 


AF (N4()) = AFP + AF yay (Naw ) 


[2a] 


AF (Ng(.)) = AFR + AF) [2b] 
In any practical case the thermodynamic data for 
the partial molar free energies should be fitted by 
suitable analytic functions to facilitate the calcula- 
tions. If data for one boundary (usually the liquidus) 
are available, this fitting should be made under the 
condition that the calculated boundary agrees with 
the observed boundary within the uncertainty of its 
measurement. 

For Ag-Au alloys the data for the thermodynamic 
properties have been fitted by the following a-func- 
tions,** expressed in cal g-atom™*, 


*The a function is particularly well suited to the correlation of free- 
energy data; in terms of the excess partial molar free energy it is given 
by 


AF, —RTinN 

A 
OA [5] 
= -2950 - 1600 + 1.375(T-800) [3] 


= —2000 - 1600 + 1.375(T-1350) [4] 


The phase diagram calculated by solution of 
Eqs. [2] under these conditions is indicated by solid 
lines in Fig. 1. The narrow liquidus-solidus gap, 
expressed as AT in Fig. 2, shows a maximum of 
2.4°K at Ng, = 0.23. 


EVALUATION OF A(A F) 


To evaluate A(A F) from experimental measure- 
ments of the liquidus-solidus gap, the partial molar 
quantity A(A F,) is first calculated; thus for a rep- 
resentative composition N on the liquidus, 


A(AFy) = A Fi (Naw) Naa) [6] 
Using Eq. [2a], 


and it is seen that A(A F ,) consists of a term for the 
change in standard state plus the free energy of iso- 
thermal transfer of A from a solid alloy of composi- 
tion N 4(s) to a hypothetical solid alloy of composi- 
tion Ny (1). 

Eq. |7] may be expressed in terms of the liquidus 
and solidus compositions and a,(,) as 
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= N 
A(AF,) = AF] + RT In 
s 


2 2 
+ (5) (Naw) — 40s) [8] 


where the three terms on the right-hand side 
represent: 


1) the free energy of melting calculable from 
AF{ = -f AS, dT [9] 


(where T/ and AS/’ are the melting point and en- 
tropy of fusion of pure 4), 

2) the ‘‘ideal gap contribution,’”’ and 

3) the contribution due to the thermodynamic de- 
viation of the solid alloys from ideality. 

The calculation of A(A F,) from the liquidus- 
solidus gap thus involves essentially an extrapola- 


tion of the thermodynamic properties across the 


narrow gap. In practice, the requirement on the 
accuracy of a we is not stringent. 


It should be noted that another method of calcu- 
lating A(A Fy) is available by writing Eq. [6] for the 
solidus composition N,,,) and employing the ther- 
modynamic deviation a4) of the liquid alloy. This 
alternative is useful for systems whose thermody- 
namic properties are better known for the liquid © 
state than the solid state. The resulting A(AF A 
differs from that of Eq. [8] only in that it refers to 
the solidus composition Ny 

The derivation of Eq. [8] may be applied to the 
B-component to obtain A(AFg). A(AF) is then 
given by 


A(A F) = Ny A(A Fy) + Ng A(AF [10] 


EXPERIMENTAL 


Silver crystals (999.9 + fine) and gold wire 
(999.7 + fine) were melted and homogenized in the 
vitreous silica crucibles used for the thermal anal- 
ysis. A chromel-alumel thermocouple, calibrated 
by thermal analyses of pure silver and pure gold, 
was located in a silica protection tube suspended in 
the center of the metal sample. The crucible con- 
taining approximately 1.5 cm® of metal was hung in 
a vertical platinum-wound resistance furnace. Tem- 
perature uniformity in the hot zone was obtained by 
the use of radiation shields and by adjustment of the 
heating current in the various sections of the tapped 
resistor. The furnace tube was evacuated to 20 uy Hg 
or less to avoid solution of oxygen and its conse- 
quent freezing-point depression. 

Some volatilization loss, principally silver, was 
observed, and the compositions reported in Table I 
were estimated from the initial computed composi- 
tions and the final compositions determined by 
chemical analysis. A slow upward drift of the 
thermocouple electromotive force was also ob- 
served. To minimize the contributions of these 
effects to the uncertainty of the gap measurement, 
each heating curve was followed immediately by a 
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Table |. Experimental Results for the Liquidus-Solidus Gap 
of the Silver-Gold System 


Liquidus- 

Composition Solidus Gap Liquidus* Solidus* 

0.749 + 0.004 1006.1 1004.4 
0.738 + 0.010 2.1 + 0.8 1009.4 1007.3 
0.499 + 0.004 - 1035.0 - 
0.497 + 0.004 1.4 + 0.8 1036.3 1034.9 
0.478 + 0.020 1.2 + 0.4 1034.5 1033.3 
0.240 + 0.005 20 1053.5 1052.3 
0.239 + 0.005 0:67.025 1054.0 1053.4 
0.232 + 0.010 0.5 + 0.3 1056.4 1055.9 


*Accuracies of T; and T, are estimated to be + 4°C; additional sig- 
nificant figures are reported for self-consistency. 


cooling curve. Thus the reproducibility of the gap 
e-measurement attained to + 0.3°C although the ac- 

curacy of the liquidus or solidus was of the order 
of +4°C. 

The solid alloys were homogenized by annealing 
just below the solidus temperature. Prolonged an- 
neals were found unnecessary, particularly for al- 
loys which were frozen rapidly before the anneal. 
The thermal arrests were sharp, resembling those 
obtained with the pure metals. The temperature of 
initial arrest was found to be linearly dependent on 
the rate of heating or cooling, the effect being re- 
producible for a standard crucible design. For a 
typical heating rate of 1.5°C min™’, the solidus 
correction was of the order of —0.2°C; the liquidus 
correction was similar in size but opposite in sign. 

The end of the thermal arrest never corresponded 
to the liquidus on heating curves or to the solidus 
on cooling curves, some overshoot always being 
evident. This overshoot was strongly dependent on 
the rate of heating or cooling and accounts for the 
size of the previously accepted liquidus-solidus 
gap, which was based on cooling curves alone using 
relatively high cooling rates. 


RESULTS 


The experimental results are given in Table I and 
are shown graphically in Figs. 1 and 2. The liq- 
uidus-solidus gap AT is the average of several re- 
sults for each composition, The agreement between 
the observed and calculated liquidus-solidus gap 
confirms the phase diagram calculated by use of the 
thermodynamic properties defined by Eqs. [3] 
and [4]. Therefore the liquidus curve given in Fig. 1 
was employed to convert each temperature gap AT 
to a composition gap 
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Fig. 2—The liquidus-solidus gap of the Ag-Au system, ex- 
pressed in terms of AT = T;—Ts. Solid and dashed lines 
refer to the gap calculated from the thermodynamic 
properties. The uncertainties of the experimental results 
are indicated by vertical lines. 


ANag Nag (1) Nag(s)« [11] 


Values of A(AF,,) and A(A F,,) were calculated 
from Eq. [8] with the aid of Eq. [3] and selected 
values’ of ASK, and ASK,. AFa, and AFA, were 
evaluated by Eq. [9] on the assumption that A C, = 0; 
over the short temperature range involved this ap- 
proximation makes a negligible contribution to the 
estimated uncertainty in A(AF). The results are 
given in Table II. 

The thermodynamic deviation aa,(j) of the liquid 
alloys may be computed from A(A I by express- 
ing Eq. [6] in terms of ag,(y anda,_(,). Thus at 
the liquidus temperature T; and composition Na, (1) 


A(A F,) 


12 
N agit) 


Values of dagij) thus calculated from the measured 
liquidus-solidus gap and the properties of the solid 
alloys (cf. Eq. [3]) are compared in Fig. 3 with val- 
ues of @,,(j) derived from the electromotive force 
measurements of Oriani® and Wagner and Engel- 
hardt.* The comparison is made at the 1350°K 
isotherm by assuming that the temperature coef- 
ficients of and are equal, z.e., 


dan.) _ 
aT 


= rgis) 


a 13 
Ag (s) = 
= 1.375 cal g-atom=-’. [13] 


Table Il. Values of A(AF) and %Ag(1) for Silver-Gold Alloys Calculated from Measurements of the Liquidus-Solidus Gap 


Compo- Liquidus- = = 
sition Solidus A(AF A(AF, A(AF) Ong 
Ag(l) Gap Cal G-Atom™ Cal G-Atom Cal Cal G-Atom 

0.761 0.012 + 0.007 -33 + 35 -39 + 105 -35 +55 - 

0.753 0.015 + 0.006 -20 + 30 -81 + 85 -36 + 45 “3066 
0.511 ; 0.014 + 0.008 -55 + 60 -36 + 60 -45 +65 - 

0.490 0.012 + 0.004 -69 + 35 -24 +30 -46 + 35 ies 
0.259 0.019 + 0.016 +58.+ 235 -64 + 70 -32 + 11 - 

0.249 0.010 + 0.008 -75 +115 -22 + 35 -36 + 60° ae 
0.240 0.008 + 0.005 -94 +70 -16 + 20 -35 +35 -2416 
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DISCUSSION 


The data for a,,(,, in Fig. 3 show that, for mis- 
cible systems in which the thermodynamic proper- 
ties of one phase are well-known, precise meas- 
urements of the liquidus-solidus gap are competitive 
with direct thermodynamic measurements in de- 
fining the properties of the other phase. 

The small and barely significantly negative 
values of A(AF) for silver-gold alloys indicate a 
close similarity between alloying behavior in the 
liquid and solid states. The atomic size effect, 
which is normally operative in liquid as well as 
solid alloys,° is apparently negligible as anticipated 
from the nearly equal sizes of the silver and gold 
atoms. Thus the silver-gold interatomic bonding 
mechanism appears to be little affected by melting 
of the crystal lattice. 

By providing a means of direct comparison of the 
properties of solid and liquid alloys, thermal anal- 
ysis is particularly promising as a technique for 
further study of the theory of alloying in the liquid 
state. The relaxation in the free energy of misfit, 
A(AF), is calculable from precise measurements 
of the liquidus-solidus gap if free-energy data are 
available for either the solid or liquid phase. By 
suitable modification of the apparatus to permit 
quantitative thermal analysis (e.g., by Schofield’s 
method’’) A(A #) may be measured by calibrating 
the apparatus against the pure components. A(AS) 
can then be computed from 


A(AS) = A(A A(A F) 


[14] 


thus defining all thermodynamic characteristics of 
the transition of solid solution alloys from the solid 
to the liquid state. 
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Fig. 3—The aa, function for liquid Ag-Au alloys at 
1350°K. The solid line represents Eq. [4]. @ — present 


results, calculated by Eqs. [11] and [12]. ®—Wagner and 
Engelhardt. —Oriani.® 
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The Activities of Iron and Nickel in Liquid Fe-Ni 


Alloys 


The activities of iron and nickel in liquid Fe-Ni alloys were 


determined by measuring the vapor pressures of iron and nickel 
above the alloys and comparing with the vapor pressures of the 
pure metals. Nickel was found to deviate negatively from Raoult’s 


G. R. Zellars 
S. L. Payne 


law over the entire composition range. Iron behaves ideally down 


to 0.7 mole fraction but shows negative deviations at lower con- 


J. P. Morris 


centrations. At 1600°C_ the activity coefficients at infinite dilu- 


tion are 0.40 for iron and 0.66 for nickel. 


Tue formulation of the conditions of chemical equi- 
librium between liquid metals and gases or slags is 
an important application of thermodynamics to pro- 
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cess metallurgy. Usually the metal and slag phases 
are solutions of several components; and for accur- 
ate calculations, it is often necessary to use the 
activities of the components in place of their con- 
centrations. Data concerning activities, however, are 
quite meager. The evaluation of the activities of 
iron and nickel, presented in this paper, is part of 

a project to determine activities in iron alloys at 
elevated temperatures. 
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Fig. 1—Arrangement of crucible, gas tubes, and radiation 
shields. 


One method for determining the activity of a com- 
ponent of a solution is to compare its vapor pres- 
sure over the solution with the vapor pressure of the 
pure component. Activity and vapor pressure are 
related as follows: 


where a;, y, and N, are the activity, activity coef- 
ficient, and mole fraction of the i: component, re- 
spectively, p, is its partial pressure over the solu- 
tion, and p?is the vapor pressure of the pure com- 
ponent at the same temperature. Ideal gas behavior 
is assumed for the vapor. 

Morris and Zellars’ determined the activity of 
copper in liquid iron-copper alloys by measuring 
the vapor pressure of copper over the alloys and 
pure copper. The activity of iron was calculated 
from that of copper. In this investigation the partial 
pressures of both alloy constituents were measured. 
The vapor pressures of pure iron and pure nickel 
were reported in an earlier work.” 

Previous determinations of activities in iron- 
nickel alloys have been reported only for the solid 
solutions at 600 to 900°C. Kubaschewski and 
von Goldbeck*® measured the activity of iron by 
equilibrating pure iron and iron-nickel alloys con- 
taining up to 70 pct Ni with H2O— Hz gas mixtures. 
They reported nearly ideal behavior for iron. 

Using a similar method, Oriani* also found nearly 
ideal behavior for iron in the iron-rich alloys. The 
formation of magnetite, rather than wiistite, as the 
oxide phase prevented the investigation of alloys 
containing more than 50 pct nickel. This finding 
casts doubt on the results of Kubaschewski and 
von Goldbeck for the nickel-rich alloys. 

Jander and Senf® have investigated the equilibrium 
between liquid iron-nickel alloys and liquid iron 


oxide-nickel oxide slags at 1560° to 1790°C. Although 


their results are in accordance with the law of mass 
action over a wide range of metal composition, the 
temperature dependence of the equilibrium constant 
does not check with thermochemical data. This dis- 
crepancy indicates deviations from ideal behavior. 
The results of this investigation agree with those 
of Kubaschewski and von Goldbeck and Oriani in that 
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iron is nearly ideal in the iron-rich solutions. How- 
ever, in the dilute solutions both iron and nickel 
\were found to deviate negatively from Raoult’s law. 


EXPERIMENTAL METHOD 


The vapor pressure measurements were carried 
out in a molybdenum-wire-wound tube furnace. Fig. 1 
shows the arrangement of crucible, gas tubes, and 
radiation shields within the furnace. The metal 
charge weighed 50 to 56 g. The crucible and other 
refractory parts were made of high-purity, recrystal- 
lized alumina. 

The procedure was as follows: An inert gas, usu- 
ally helium, was introduced through the small-bore 
tube at a rate of 600 to 700 ml per min, the stream 
of gas impinging on the metal surface. Tests have 
proved that the gas becomes saturated with metal 
vapors when introduced in this manner.” The satu- 
rated gas was sampled by withdrawing a measured 
volume, usually about 1 cu ft, through the large-bore 
alumina tube. The metal vapors in the sample con- 
densed as droplets on the inner walls of the tube, as 
shown in photograph in Fig. 2. The weights of iron 
and nickel in the condensate were determined by 
chemical analysis. 

The partial pressures of nickel and iron in the 
sample of gas were calculated according to the equa- 
tion: 

Pn, 
where /P; is the partial pressure of nickel or iron, 
Pis the total pressure within the crucible, and 71, 
N2, and m3 are the number of moles of each metal 
and carrier gas, respectively. 

Temperatures were measured with a calibrated 
optical pyrometer sighted through a hole in the 


Fig. 2—Nickel metal condensed from vapor on inside wall 
of alumina sampling tube. Diameter of droplets ranges 
from 12 to 27 
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Fig. 3—Vapor pressure of nickel above liquid Fe-Ni 
alloys. 


lower radiation shield. A curve relating pyrometer 
reading to actual temperature with the crucible 
was determined from freezing-point measurements 
of high-purity iron and nickel. The uncertainty in 
temperature measurement was 1 or 2 deg at the 
calibration points to an estimated 3 or 4 deg at 
1630°C. 

Accurate control of temperature was obtained by 
controlling the temperature of a pilot furnace of very 
low heat capacity connected in parallel to the power 
supply of the working furnace. After the working 
furnace had attained thermal equilibrium, its tem- 
perature remained constant to +0.5°C. Constancy 
of temperature during a test was followed with a 
radiation pyrometer sighted on the lower radiation 
shield. 


CHEMICAL ANALYSIS 
The iron and nickel deposits were dissolved from 
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Fig. 4—Vapor pressure of iron above liquid Fe-Ni alloys. 


the condensation tubes by repeated washings with a 
hot hydrochloric-nitric acid mixture. In most of 
the analyses iron was separated from nickel by 
double precipitation with excess ammonia. In some 
tests only one metal was determined, the analysis 
being made without separation. 

The determinations were made colorimetrically 
with a Beckman Model DU spectrophotometer. Iron 
was complexed with o-phenanthroline, and the ab- 
sorbance of the solution was measured at 510 mu. 
Nickel was ‘complexed with dimethylgloxime in the 
presence of iodine and the absorbance measured at 
a wavelength of 530mu. Blanks were carried through 
all steps of the analytical procedure. 

The alloys were accurately made on a weight basis 
from premelted electrolytic iron and nickel. Since the 
change in weight of the melt during aseries of determi- 
nations on each alloy was very small (about 90 mg), 
no chemical analyses on the melts were necessary. 
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Fig. 5—Activities of iron and nickel in Fe-Ni alloys at 
1600°C. 


ACTIVITIES OF NICKEL AND IRON AT 1600°C. 


Figs. 3 and 4 present the experimental data as 
straight-line plots of log p vs 1/T for each alloy. 
The lines shown for pure nickel and iron were de- 
termined in previous work’ and have the following 
equations: 


+ 9.689 [3] 
[4] 


(nickel) 


108 Pm =21,080 


+ 9.147 


-19,460 
(iron) 


log Dinm 


With data from Figs. 3 and 4 and using Eq. [1], 
activities for iron and nickel were calculated, the 


iron, taken from curves in Fig. 5, are listed in 
Table I. Down to a mole fraction of about 0.7, iron 
behaves ideally; but at lower concentrations, it 
deviates negatively from Raoult’s law. Nickel exhibits. 
negative deviation over the entire composition range. 


EFFECT OF TEMPERATURE ON ACTIVITY 


The departure of an alloy line from parallelism 
with the pure metal line in Figs. 3 or 4 is a measure 
of the temperature dependency of the activity. How- 
ever, because of the short temperature range, the 
precision of the data is not sufficient to indicate a 
definite temperature effect, except in the dilute solu- 
tions. Thus, at Ny; = 0.1 the activity coefficient of 
nickel decreases from 0.67 at 1600°C_ to about 0.65 
at 1560°C. This change is equivalent to a partial 
molar heat of mixing of about —5000 calories per 
mole of Ni. The accuracy of this value may not be 
high; however, the sign is significant in that exo- 
thermic heats of mixing generally accompany nega- 
tive deviations from ideal behavior. A similar tem- 
perature effect may be noted for iron. 


ACTIVITY OF IRON AT 1594°C FROM EQUI- 
LIBRIUM DATA 


Activities in metallic solutions may be derived 
from chemical equilibria involving one of the com- 
ponents when the activities of the other reacting sub- 
stances are known. Data are available for calculat- 
ing the activity of iron in iron-nickel alloys by this 
method. 

Consider the reaction for the solution of ferrous 
oxide in liquid iron® 


FeO(1) = Fe(J) + [0]; AF°= 28,900 —12.51T [5] 


When the metal phase is an alloy of iron, the ac- 
tivity of iron may be expressed as follows: 


reference states being the pure liquid metals. A [6] 
plot of the activity values at 1600°C vs mole frac- 
tion is shown in Fig. 5. A smooth curve was drawn ‘é S 


through the nickel points. The curve shown for iron 
was derived from the nickel curve by applying the 
Gibbs-Duhem relation, using graphic integration. 
Close agreement of the calculated curve for iron with 
the experimental points shows that the data for iron 
are consistent with those for nickel. 

Activities and activity coefficients for nickel and 


Here K is the equilibrium constant of reaction [5], do 
is the activity of oxygen in the alloy referred to the 
infinitely dilute solution of oxygen in pure iron as 
the standard state, f,is the activity coefficient of 
oxygen, [% Ojis the oxygen content of the alloy at satu- 
ration, and @,,, is the activity of ferrous oxide in 

the oxide phase. 


Table |. Activities and Activity Coefficients of Nickel and Iron in Fe-Ni Alloys at 1600°C 


Mole Activity 


Activity Activity Activity 

Fraction of Coefficient of Coefficient 
of Nickel Nickel of Nickel Iron of Iron 

1.0 1.000 1.000 - 0.40 

0.9 0.890 0.989 0.048 0. 

0.8 0.766 0.957 0.116 0.580 

0.7 0.620 0.886 0.210 0.700 

0.6 0.485 0.808 0.339 0.847 

0.5 0.374 0.748 0.466 0.932 

0.4 0.283 0.707 0.586 0.977 

0.3 0. 207 0.692 0.692 0.988 

0.2 0. 136 0.680 0.797 0.996 

OE 0.067 0.670 0.899 0.999 

0.0 - 0.660 (Extra- 1.000 1.000 

polated) 
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Table Il. Activity of Iron at 1594°C Calculated from Equilibrium Data 


Oxygen in 
Mole Fraction Mole Fraction Metal at Activity Activity Activity 
of Iron of Iron Oxide Saturation, Coefficient of Iron of Iron (This 
in Metal in Slag* Pct of Oxygen Calculated Investigation) 
0.761 0.894 0.204 
0.264 0.868 0. 167 0:17 
0.104 0.811 0.158 19.8 0.058 0.050 
0.052 0.734 0. 163 28.3 0.036 0.023 


36 pct MgO assumed in slag. 


Solubility and activity coefficients of oxygen in 
liquid iron-nickel alloys at 1594°C have been 
measured by Wriedt and Chipman.” ® Values for 
oxygen solubility were taken from the studies in 
magnesia crucibles. 

To evaluate the activity of FeO at 1594°C, data of 
Jander and Senf° were used. They found that the 
oxide phase was principally FeO; therefore, it was 
assumed that mole fraction of FeO could be sub- 
stituted for activity without appreciable error. A 
correction, however, is necessary for the MgO con- 
tent of the slag. Wriedt and Chipman reported that 
their slags contained 2 to 4 pct MgO. With much 
smaller melts, Jander and Senf found 7 to 10 pct 
MgO in most of their slags. For the present calcu- 
lations 6 pct MgO is assumed. 

Using Eqs.[5] and [6] and the experimental data 
from the sources mentioned, activity values for 
iron were calculated at the four alloy compositions 


studied by Wriedt and Chipman in their determina- 
tion of £,. The data and results of the calculation 
are given in Table II. The calculated values for the 
activity of iron agree well with the experimental 
values and confirm the negative deviations found 
for iron in nickel-rich alloys. 
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lron-Nickel Solutions 


The activities of nickel in liquid iron-nickel solutions con- 
taining from 10 to 90 at. pct Ni were measured over the temper- 
ature range 1510° to 1600°C. A special function was devised 
whereby activities can be computed by a graphical integration 
using the results of chemical analyses on the vapor phase alone. 
The liquid solutions studied exhibit negative deviation from 
Raoult’s law, but they approach ideality as the temperature is 


vaised from 1510° to 1600°C. The maximum heat of solution is 
less than -8.0 kcal per mole. The entropy of solution is less 
than —2.5 kcal per mole deg at 1510°C, and changes negligibly 
as the temperature is raised. The liquid iron-nickel solutions 


do not follow regular solution behavior. 


Tue activities of the components of a liquid alloy 
system can be determined in favorable cases from 
the partial pressure of the vapor in equilibrium with 
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the liquid alloy.’ Assuming that the vapor over the 
alloy behaves as an ideal gas, the activity of compo- 
nent zis given by the expression, 


1 
[1] 


where the superscripts J, v, and o signify the liquid, 

the vapor, and the pure component, respectively; the 

f’s are the fugacities, and the P’s, the pressures. 
The quantities P,; and P; can be determined by the 
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Knudsen effusion method: P;, by the rate of effusion 
at constant temperature of component 7 effusing 
from the Knudsen cell containing the alloy solution, 
and P,, from the rate of effusion of the pure sub- 
stance 7 vaporized at the same temperature. How- 
ever, it is difficult to obtain the absolute pressures 
with high enough precision and accuracy by this 
method. It is shown in the Appendix that one need 
not determine the absolute pressures, but only the 
composition of the vapor in equilibrium with the 
solution at various compositions across the phase 
diagram. These data, when properly plotted, can 
then be used to compute (by graphical integration), 
the activity at any composition. 

The method (as it is applied to the liquid iron- 
nickel alloy system), is based upon the following 
relation (see Appendix for development): 


= 
l 
N 
[= F 
In | — Ny; [2] 
Fe 
= 


where the N’s are the mole fractions. 

It is evident from Eq. [2] that only the ratio of 
the constituents in the vapor is essential and nof the 
absolute amounts. This greatly simplifies the ex- 
perimental procedure because difficulties often en- 
countered in high-temperature research, such as 
creep of the liquid phase through the orifice leading 
to uncertain effective orifice areas, do not vitiate 
the experiment. Moreover, the geometry of the cell 
and target are no longer critical, since a determina- 
tion of the absolute amounts of vapor condensed on 
the target is not required. Thus, this modification 
of the Knudsen method inherently possesses a higher 
internal consistency than the Knudsen method as 
customarily employed.’ 

Heretofore, no activity measurements have been 
reported in the literature on liquid iron-nickel so- 
lutions. Several investigators have studied the be- 
havior of solid iron-nickel solutions. Kubaschewski 
and von Goldbeck’ equilibrated iron-nickel alloys, 
which ranged in composition from 0 to 69 at. pct Ni, 
with H,-H,O mixtures at temperatures of 1000° and 
1200°K. They assumed almost ideal behavior al- 
though the activity coefficients varied between 0.938 
and 1.040; the heat of solution was small and nega- 
tive. Oriani,* employing the same type of equilibra- 
tion technique with alloys containing from 7 to 40 at. 
pct Ni at temperatures in the range 700° to 900°C, 
also found nearly ideal behavior. At 840°C the ac- 
tivity coefficients were slightly greater than 1, the 
entropies of mixing slightly greater than the ideal 
entropies, and the heats of mixing small and posi- 
tive. Hollomon and Turnbull* confirmed the previ- 
ous findings. They studied a series of alloys 
ranging from 0 to 40.5 at. pct Ni and found that the 
activity coefficients of iron at 842°C was very 
nearly unity over the entire range. Jette and Foote° 
used X-rays to measure the densities of y Fe-Ni 
alloys. They found volume changes upon forming 
the alloys, which suggested a deviation from ideal 
solid solutions, 

Sauerwald and Fleischer® made an interesting 
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observation when they mixed liquid iron and nickel 
at 1530°C. They noticed a temperature rise which 
corresponded to a AH” = ~420 cal. The mixing 
was decidedly more exothermic than the formation 
of the y Fe-Ni alloys. 


EXPERIMENTAL PROCEDURE 


The apparatus consists of a water-cooled Pyrex 
vacuum cell in which the sample is heated by ra- 
diation from a susceptor energized by an external 
induction coil whose power is supplied by a 20-kw, 
450-kc Westinghouse r.f. generator. A vaporization 
chamber, Fig. 1, liquid nitrogen trap, Mc Leod 
vacuum gauge, Princeton two-stage mercury dif- 
fusion pump, and a Duo-Seal fore pump make up 
the complete vacuum system. Temperatures as 
high as 1800°C and pressures as low as 1 x 107° 
mm Hg are readily obtainable. 

The sample is contained in an impervious alumina 
crucible, which is heated by radiation from a tanta- 
lum susceptor. An impervious alumina lid rests on 
top of the crucible. A 7/1s-in. diam hole in the lid 
enables a Leeds and Northrup disappearing-filament 
optical pyrometer to be sighted into the cavity which 
is effectively a hohlraum, so that corrections for 
the emissivity of the sample are unnecessary. The 
pyrometer was calibrated at the National Bureau of 
Standards. The corrections for the Pyrex sighting 
glass and a glass prism intervening between the 
sample and the pyrometer were determined in this 
laboratory. A second optical pyrometer is sighted 
continuously on the susceptor, in order to anticipate 
temperature changes in the sample. The impedance 
in the r.f. circuit is adjusted manually. Thus, the 
temperature of the sample has to be measured only 
at 15-min intervals, thereby reducing the amount of 
vapor deposited upon the Pyrex sighting glass, and 
minimizing the corrections necessary for the re- 


Pyrex Sighting Glass 


Shutter 
Ground Glass Joint 


To Vacuum 
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Water Outlet 


1 Tantalum Susceptor 
21 Turn 
Heating Coil 
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Water Inlet 


Fig. 1—Pyrex 
vaporization 
chamber. 
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Table |. Spectrographic and Chemical Analyses of Iron and Nickel 


Ele Analysis 

ment Fe Ni Rod Ni Powder 
Cc 0.003 pct 0.014 pet 
O 0.0012 pct 
N <0.00008 pct 
H 0.000016 pct 
S 40 ppm 
P 7 ppm NF 
Al 20 ppm NF** VST*** 
Sb <10 ppm ND* NF NF 
As <10 ppm ND NF 
Be < 5 ppm ND 
B < 5 ppm VST 
Ca 1 ppm 2 ppm VST 
Cd <50 ppm ND NF 
Pt NF 
Gr 10 ppm NF 
Co 40 ppm 0.0018 pct 
Cu 8 ppm 2 ppm 0.009 pct 
Ga <50 ppm ND F 
Pb 1 ppm NF NF 
Mg 2 ppm 1 ppm VST 
Mn 4 ppm NF 
Mo 20 ppm NF NF 
Ni 10 ppm 
Si 5 ppm 10 ppm VST 
Sn <10 ppm ND NF NF 
W 2 ppm NF NF 
V 2 ppm NF NF 
Fe 20 ppm VST 
Ag 1 ppm NF 
Au NF 
Bi NF 
Ge NF 
Hg NF 
In NF 
K NF NF 
Li NF NF 
Rb NF 
Te NF 
NF NF 
Ti NF 
Zn NF NF 
Zr NF NF 
Na NF 


*Not detected. Detection limits are given. 
¥***VST = very slight trace. 
**NF = none found. 


duction in transmission of the observation window. 
Between temperature readings, the sighting glass is 
protected by a magnetically operated shutter. 

High-purity iron in the form of 1-lb ingots was 
obtained from the Battelle Memorial Institute.” 
Johnson, Matthey and Co., and International Nickel 
Co. supplied high-purity nickel rod and powder, 
respectively. The compositions of the iron and 
nickel are given in Table I, 

Nine iron-nickel alloys were prepared, which 
ranged in composition from 10 to 90 at. pct Ni, in 
increments of 10 at. pct Ni. A tenth alloy contained 
0.04 at. pct Ni. Each sample weighed about 12 g and 
was premelted in an alumina crucible before being 
used in a run. 

The average duration of a run was 2 hr, which 
was about ten times as long as it took for the sam- 
ple to reach final temperature. Temperature was 
maintained within +5°C. The vapor was condensed 
on the wall of the Pyrex cell, and after the run, the 
condensate was dissolved in a mixture of 1 part 
nitric acid, 1 part hydrochloric acid, 2 parts dis- 
tilled water, and subsequently analyzed gravimet- 
rically for iron and nickel. The iron was precip- 
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itated as ferric hydroxide by ammonium hydroxide 
and weighed as ferric oxide. The nickel was pre- 
cipitated as nickel dimenthylglyoxime and weighed 
in this form after drying. The condensates ranged 
in weight from 5 to 150 mg, Table II, A 1.4-mg 
correction for silica pickup from the glassware was 
applied to all iron determinations. Each alloy com- 
position, except the 0.04 Ny, , was evaporated at at 
least three different temperatures above its liquidus. 


EXPERIMENTAL RESULTS 


The experimental results are presented in 
Table II, Columns 8 and 9 of the table give the re- 
sults of the chemical analyses as the atom fraction 
of iron in the vapor (N : ) and the atom fraction of 
nickel in the vapor iN. , respectively. The next 
two columns show the same quantities (N 7, and 
Nwi ) after they have been corrected for the differ- 
ence in their rate of effusion due to the differences 
in the molecular weight of iron and nickel (Graham’s 
law correction). 

For any given composition, Nf, varies with tem- 
perature. The nature of the variation is shown for 
all iron-nickel compositions studied in Fig. 2. A 
regular tendency for the slopes of the individual 
curves to decrease with a decrease in ee is ob- 
served. The Ny; = 0.90 curve is drawn through 
only two of four points so that its slope is less than 
the slopes of the other lines. The chemical analysis 
of the two points not falling on the line (not shown) 
are suspect. : 

Values of NZ, were read from the curves in 
Fig. 2 at three different temperatures, 1510°, 1550°, 
and 1600°C, and the corresponding values of Ny; 
determined by taking differences from unity. Plots 
of the quantity Np. /Np.Nni VS Ny; at 1510° and 
1600°C are shown in Figs. 3 and 4, respectively. 

The nickel activities (a ce which refer to a 
standard state of pure liquid nickel, were computed 
by determining the areas under the curves of 
Nb. VS Nui, see Eq. [2]. The activities are 
shown as a function of composition Ny; in Fig. 5. 
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Fig. 2—Plot of NZ, vs 1/T (°K). 
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Table Il. Analytical Data for Computing Activities of Nickel in Liquid lron-Nickel Solutions 


Total Wt 
Corrected Wt Wt Ni in Fe+Ni in Corrected Corrected 
Tempe- Fe in Con- Condensate, Condensate, v v 
Run rature, °C Nee densate, G G NFe Ny» Ee 
85 1513 0.10 0.90 0.04875 0.00071 0.04946 0.986 0.014 0.014 0.986 
36 1530 0.0212 0.000875 0.022075 0.962 0.038 0.039 0.961 
84 1578 0.09817 0.00 1764 0.099934 0.983 0.017 0.017 0.983 
62 1546 0. 20 0.80 0.04364 0.002071 0.045711 0.957 0.043 0.044 0.956 
40 1549 0.00737 0.000475 0.007845 0.942 0.058 0.059 0.941 
42 1618 0.0172 0.00101 0.018210 0.947 0.053 0.054 0.946 
80 1470 0.30 0.70 0.02271 0.002294 0.025004 0.912 0.088 0.090 0.910 
79 1516 0.0526 0.00513 0.057730 0.915 0.085 0.087 0.913 
64 1599 0.0925 0.00828 0.100780 0.921 0.079 0.080 0.920 
27 1481 0.40 0.60 0.0169 0.00293 0.019830 0.858 0.142 0.145 0.855 
25 1551 0.02005 0.00404 0.024090 0.839 0.161 0.164 0.836 
86 1562 0.05645 0.008323 0.064773 0.877 0.123 0.126 0.874 
78 1458 0.50 0.50 0.00823 0.002270 0.010500 0.792 0.208 0.212 0.788 
77 1553 0.04721 0.01084 0.058050 0.821 0.179 0.183 0.817 
58 1622 0.05912 0.0185 0.077620 0.771 0.229 0.234 0.766 
32 1481 0.60 0.40 0.00401 0.0019 0.0059 10 0.689 0.311 0.316 0.684 
33 1549 0.0138 0.00516 0.018960 0.738 0.262 0.267 0.733 
82 1589 0.07969 0.03910 0.118790 0.682 0.318 0.324 0.676 
74 1452 0.70 0.30 0.00276 0.00357 0.006330 0.449 0.551 0.557 0.443 
75 1515 0.00724 0.00771 0.014950 0.497 0.503 0.510 0.490 
54 1563 0.02019 0.02066 0.040850 0.507 0.493 0.500 0.500 
73 1462 0.80 0.20 0.00164 0.0071 9.008740 0.195 0.805 0.808 0.192 
76 1524 0.00514 0.01409 0.019230 0.277 0.723 0.728 0.272 
47 1590 0.0106 0.03067 0.041270 0.266 0.734 0.738 0.262 
48 1592 0.00745 0.02564 0.033090 0.234 0.766 0.771 0.229 
83 1460 0.90 0.10 0.00157 0.0083839 0.009954 0.164 0.836 0.839 0.161 
72 1461 0.00 108 0.00882 0.009900 0.114 0.886 0.889 0.111 
52 1551 0.00031 0.0 1666 0.016970 0.019 0.981 0.981 0.019 
mp 1644 0.00339 0.05002 0.053410 0.066 0.934 0.935 0.065 
70 1560 0.04 0.96 0.1513 0.001888 0.153188 0.988 0.012 0.012 0.988 
Nickel activities computed from a plot of 
60 - Ni. /Ne.Ny; VS Ny, at 1550°C are almost identical 
Ni, =0.10 ISIO'C. with the activity values at 1510°C. All nickel ac- 
| tivities include the Graham’s law correction. It 
can be shown that 
50 
v v 
NNi Ni 
N 
In ayj = C d Ny; 
40 Fe** Ni 
N. 
> Ni 1 
2 
30 
2 30 | 
Mi 5.0.10 1600°C. 
2 
20 20 
2 = 
2 
fe) 3 fe) 
3 
4 
ce NE 6 9 
te 8 7 
O 0.2 0.4 ; 0.8 1.0 (@) 0.2 0.4 0.6 0.8 1.0 
Nwi Nwi 


Fig. 3—Plot of NYS NNi at 1510°C. 
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Fig. 4—Plot of at 1600°C. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


0.8 


0.6 


0 0.2 0.4 0.6 0.8 1.0 
| 
Nwi 
Fig. 5—Plots of at 1510° and 1600°C. 


where the prime (') is used to denote the corrected 
activity, and c is the ratio of the square roots of the 
molecular weights of nickel and iron 


/M,. 
c= = 1,025 
MFe 


The iron-nickel system exhibits negative deviation 
from Raoult’s law in the temperature range 1510° to 
1600°C. Ideality is approached as the temperature 
is raised from 1510° to 1600°C. At 1510°C, the ac- 
tivity coefficient t Ohi ) increases from 0.50 (Ni, 
= 0.10) to 0. 99 (Ni. = 0.90), At 1600° C, it increases 
from 0.70 = 0-10) to 0.99 (Nf; = 0.90). 

The Gibbs-Duhem equation in the form 


1 
Nyi d In yni + Nre dN yre = 0 


was used to calculate Yee (although Eq. [2] could 


have been used as well). Graphical pebepnalions 
were performed upon the plots of Ny; /NE. vs 

-In a at 1510° and 1600°C to obtain In y The 
abscissa (-In yi ) of such a plot is of cour se finite 
at the pure iron end where 


The results of the integrations are shown in the al. o 
vs Nes curves of Fig. 6. When these are compared 
to the activity curves of Fig. 5, it is seen that the 
departure from ideality is greater at the Henry’s 
law end in the case of iron, but also ideality is ap- 
proached more rapidly than in the case of oe 
Thus, at 1510°C, the coefficient, 
increases from 0. 29 (N 0.10) to 1. 00 (NA, = 
0.90), and at 1600°C, ae 0.42 (Nike = 0.10) to 
0.99 (NE = 0.60). 

Herein probably lies the reason why earlier in- 
vestigators,” * who always studied alloys containing 
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more than 31 at. pct Fe, concluded that solid solu- 
tions of iron and pickel ‘behave ideally, 

Zellars et al.,*° have recently determined the 
activities of iron and nickel in liquid iron-nickel 
solutions at 1600°C. These authors measured the 
partial vapor pressures of iron and nickel above the 
solutions by means of the transpiration method. The 
activities they found are nearly all identical with the 
values just cited. Thus they confirm the interesting 
observations that iron behaves almost ideally down 
to 


= 0.60 


and that the activity coefficient of iron is much 
lower than that of nickel (0.40 vs 0.66) at infinite 
dilution, to which they extrapolated. i 

A knowledge of the nickel activities (a4; ) and of 
the iron activities (a) at two different tempera- 
tures (1510° and 1600°C) is sufficient to compute 
the mean heat of solution, AH”, over the tempera- 
ture range, 1510° to 1600°C, and the entropies of 


mixing, AS” , at 1510° and 1600°C. The mean heat 
of solution is the slope of a plot of AF™”/T (°K) vs 
1/T (°K), where AF is determined by the nickel 
and iron activities from the relation: 

= RT(NE, In aj.) 


In af, + 


The entropy of solution is then 


as" R(Nge In af, + In ay; ) 
The results of computing AH” and AS” are tabu- 
lated in Table III and plotted in Fig. 7. 

The mean heat of solution over the temperature 
range 1510° to 1600°C is negative and rises to a 
maximum of 7.8 kcal per mole at Nj; = 0.6. This 


is more than the value found by Sauerwald and 


1.0 


0.8 


0.2 


Fig. 6—Plots of a!,,vs Ni, at 1510° and 1600°C. 
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Table Ill. Free Energy, Heat, and Entropy of Solution at 1510°C and 1600°C 


M 
AFM AF (15 10°C), 
ay; a’ e (1510°C), aN; (1600 °C), AH™ Cal Cal per pet 
N (15 10°C) (1510°C) CalperMole (1600°C) (1600° C) Cal per Mole per Mole Mole Deg lole Deg 
0.000 0.000 
0 0 1.00 = 0.00 1.00 = 0 : bes 
0.67 0.69 -2710 -4900 -1.168 169 
0.57 “3217 0.28 0.59 -3074 -6000 -1.561 -1.562 
0.8 0.32 0.45 0.37 0.48 -3216 -7800 -2.447 -2.447 
0.6 0.32 3462 0.46 0.36 -3257 -7500 -2..265 -2.265 
0-7 0.86 0.23 -3019 6800 -2.017 -2.019 
0.8 0.76 0.07 661 0:76 0.11 2457 6700 -2, 265 -2..265 
0.9 0.89 0.03 -1616 0.89 0.04 - 1589 -2100 
1.0 1.00 0.00 1.00 0.00 0 
heats of solution are obtained which are of the order 
aH™ 4 of —0.5 kcal per mole. 
ie s The self-consistency of the data was checked by 
~ computing four points on the log P? (atm) vs 1/T(°K) 
3 nN curve for pure nickel and iron. The computations 
£ 6000 vai 3 were performed using the relation’ 
M 
= P; 1 N; WwW 2a RT 
i £ where P. represents the partial vapor pressure of 
; ° 8 nickel or iron above the liquid solution (atm); w 
the weight loss from the modified Knudsen cell 
. 
. o M, the molecular weight of the condensate 
. = N’M.(g); A, the orifice area in the 
\8)s A, 
0 i=Ni,Fe 
alumina lid (sq cm); K, a correction factor for the 
finite depth (1) of the orifice (radius = a) 
1+ 0.41/a 
= the time of the run 
ag isec)s R, the gas constant (ergs per °K mole); and 
and Ne. have the significance already noted 
0.2 0.4 06 0.8 one assumption, which was necessitated by 
n! the loose-fitting alumina covers, was made. This 
Ni 


Fig. 7—Plots of AH”, asM and asMid vs Ni. 


Fleischer *® (—420 cal per mole) when they mixed 
nickel and iron at 1530°C. The entropy of solution 
remains essentially constant as the temperature is 
raised from 1510° to 1600°C. The ideal entropy 
(AS #4) is included in Fig. 7 for comparison. 

The activity data are not in accord with regular 
solution theory. An attempt to fit the data of 
Kubaschewski and von Goldbeck’ on solid solutions 
of iron and nickel at 1000° and 1200°K failed also. 
If ideal entropies are substituted in the relation, 


AH” = AF” 4 Tas, id 
along with the AF” values given in Table III, then 


was that only 95 pct of the vapor had effused through 
the orifices in the covers. For temperatures be- 
tween 1510° and 1600°C, the activities, a!’, were 
obtained by interpolating. For temperatures below 
1510°C, the activity values at 1510°C were used. 
These as well as other data entering into the com- 
putations are given in Tables IV and V. 

Plots of log P? (atm) vs 1/T (°K) for iron and 
nickel are shown in Fig. 8. For comparison, 
similar plots obtained from the data of Zellars 
et al.,® are shown also. The agreement between the 
two sets of data is excellent, both of Zellars’ curves 
falling within the experimental error (+15 pct) of 
the present authors. The vapor pressures of liquid 
nickel as computed from Johnston’s and Marshall’s® 
data on solid nickel (applicable from 1200° to 


Table IV. Data for Computing Vapor Pressure of Pure Nickel 


Weight of Effective Molec PN 
l Temp, Effusate, Time, Weight, Area, Py iv I! ' Atm 
Run Ny; °K Gm Sec Gm Sq Cm Atm x 10° ay; N AP x 10° 
74 0.70 1725 0.0081 7268 57.43 0. 1986 2.033 0.56 0.557 3.630 
73 0.80 1735 0.0108 8594 58.14 0.1735 3.941 0.76 0.808 5. 186 
75 0.70 1788 0.0174 6518 57.30 0. 1986 4.689 0.56 0.510 8.373 
77 0.50 1826 0.0614 6812 $6.37 0.2082 5.420 0.34 0.183 15.94 


190-VOLUME 215, APRIL 1959 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Table V. Data for Computing Vapor Pressure of Pure lron 


Run Nie °K Atm x 10° “Fe iat 10° 

74 0.30 1725 1.617 0.19 8.511 

73 0.20 1735 0.937 0.07 13.39 

75 0.30 1788 4.506 0.19 23.72 

77 0.50 1826 24.19 0.46 52.10 
1600°K), are about 150 pct of the values herein re- Nv 
ported. On the other hand, the vapor pressures of Se eae [A6] 
liquid iron which were computed from the data of ; 
Edwards et al.,” on y iron are lower by about 25 Substituting Eq. [A6] into Eq. [A4], 
pet. Johnston and Marshall, and Edwards et al., Nn 
used the Langmuir method in their work. NidinP +Ni din— P =0 [A7] 

1 1 2 N 1 
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N3 
APPENDIX [A9] 
1 

-Consider a binary liquid alloy system in equilib- l ] 
rium with its vapor. The Gibbs-Duhem relation for since N+ N,=1 
the liquid phase is anally, 

S'aT — V'dP, + Nidu,+Nidu, =0, [A1] NY [A10] 
2 

where S! is the entropy per mole of the solution, ? 
V ‘is the volume per mole of the solution, is the 
total vapor pressure over the solution, and dy, Nee N° 
= RTd In @, is the change in chemical potential of Las ; 

The total vapor pressure, P7, will change as the In a, = In Po J Ne din N, [A11] 
composition of the solution is changed. However, eee 


for the solutions considered in this research, P, is 
extremely small; consequently the term, VaP,, 
can be safely set to zero. At constant temperature, 
Eq. [A1] can then be written* as 


N! 


=N!idina’?+ Nidina’=0 [A2] 


*It is assumed that both iron and nickel are monatomic in the vapor 
phase. Wessel’ has shown that this is true in the case of iron. 


= Boy 


since, at equilibrium, p/ 


1(2) 
Assuming 


Puy 
P02) 


we have 

Ni =0 
Now 

PA NEP 

Clearly, 
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oy 


‘2 
-4.55 


log P, (Atm) 


-5.0 4 


(1) This Research 
(2) Zellars et al. 


-5.5 T T T 
5.2 53 5.4 5.5 5.6 : 5.7 5.8 


x 104 
T(°K) 


Fig. 8—Plot of log P? (atm) vs 1/7(°K) for nickel and iron. 
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© 
[A3] 
2 Very 


It should be noted that only the composition of the 
vapor phase and the liquid phase at several alloy 
compositions are required to determine the activity 
graphically—determination of the actual partial 
pressures and the pressures of the pure components 
are not necessary as long as enough data for an ac- 
curate extrapolation of the integrand to the pure 
component are available. 
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The Lanthanum-Carbon System 


From thermal, metallographic, X-ray, dilatometric, and elec- 


trical resistance data a phase diagram is proposed for the La-C 


system. Two compounds are formed, body-centered-cubic Laz C3 
having a large range of solid solubility, and body-centered-tetrago- 
nal LaC2. The former melts incongruently at 1415°C, and at 25°C 
it has an electrical resistivity about two and one-half times that of 
pure lanthanum. The latter melts congruently at 2356°C and at 
room temperature has an electrical resistivity about equal to that 
of pure lanthanum. The addition of carbon to La lowers the melt- 
ing point of La about 115°C, raises the higher ( B-y) transforma- 
tion about 10° C and appears to have no effect on the lower ( a-B) 
transformation. The addition of carbon appears to lower the 


oxygen content in the metal and improve the machinability; how- 
ever, the tendency to oxidize is increased. Two eutectics are 
formed in the system. The first occurs at 2.2 pct C and melts at 


F. H. Spedding 
K. Gschneidner, Jr. 


806°C, while the second occurs between LaC2 and C with a melt- 


ing point of 2271°C. 


Perrersson,! in 1895, was the first to prepare 
lanthanum dicarbide by heating the oxide with carbon 
in an electric furnace. He showed that this yellow, 
crystalline but brittle carbide had a formula corre- 
sponding to LaCz2 and that it reacted with water with 
the evolution of hydrogen and hydrocarbons and the 
formation of the hydrated oxide. Von Stackelberg’s” 
investigation of the crystal structure of the MCz2 
carbides showed that the lanthanum dicarbide is of 
the tetragonal calcium dicarbide-type structure. He 
found the lattice parameters were a = 3.92 andc 
= 6.56.* Bredig,* using X-ray methods, showed that 
*The “a” lattice constant given by von Stackelberg was converted 
from a face-centered-tetragonal lattice to a body-centered-tetragonal 
lattice so it would conform with the space group in the /nternational 
Tables for X-Ray Crystallography, vol. 1 (@yct= 0.7071 ag). Both 


lattice constants were converted from kX units to Angstrom units 
(1kX = 1.00202A). 
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Research, is presently at Los Alamos Scientific Laboratory, Los 
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the room-temperature form of lanthanum dicarbide 
is stable up to 1750°C and that above this tempera- 
ture it transforms to a face-centered-cubic struc- 
ture, a = 6.0 + 0.1A, probably of the pyrite, FeSz type. 
The reported discovery of two new cerium carbides, 
suggested that a corresponding face-centered-cubic 
lanthanum monocarbide and a body-centered-cubic 
lanthanum sesquicarbide might exist. 

This paper describes work on the lanthanum- 
carbon system which is part of a study of the rare 
earth metals and their alloys now in progress in this 
laboratory. 


EXPERIMENTAL PROCEDURE 


Source of Materials— The lanthanum metal was 
prepared at the Ames Laboratory by metallothermic 
reduction of the fluoride with calcium metal.® The 
results of spectrographic and chemical analysis in- 
dicated the presence of 0.01 pct Y, Al, Cu, Fe, and 
Si; 0.02 pet Ca and Mg; 230 ppm C; and 115 ppm N. 
The carbon used was of two types: 1) ‘National 


_ Special Graphite Spectroscopic Electrodes,’’ and 
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2) high-purity Acheson graphite, ATZ. The analysis 
of the Acheson material showed only the presence of 
less than 0.01 pct Ca, Mg, and Si. 

Chemical Analysis— Two different methods were 
used for determining combined carbon in the La-C 
alloys. The low-carbon alloys (up to 1.5 pct C) were 
analyzed by igniting the alloy by induction heating in 
a stream of oxygen and collecting the resulting COz; 
values obtained by this procedure, called method L 
were accurate to within 20 pct of the figure reported. 
Method II was used to analyze alloys containing more 
than 1.5 pet C and consisted of igniting the weighed 
alloy in air at 850° to 900°C. From the weight of the 
resulting oxide, LazO;, the amount of lanthanum in 
the alloy may be calculated directly, and the amount 
of carbon is obtained by difference. By comparison 
with ‘‘as prepared’’ carbon contents, this method was 
accurate to within + 0.05 pct C for samples contain- 
ing greater than 1.5 pct C. Experience has shown 
these two methods to give the greatest accuracy for 
the particular composition ranges in which they were 
used, and to give good agreement on duplicate sam- 
ples of alloys containing between 1 and 2 pct C. 

The free carbon content in alloys was determined 
by essentially the same method as used in determin- 
ing carbon in iron or steel.© The amount of com- 
bined carbon was found by subtracting the free car- 
bon from the total carbon content. In five alloys (all 
containing more than 15 pct C and in which the free 
carbon weighed between 0.01 and 0.05 g) the maxi- 
mum_amount of combined carbon was 14.43 pct C, 
compared to the theoretical composition of LaC2 of 
14.75 pct C, indicating that LaC2 does not have the 
stoichiometric amount of carbon. 

Preparation of Alloys— The alloys were prepared 
by arc melting weighed amounts of massive lantha- 
num (30 to 50 g) and carbon (1 to 10 g) in an atmos- 
phere of purified helium or argon. For alloys below 
6 to 7 pct C the samples were inverted and remelted 
several times to insure complete homogeneity of the 
alloys. For alloys containing more than 6 to 7 pct C, 
the samples, after being inverted and remelted, were 
removed from the furnace, crushed into chunks about 
1 cm along an edge, returned to the furnace, and re- 
melted. This procedure was repeated until no pieces 
of carbon were seen on the freshly broken surfaces. 
Spectroscopic analysis indicated that no impurities 
were picked up in preparing these alloys by arc 
melting. 

Thermal Data—Since the melting points of various 
La-C alloys ranged from 800° to 2350°C, several 
different techniques were used to obtain the liquidus 
and solidus temperatures. The thermal analyses of 
La-C alloys containing less than 7 pct C were car- 
ried out in vacuo (less than 1 x 10-° mm Hg), using 
a calibrated chromel-alumel thermocouple to mea- 
sure the temperatures. Heating and cooling rates 
were between 1.5° and 2.0°C per min. Heating 
curves were taken after the alloys were annealed at 
810° to 830°C for 3 to 4 hr. 

The liquidus points were determined by the diffu- 
sion and saturation method. This procedure in- 
volves heating La metal at a given temperature 
above its melting point in a graphite crucible. This 
temperature is maintained for a length of time suf- 
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ficient to permit carbon to saturate the La metal. 
The carbon content of the center of the billet repre- 
sents the liquidus composition for that temperature. 
Because graphite is quite porous to La metal the 
carbon crucible (1/2 in. high, 3/8 in. diam with 

1/16 in. walls) had to be placed inside a Ta crucible 
to retain the La. After the samples were equili- 
brated at the desired temperature, the power to the 
furnace was turned off, and the samples were essen- 
tially quenched because of the small heat capacity of 
the furnace. Several attempts were made to obtain 
some liquidus points about 2000°C, but in each case 
the La and C reacted quite violently and most of the 
metal was ejected out of the crucible. This was true 
whether or not the alloy was heated rapidly or slowly. 
Using La-C alloys instead of pure La, the same 
phenomenon was observed. This may have been due 
to the oxide coating on the alloy. 

The solidus points were obtained using a modified 
version of Pirani and Alterthum’s method;’ instead 
of using the sample as the heater, the specimen was 
heated by the Ta tube furnace for melting points up 
to 2000°C, and above 2000°C the samples were 
heated by an induction furnace. A small hole 20 to 
30 mils in diameter was drilled in the specimens 
with a 20-mil tungsten wire by use of an ultrasonic 
drill. The hole depth was at least five times the 


2356". LIQUID +C 
2271° 4 


LIQUID 
+ 


€-LaCo 
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TEMPERATURE °C 


8-LaC 2 +C 
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~ 
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400} 310°\ 
0 2 4 6 8 10 2 14 16 18 20 22 24 


Wt. %C 
Fig. 1—The lanthanum-carbon equilibrium diagram. 
x Pirani and Alterthums method. A Equilibrium-diffusion 
method. © Cooling and heating curves. @ Quantitative 
microscopic method. 
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T T T T T T T T the microstructure. Before microscopic examina- 
1000r i tion of alloys containing more than 5 pct C, the 
specimens were generally covered with a low- 
viscosity oil to prevent air oxidation. 

A quantitative microscopic method was used to 
determine the phase boundary of the La-rich side of 
LIQUID the LazCs3 by the point-count method® on three dif- 

+La,Cy | ferent alloys at each temperature. 

X-Ray Analysis—Since the La-C alloys are quite 
unstable in air, X-ray samples were prepared by 


950 


900 
Bty— 

850}864"! 
B-La , + B-Loa 


806° 
filing or crushing the specimens in an inert atmos- 
/ i phere and loading the powder into glass capillary 
tubes before sealing them shut. Back-reflection 


samples of the alloy were prepared by sealing the 
5 powdered samples between two layers of cellophane 
tape. X-ray patterns were taken without annealing 
500+ Bate eae 4 the filed samples. If the back-reflection lines were 
a diffuse the samples were then annealed at 400° + 
25°C for 20 to 100 hr before a second pattern was 
taken to obtain precise lattice parameters. 
310° A 114.59-mm diam Debye-Scherrer camera was 
pout ; used for the structure determinations, and a 120-mm 
diam symmetrical-focusing back-reflection camera 
2007 a-La +LajC3 7 was used for determining the lattice constants. The 
lattice parameters for the cubic materials were 
determined by either the Bradley and or the 
Nelson and Riley*® extrapolation method. The lattice 
n 1 1 4 n constants for the tetragonal LaC2 were calculated by 


00 1.2 24 28 32 36 Cohen’s least-squares method. 11 


Fig. 2—The lanthanum-carbon equilibrium diagram at low RESULTS AND DISCUSSION 
carbon compositions. 


TEMPERATURE 


: "Ue The equilibrium phase diagram of the La-C system 
hole diameter, so that black-body conditions were as constructed from thermal, metallographic, X-ray, 


assured. Heating rates of approximately 8°C per dilatometric, and electrical resistance data is shown 
min were used for heating alloys below 2000°C and 


rates of 15°C per min for heating alloys above 

2000°C. The temperature at which the first forma- 

tion of liquid occurred, as indicated by a change in 

emissivity due to the liquid filling the hole, was 

chosen as the melting point. Since the optical Fig. 3—0.14 pet C, 
pyrometer was sighted through a glass window, a quenched from 


sight glass correction was applied using the equation: 775°, etched with 

5 pet nital. X200. 

Reduced approxi- 

1 aK mately 12 pct for 
Tobs. Die reproduction. 


The constant was determined using metals with 
known melting points, including silver, copper, and 
nickel. 

Quenching Techniques—Samples to be quenched 
were suspended in a resistance furnace in the upper 
end of a long vertical quartz tube, while the lower 
2 in. of the tube contained silicone diffusion pump 
oil as a quenching medium. The entire quenching 
procedure was carried out in a vacuum. 

Metallography—Since all La-C alloys (as well as 
pure lanthanum) tarnish when the usual wet-polish- 


-Fig. 4—0.30 pct C, 
quenched from 
775°, etched with 


ing procedures are used, the samples were polished 5 pet nital. X200. 4& 
using conventional metallographic techniques except Reduced approxi- A : 
that carbon tetrachloride or absolute alcohol was mately 12 petfor & ) 
used as the coolant. Low-carbon alloys (below 2 or reproduction. e 


3 pet C) were etched using either 5 pct nital solution 
or a solution of 15 pct concentrated nitric acid in 
glacial acetic acid, while alloys containing more 
than 2 to 3 pct C did not require an etchant to reveal 
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in Fig. 1. The details of the system at low carbon 
compositions are shown in Fig. 2. 

An attempt was made to determine the solubility of 
carbon in lanthanum at several temperatures by 
X-ray techniques, but the results were so erratic no 
conclusions could be drawn. The approximate con- 
centration of carbon in solid lanthanum at various 
temperatures was determined by quenching several 
low-carbon alloys. Examination of the photomicro- 
graphs shown in Figs. 3 and 4 indicates that at 775°C 
the solid solubility limit lies between 0.14 and 0.30 
pet C, and from similar type photomicrographs the 
solid solubility limit appears to be slightly less than 
0.14 pet C at 695°C. 

The lower transition in lanthanum (a-f8) does not 
give an appreciable thermal arrest on either heating 
or cooling curves, but Barson and coworkers at this 
laboratory have shown that this lower transition can 


= 

Fig. 6—1.4 pet C, 
liquid state, etched 4 


with 5 pct nital. 
X200. Reduced 
approximately 12 
pet for reproduc- 
tion. 


easily be observed by dilatometric measurements. ” 


The thermal expansion of a 3 pct C-97 pct La alloy 
and lanthanum containing 0.02 pct C* are shown in 
*This alloy will be referred to as “pure lanthanum.” 


Fig. 5. Only the heating curves are shown, but it is 
apparent that the transition begins at 310°+ 5°C for 
both the alloy and pure lanthanum. Barson and co- 
workers found that the transition temperature of 
lanthanum on cooling is lowered and the B to a 
transformation appears to be quite sluggish.” 

The eutectic temperature of 806°+ 2°C was ob- 
tained as a mean value from seven determinations, 


where + 2°C is the probable error. Two photomicro- 


graphs showing the La-LazC3 eutectic are given in 


Figs. 6 and 7. The former shows the lanthanum side 


of the eutectic, while the latter is near the eutectic 
composition. By plotting the length of the thermal 
arrest vs composition, the eutectic composition 


(2.2 pet C) established by metallographic and thermal 
methods was confirmed and the solid solubility limit 


of carbon in lanthanum was found to be 0.30 + 0.05 
pct C at the eutectic temperature. The §-y transi- 
tion in pure lanthanum shows a small amount of 
hysteresis, occurring at 864°C on heating ana at 
866°C on cooling; the addition of carbon raises this 
transition temperature about 10°C, to 875°C. 

The results from quantitative microscopic analy- 
ses of alloys containing between 6.3 and 9.4 pct C 
quenched from 800° and 1000°C indicated that the 
percentage of carbon in the La2Cs phase at the 
lanthanum-rich end is 9.20 + 0.23 and 10.32 + 0.46 
pet C, respectively. Typical photomicrographs of 


T T T T 
4 
: 
97 % La 3%C— 
as 
I- 100 % La 
l 
(rere) 200 300 400 500 
TEMP °C 


Fig. 5—Thermal expansion of pure lanthanum and a 3 pct 
C — 97 pct La alloy. 
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Fig. 7—2.0 pet C, 
furnace cooled, 
etched with 5 pct 
nital. X100. Re- 
duced approxi- 
mately 12 pct for 
reproduction. 


Fig. 8—7.33 pet C, 
quenched from 
800°, used in areal | 
analysis, unetched; 
dark area — La- 
La,C3 eutectic, 
light area — LapC3. 
X200. Reduced 
approximately 12 
pet for reproduc- 
tion. 


some quenched alloys from which quantitative micro- 
scopic measurements were made are shown in 
Figs. 8 and 9; the photomicrograph in Fig. 10 shows 
an alloy quenched from 850°C. In Fig. 9, the dark 
spots in the primary phase are material that was 
liquid and was present at the annealing temperature 
because of the decrease in solubility of lanthanum in 
LazC3 with increasing temperature, Fig. 1. Since 
these liquid pockets did not have sufficient time to 
diffuse to the secondary phase during annealing, 
they were frozen in the primary phase on quenching. 
The peritectic temperature of LazCs is 1415°C 
with an error of + 3°C, which includes the probable 
error for four determinations and the uncertainty in 
applying the temperature correction factor. Figs. 
11 and 12 show to some extent the peritectic reaction 
(liquid + 6 - LaC2 ~ LazCs) in a 10.5 and a 12.9 pct C 


VOLUME 215, APRIL 1959-195 


Fig. 9—7.62 pct C, 
quenched from 
1000°, used in 
areal analysis, 
unetched; dark 
area — La-La,Cz 
eutectic, light 
area — La,C3. 
X200. Reduced 
approximately 12 
pet for reproduc- 
tion. 


Fig. 11—10.5 pct 
C, cooled from 
1600° to 1375° at 
5 to 8°C per min, 
furnace cooled 
from 1375° to 25°. 
(See text for ex- 
planation.) X200. 
Reduced approxi- 
mately 12 pet for 
reproduction. 


alloy, respectively. The former specimen was cooled 
from 1600° to 1375°C at a rate of 5 to 8°C per min 
and then furnace cooled to room temperature, while 
the latter was furnace cooled from 1695 to 25°C. The 
light area in the primary phase is LaCz which did not 
have sufficient time to react with the liquid to form 
LazC3. The gray area in both the primary and secon- 
dary phases is LazC3, while the dark area in the 
secondary phase is the La-LazCs3 eutectic. 

The solid solubility limits of LazCs3 at room tem- 


Fig. 10—9.4 pet C, 
quenched from 
850°, unetched; 
dark area — La- 
La3C3 eutectic, 
light area — LagC3. 
X200. Reduced 
approximately 12 
pet for reproduc- 
tion 


Fig. 12—12.9 pet 
C, furnace cooled 
from 1695° to 25° 
(See text for ex- 

planation.) X200. 

Reduced approxi- 
mately 12 pct for 
reproduction. 


perature were obtained by a plot of ‘‘ao’’ versus the 
carbon concentration, Fig. 13. The lattice constants 
LazC3 in the two-phase regions above and below this 
compound are reported as weighted averages. The 
weights were assigned from the standard error of 
each individual determination. The slope of the line 
through the points in the one-phase region was de- 
termined by a least-squares treatment. The solid 
solubility limits are 9.98 and 11.58 pct C (56.2 to 60.2 
at. pct). The theoretical composition is 11.48 pct C. 


T T = T 


U1.58%C] 


T T 


8.8i80}- I 


Qo 
88100}- 


8.8080 


998%C 


THEORETICAL COMPOSITION 
OF IS 1.48%C 


8.8185+ 0.0004 


Fig. 13—Variation of the lattice param- 
eter of lanthanum sesquicarbide with the 
carbon concentration at room tempera- 

ture. 
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8.8034 
+0.0004 
8.8020 
8.8010 


Fig. 14—12.6 pct 
C, quenched from 
1400 + 25°. (See 
text for explana- 
tion.) X500. Re- 
duced approxi- 
mately 12 pct 
for reproduc- 
tion. 


Fig. 16—20 pct C, 
as arc-melted 
(quenched); dark 
area —C, light 
area — LaCy. 
X200. Reduced 
approximately 12 
pet for reproduc- 
tion. 


Figs. 14 and 15 show two alloys of compositions 
between 12 and 14 pct C. Fig. 14 indicates the ex- 
istence of two phases at 1400° + 25°C in an alloy con- 
taining 12.6 pct C. On quenching, the LazCs3 precipi- 
tated out of the LaCz phase, indicating a decrease of 
solubility of LazC3 in LaCz. The black area in the 
grain boundary is La-Laz2Cs3 eutectic, and the gray 
material between the black area and the primary 
phase is LazC3. The photomicrograph shown in Fig. 
15 indicates a one-phase region of LaCz at 1385 + 
25°C and 13.5 pet, from which Laz2Cz3 has precipi- 
tated on furnace cooling. 

Four measurements showed the LaC2-C eutectic 
temperature to be 2271° + 15°C; the LaC2-C eutectic 
is shown in Fig. 16. The melting point of LaC2, 
2356° + 25°C, was obtained by extrapolation of the 
observed melting points of alloys near the theoreti- 
cal composition, Fig. 17. The above limits of error 
include an uncertainty of + 10°C in applying the 
temperature correction factor. 

Examination of several alloys around the LaCz 
composition showed that the lattice parameters vary 
slightly with composition, as given in Table I, with a, 
being more sensitive to the carbon concentration than 
Co. The above data, and the fact that the maximum 
amount of combined carbon in these alloys was found 
to be 14.43 pet C (LaC2 = 14.75 pct C), indicate that 
the range of solid solubility of carbon in this com- 
pound at room temperature is quite small, probably 
about 0.2 or 0.3 pct C. 

The final values reported for the lattice parame- 
ters of LaCz were the averages of these three results, 
i.@., Ao = 3.934 + 0.002 and co= 6.572 + 0.001A. 
Carbon analyses and thermal and X-ray data have 
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Fig. 15—13.5 pct 
C, furnace cooled 
after annealing at 
1385 + 25°, dark 
area (ppt.) — 
La,C3, light area — 
LaCg. X200. Re- 
duced approxi- 
mately 12 pct for 


reproduction. 
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2400+ 
2380+ 
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Fig. 17—The melting points of alloys near the lanthanum 
dicarbide composition. 


been considered in indicating in Fig. 1 that LaC2 
contains less than the stoichiometric amount of car- 
bon at room temperature but reaches the dicarbide 
composition at higher temperatures. A more detailed 
crystallographic study of these carbides, in which the 
carbon positions were established by neutron diffrac- 
tion, is described in a paper from this laboratory by 
Atoji, et al. 3 A crystallographic investigation of the 
other rare earth-carbon systems, performed in this 
laboratory, indicated that only the Ce-, Pr-, and 
Nd-C systems are analogous to the La-C system, 
while the other rare earths and yttrium form three 


Table |. The Lattice Parameters of LaCz at Various Compositions 


Lattice Constants 


Carbon Standard Standard 
Content, Error Error 
Pct (A) x 104 (A) x 104 
13.89 3.9322 5 6.5716 8 
14.23 3.9342 22 6.5715 36 
14.61 3.9373 9 6.5722 21 


VOLUME 215, APRIL 1959-197 


| | 
Wh 
4, 
4. 


50 T T T T T 


35 ! 


COOUNG 


HEATING 
30 


RESISTANCE 


(ARBITRARY UNITS) 


ELECTRICAL 


1700 1750 1800 1850 1900 1950 


TEMPERATURE(T 


Fig. 18—High-temperature electrical resistance of lan- 
thanum dicarbide. 


00 1650 


carbide phases instead of two as in the La-C 
system. 

Electrical-resistance methods were used to verify 
the high-temperature transformation in LaC2 re- 
ported by Bredig.* The description of the apparatus 
and method has been given by Chiotti.” Fig. 18 
shows the transition to occur at 1800°C with an un- 
certainty of 100°C due to the temperature gradient 
along the sample and the lack of black-body condi- 
tions. This result agrees with the transition tem- 
perature reported by Bredig, 1750°C. 


MISCELLANEOUS PROPERTIES 


Electrical Resistivity— The electrical resistivities 
of LazC3 and LaC2 were measured at 25° + 5°C by the 
DC potentiometric method and were found to be 
144 x 10°° and 68 x 10°° ohm-cm, respectively. The 
error in measuring the cross-sectional area, length 
and voltage drop is estimated to give an uncertainty 
of + 15 pct to the value reported for LazCs3 and + 
17 pet for LaCz. 

Oxidation of Some La-C Alloys—In air at room 
temperature the rate of oxidation of lanthanum alloys 


Table Il. Rockwell Hardness of Some La-C Alloys 


6.0 %C- 94.0% La 


3.0 
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Fig. 19—Rate of oxidation of La and some La-C alloys 
in air at room temperature. 
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containing carbon increases with the carbon content; 
this point is well illustrated in Fig. 19. The La-C 
alloys react with the water vapor in air to form 
hydro-carbons (primarily acetylene) and the hydrated 
lanthanum oxide. 

Hardness Measurements and Mechanical Proper- 
ties—The hardness measurements of some furnace 
cooled and quenched La-C alloys are given in Table II. 
In both cases there is a rapid increase up to about 
0.1 pct C, with a much slower increase above this 
concentration. This sudden increase in hardness is 
probably due to precipitation hardening. Several 
attempts were made to measure the hardness of the 
two lanthanum carbides, but these alloys were so 
brittle that they shattered when the load was applied. 

Pure lanthanum and La-C alloys containing less 
than 0.2 pct C are soft and tend to gum up saw blades 
and files, much like pure lead. The higher carbon- 
content alloys machine, file, and saw about the same 
as ordinary brass; however, alloys containing more 
than 5 pet C are quite pyrophoric, behaving very 
much like pure cerium. 

Effect of Carbon on the Oxygen Content— The 
oxygen content of several La-C alloys was deter- 
mined by a spectroscopic method.** The results, 


Fumace Cooled Quenched Table’ Ill. Oxygen Content in Some La-C Alloys 
Carbon Carbon 
Content, Content, Carbon Content, Oxygen Content, 
Pet Ry Hardness Pct Ry Hardness Pet Ppm 
0.09 0 0.02 1000 
0.28 45.8 0.02 55 0.09 490 
0.52 48.2 0.14 80 0.48 390 
0.72 59.3 0.30 82 0.72 493 
1.83 65.9 0.51 91 1.35 445 
3.09 77.1 1.10 97 3.09 840 
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which are consistent with one another within + 10 pet ducting the high-temperature i 

of the value reported, are shown in Table III. The is 
actual oxygen content may be in error as much as C. E. Habermann, F. A. Smidt, and G. F Wakefield 
+ 50 pct of the value reported. However, these data who supplied some of the lanthanum metal used in 
show that the oxygen content is lowered ‘by about one- this research. 

half by the addition of even a small amount of carbon. 

This residual oxygen content appears to remain ap- 

proximately constant up to 1.5 pct C, but at 3.1 pct REFERENCES 


the oxygen content has increased to nearly the 28, 
vo. p. 


Sag in pure lanthanum. This increase is believed eee Stackelberg: Zeitschrift fur Piseheaiente Chemie, 1930, vol. 89, 

P- 
ue to oxygen pick up on the surface while these 5M. A. Bredig: ORNL-1260, 1953, p. 106. 
alloys were exposed to air while transferring the a yb and O. Krikorian: Journal, Electrochemical Society, 1956, vol. 
Samples from the dry box in which they were pre- aE. H. Spedding and A. H. Daane: Journal of Metals, 1954, vol. 6, p. 504 
pared to the vacuum chamber containing the arc D. 
source of the spectrograph. - Fe Pirani and H. Alterthum: Labenchrift fiir Elektrochemie., 1923, vol. 29, 

&R. T. Howard and M. Cohen: AJME Trans., 1947, vol. 172, p. 413. 
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The Antimony-Uranium Alloy System 


The uranium -antimony system has been investigated by metal- 
lographic, thermal, and X-ray methods. There are four intermediate 
phases present: USbz and U;Sb4 which undergo peritectic decompo- 
sition at 1355° and 1695°C, respectively, and USb and U4Sb3 which 
melt congruently at 1850° and 1800°C, respectively. There is a 
eutectic between U,Sb3 and USb which melts at 1770°C. USb2, U3Sba, 
and USb are line compounds while U,Sb3 has a solubility range of 
approximately 1.5 at. pct at 1770°C. Single crystal studies of the 
compound U,Sb3 show it to have a hexagonal unit cell with ay = 
9.268A and Co = 6. 201A. The solubility of uranium in liquid anti- 


mony increases from 0.1 at. pct at 650°C to 1.5 at. pct at 900°C. B. J. Beaudry 
The solubility of antimony in a, B, and y uranium is approximately 
0.02, 0.1, and 0.05 at. pct respectively. . A. H. Daane 


In nuclear reactors, uranium has been used mainly vide information for such purposes, and in addition, 
in the form of solid-fuel elements of the pure-metal to study the uranium-antimony system as a whole. 
or uranium-rich alloys. However, in attempts to A preliminary literature search showed that some 
overcome some of the difficulties inherent in solid- work had been done previously on uranium-antimony 
fueled reactors, reactor concepts have been proposed alloys, but no attempts had been made to make a 

in which the fuel would be a liquid metal, such as a complete study of this system. The solubility of 


solution of uranium in another metal. The liquid- uranium, in antimony was studied by Cammack and 
metal fueled reactor (LMFR) designed by the Brook- Bridger’ up to 950°C and by Hayes and Gordon® up to 
haven National Laboratory of the U.S. Atomic 900°C. Their data are plotted in Fig. 1. Ferro,* in 
Energy Commission is an example. Fuelfor this re- an X-ray structure study of some uranium-antimony 
actor is a solution of approximately 800 ppm en- compounds, found USbz to be tetragonal with dy = 
riched uranium in bismuth.’ To design such liquid- 4. 272A and Cy = 8. 471A, UsSb, to be b.c.c. with @5= 
fueled reactors, a background of information on the 9. 095A and USb to be f.c.c. with a) = 6. 191A. 
solubility of uranium in various metals is obviously Colani® ° reported the compound U3Sbs; however, 


necessary. The present study was undertaken to pro- work by Ferro and by this Laboratory showed that 
B. J. BEAUDRY and A. H. DAANE are associated with Institute for this compound does not exist. Foote’ reported 


Atomic Research and Department of Chemistry, lowa State College, several intermediate phases in the uranium- ~antimony 
Ames, lowa. system, but did not identify them. Greninger® re- 
Manuscript submitted March 17, 1958. IMD. ported finding an intermediate phase in a 5 at. pct Sb 
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alloy and a eutectic in the grain boundaries of a 0.5 
at. pct Sb alloy. 

In the present investigation thermal, metallogra- 
phic, and X-ray methods were used to determine the 
phase boundaries. 


EXPERIMENTAL PROCEDURES 


A) Materials—The uranium used in this investiga- 
tion was high-purity reactor grade with 400 ppm C and 
200 ppm Fe being the major impurities. The antimony 
used was ‘‘ultra’’ pure antimony (99.99 pct) from A. D. 
Mackay Inc. with the following major impurities: As = 
10 ppm, Cu = 2 ppm, Fe = 30 ppm, and Pb = 2 ppm. 

B) Preparation of Alloys—The preparation of 
uranium-antimony alloys was complicated by three 
factors, the high vapor pressure of antimony, the 
high melting point of the intermetallic compounds 
formed, and the corrosive nature of antimony and 
uranium toward crucible materials at high tempera- 
tures. Several different methods and crucibles were 
used in preparing these alloys. To prepare alloys 
containing from 0 to 18 at. pct Sb, freshly cleaned 
uranium turnings were placed over granular antimony 
in a MgO crucible, heated by induction to 1500°C un- 
der one atmosphere of argon, allowed to equilibrate, 
and then furnace cooled. Alloys from 18 to 58 at. pct 
Sb were made by placing a disk of uranium over 
antimony granules in an arc-melting furnace, striking 
an arc on the uranium and maintaining it at as low an 
amperage as possible until the uranium started melt- 
ing. When the uranium became melted, an exothermic 
reaction occurred which caused the temperature to 
rise and the reaction to proceed spontaneously for a 


200-—VOLUME 215, APRIL 1959 


short time. Under a higher amperage arc, the sample 
was melted to about three-fourths of its depth, and 
was then inverted and-remelted several times to in- 
sure homogeneity. Loss of antimony by distillation 
occurred during arc melting, but from ‘‘before’’ and 
‘‘after’’ weights, the final composition was deter- 
mined. The compositions thus determined were used 
throughout this investigation, since chemical analysis 
of these alloys was extremely difficult and gave erra- 
tic results. The assumption that all the weight lost 
during preparation consisted of antimony was justi- 
fied, since an X-ray fluorescence analysis of the 
volatilized residue in the arc-melting furnace showed 
negligible amounts of uranium present. 

Alloys in the range 58 to 70 at. pct Sb were found 
to severely attack containers which had been used in 
other studies of this type, including crucibles con- 
structed of graphite, molybdenum, tantalum, colum- 
bium, beryllia, and magnesia. However, it was found 
that suitable crucibles could be obtained by packing 
tantalum crucibles with graphite and heating them to 
2000°C in vacuo to form a protective tantalum-car- 
bide layer. In order to prevent distillation of anti- 
mony during the preparation of these alloys, a lid 
was welded in place under a helium atmosphere after 
placing the desired quantity of material in the car- 
bided crucible. The crucible was then heated to 
1650°C, held at this temperature to permit equilibra- 
tion of the contents, and then furnace cooled. 
Graphite or carbided tantalum crucibles proved sat- 
isfactory for the preparation of alloys from 70 to 100 
at. pct Sb; the two pure metals were placed in the 
crucibles and heated by induction to 1400°C under one 
atmosphere of argon and allowed to furnace cool. 
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Fig. 2—Schematic diagram of the furnace used for thermal 
analysis. 


C) Examination of Alloys—1) Thermal Methods-— 
The solidus and transformation temperatures between 
0 and 37 at. pct Sb were established by thermal analy- 
sis using a chromel-alumel thermocouple. Approxi- 
mately 100 g of sample were placed in a MgO crucible 
with the thermocouple encased in a thin-walled MgO 
protection tube in the center of the alloy. For alloys 
between 18 and 37 at. pct Sb which were prepared by 
arc melting, a hole was drilled in an arc-melt button 
and the thermocouple placed in this hole. A general 
cooling rate of 3°C per min was obtained by the dif- 
ferential control method described by Smith’ which 
maintained a constant temperature difference between 
the furnace and sample. A maximum temperature of 
1180°C was used for thermal analysis of alloys be- 
tween 0 and 37 at. pct Sb. 

A Pt-Pt 13 pct Rh thermocouple was used for 
thermal analysis of alloys from 58 to 100 at. pct Sb. 
Sealed carbided tantalum crucibles were used for 
these alloys to prevent loss of antimony during 
thermal analysis. In this range a maximum tempera- 
ture of 1400°C was attained and a heating and cooling 
rate of 4°C per min was used. 

The furnace used for thermal analysis was a split- 
tube, graphite resistance furnace shown schematically 
in Fig. 2. The particular thermocouple arrangement 
shown in the schematic diagram was the arrangement 
used for carbided tantalum crucibles. When MgO 
crucibles were used, the thermocouple which mea- 
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sured the temperature of the sample was placed in 
the melt from the top due to the difficulty of fabricat- 
ing MgO crucibles with bottom thermocouple wells. 
This furnace was operated in either a vacuum or an 
inert gas atmosphere and could easily reach 1800°C 
under these conditions. A step-down transformer 
supplied approximately 2 1/4 kw of power at 10 v to 
achieve the highest temperature. 

Since the melting points and solidus lines between 
37 and 58 at. pct Sb were too high to be established 
using conventional thermocouples, a melting-point 
bar technique similar to that described by Williams’ 
was employed. Samples 1/4 by 1/4 by 1 1/4 in. were 
cut from arc-melted samples and a small hole drilled 
in a necked-down portion in the middle. While heat- 
ing the sample by its own resistance, temperature 
readings were taken with an optical pyrometer by 
sighting on the bottom of the hole. The solidus tem- 
perature was taken as the temperature at which 
liquid first appeared in the hole. In order to mini- 
mize errors due to absorption of radiation by anti- 
mony vapors, a fine stream of helium was directed 
across the top of the hole parallel with the surface. 
Appropriate corrections were made for the absorp- 
tion of radiation by the sight glass. 

2) Metallographic Methods—Standard polishing 
techniques were used in the preparation of samples 
for microscopic examination, except that CCl. or 
kerosene was used as a lubricant in all stages of the 
polishing procedure to prevent oxidation of the 
pyrophoric intermetallic phases. Air etching was 
sufficient to identify the various phases present, but 
some alloys were etched electrolytically such as that 
shown in Fig. 3 

3) X-Ray Methods—X-ray methods were used to 
show the presence of the four intermediate phases 
in the system, one of which had not previously been 
reported in the literature. Powder patterns were 
taken of alloys from the middle of each of the five 
composition ranges which contained two phases at 
room temperature. The samples were filed and 
sealed in pyrex capillaries under an inert atmos- 
phere, and annealed at 400°C to remove the stresses 
induced by filing. The powder patterns were taken on 
a 114.6 mm diam Debye-Scherer camera 

Single crystals taken from the shrinkage cavities 
of arc-melted samples were used to identify the 
hexagonal phase—U.,Sb3. In order to prevent oxi- 


0 


Fig. 3—2.7 at. pet ex 
Sb. Slowly cooled. 


Crystals of 


in the form of 
hollow hexagonal 
rods ina matrix 
of uranium. 
Slightly etched 
electrolytically 
with solution of 
97.5 pet H,O, 2.0 
pet citric acid, 
and 0.5 pet HNO3. 
X200. Reduced 
approximately 
25 pet for repro- 
duction. 
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dation, the crystals were coated with a clear plastic 
spray. 


RESULTS AND DISCUSSION 


The results of thermal, metallographic, and X-ray 
methods were used to construct the phase diagram 
shown in Fig. 1. The alloys in the central portion of 
this system are not as pyrophoric as those in the 
uranium-tin, uranium-bismuth, or the uranium-lead 
systems, but will decompose on standing in air. 
From observations of the decomposition rate of 
alloys close to the composition of the compounds, the 
relative order of stability of the compounds toward 
oxidation was found to be USbz > USb > U4Sbs3 > UsSb.4. 
As would be expected, these alloys are brittle, with 
the antimony-rich alloys being the most brittle. 

A) Thermal Results—The a to 8 transformation of 
uranium as shown on the diagram, Fig. 1, is the 
average of the arrests observed on heating and cool- 
ing. Pure uranium was found to transform at 668° + 
3°C on heating and 657° + 3°C on cooling; while the 
alloys were found to transform at 675° + 3°C on heat- 
ing and 650° + 3°C on cooling. The f to y transfor- 
mation occurred at 780°C on both heating and cooling, 
as compared to the value of 772°C for pure uranium. 
The larger hysteresis in the a-f transformation, and 
the increase in the B- y transformation temperature 
are undoubtedly due to the solubility of antimony in 
uranium. The solubility of antimony in a, f, and y 
uranium was studied by metallographic examination 
of low-antimony alloys which were annealed and 
quenched from 620°, 730°, and 825°C, and was found 
to be approximately 0.02, 0.10, and 0.05 at. pct Sb, 
respectively. 

The liquidus rises at low antimony concentrations 
without evidence of the eutectic that had been sug- 
gested in some earlier work. Although theoretically 
this eutectic or a peritectic must exist, the altering 
of the melting point of uranium was not noted by the 
thermal-analysis method used. Metallographic ex- 
amination also failed to reveal any eutectic or 
peritectic structure in low-antimony alloys. 

The thermal analysis of antimony-rich alloys (58 to 
100 at. pct Sb) was carried out with the alloys in 
sealed crucibles. Liquidus temperatures were ob- 
tained for alloys between 68.8 and 100 at. pct Sb, but 
since the liquidus between 58 and 68.8 at. pct Sb is 
above the maximum temperature attained during 


| Fig. 4—22.5 at. pet. 
Sb. As arc-cast. 

_ Primary U,Sb3 
; in uranium (both 
gray and black 
crystals are 
U,Sbs) . Air etched. 
X200. Reduced 
approximately 25 
pet for reproduction. 
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thermal analysis, the liquidus in this range as 
sketched on the diagram has no experimental basis. 
The melting point of antimony was not observed to 

be changed by the addition of uranium and, as on the . 
uranium-rich side, the liquidus rises without evi- 
dence of a eutectic. The isothermal arrests noted in 
alloys between 57.3 and 68 at. pct Sb at 1355°C as 
shown on the diagram, show that USbz decomposes 
peritectically. 

The high vapor pressure of antimony made diffi- 
cult the optical pryometric measurement of tem- 
peratures in the central portion of the diagram, but 
the thermal data obtained by the melting-point bar 
technique appeared consistent with metallographic 
evidence. The temperature of the eutectic horizontal 
between UsSbs3 and USb was placed at 1770° + 25°C by 
taking the average of all the readings obtained. The 
melting point of USb (1850° + 25°C) was obtained by 
the melting-point bar technique and also by noting the 
temperature at which a sample of USb melted when 
heated under near black-body conditions. 

The peritectic horizontal for U3Sb4, which was al- 
so obtained by the melting-point bar technique, was 
observed in data on alloys containing between 50 and 
53 at. pct antimony. Alloys with higher concentra- 
tions of antimony were too brittle to allow fabrication 
of melting point bars. 

B) Metallographic Results— At low concentrations 
of antimony, it was noted that the hexagonal phase 
U.4Sbs crystallized in the molten alloy in the form of 
hollow hexagonal rods, see Fig. 3. At higher anti- 
mony concentrations, the hollow nature of these 
crystals was not as pronounced, see Fig. 4. The dif- 
ferent colors of the UsSbs in Fig. 4 are due to the 
anisotropic nature of this phase. The stoichiometry 
U.Sbs (42.9 at. pct Sb) was indicated for this com- 
pound since a 42.3 at. pct Sb alloy, see Fig. 5, con- 
tained some uranium and a 43.2 at. pct Sb alloy, see 
Fig. 6, contained a small amount of the U.Sb3- USb 
eutectic. The composition of the UsSbs3-USb eutectic 
was established by areal analysis of several alloys 
in this region. 

As shown on the phase diagram, Fig. 1, a solubility 
range was postulated for the compound U.Sbs, since 
metallographic examination of a 44.8 at. pct Sb alloy 
annealed at 1650°C for 1/2 hr and furnace cooled, 
showed a precipitate of USb within the primary U.Sbs3 
phase. The precipitate was shown to be USb by the 
relative intensity of the USb pattern in X-ray dif- 


Fig. 5—42.3 at, 
pet Sb. As arc- 
cast. Sample 
polished approxi- 
mately perpen- 
dicular to the *c” 
axis of U,Sbs with 
uranium surround- 
ing the crystals. 
Air etched. X200. 
Reduced approxi- 
mately 25 pct for 
reproduction, 
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Fig. 6—43.2 at. 
pet Sb. As arc- 
cast. U,Sbs + 
eutectic. Air 
etched. X200. 
Reduced approxi- 
mately 25 pct for 
reproduction, 


fraction patterns taken before and after annealing. 
The solvus as drawn on the phase diagram is an 
approximation based on an estimate of the amount of 
USb precipitated during annealing. 

The peritectic nature of the formation of the com- 
pound UsSb, is apparent in an alloy of 52.7 at. pct Sb 
cooled rapidly from the liquid state, see Fig. 7, in 
which primary USb has reacted with liquid of ap- 
proximately 58 at. pct Sb to form a rim of UsSb.. 
The liquid which remained due to nonequilibrium con- 
ditions precipitated more Us3Sb, around the primary 
USb crystals while cooling. Upon reaching the USbz 
horizontal, the remaining liquid, which was primarily 
of USbz composition, then froze. A subsequent anneal 
produced an equilibrated alloy containing only USb 


and UsSba. 

C) X-Ray Results—The lines in the powder patterns 
of alloys in the middle of each of the two-phase re- 
gions were accounted for by the two structures pres- 
ent. The sin?@ values used for USbz, UsSbs and USb 
were obtained from the work by Ferro,* while the 
sin’@ values for uranium, antimony, and U4Sbs were 
obtained by taking powder patterns of these compo- 
nents. Since there was only a small (0.005A) differ- 
ence in the individual lattice constants of USbz, U3Sb4 
and USb, calculated from patterns of alloys on each 
side of the compounds, it was concluded that these are 
stoichiometric compounds. 

Although an analysis of the structure of the hexago- 
nal UsSbs was not completed, it was shown by 
Weissenberg techniques to belong to one of the fol- 
lowing space groups: P63/mcm, P6c2, or P6scm. By 
usé of a back-reflection Weissenberg camera, the 
lattice constants were found to be dy = 9.268A and cy, 
= 6.201A. The single crystals used for these studies 
were taken from the shrinkage cavities of arc- 
melted samples. 


SUMMARY 


An investigation of the uranium-antimony system 
covering the complete composition range was Con- 
ducted and the following salient features were es- 


tablished: 
1) The hysteresis in the a to 8 transformation of 
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Fig. 7—52.7 at. pet 
Sb. As arc-cast. 
USb surrounded by 
U3Shy, formed 
peritectically. 

Due to rapid cool- 
ing the peritectic 
reaction was not 
complete, thus 
USh, (white phase) 
precipitated. Air 
etched. X1500. 
Reduced approxi- 
mately 25 pct for 
reproduction. 


+ 


uranium is increased by the addition of antimony, but 
the transformation temperature as obtained from the 
average of heating and cooling arrests remained at 
663°C. The £ to y transformation of uranium was 
raised from 772° to 780°C by the addition of antimony. 
The solubility of antimony in a, 8, and y uranium is 
approximately 0.02, 0.1, and 0.05 at. pct respectively. 

2) The liquidus rises at low antimony concentra- 
tions without evidence of a eutectic to 1800°C at 42.9 
at. pct Sb, which is the congruent melting point of 
the compound U.4Sb3. The solidus in this range re- 
mains at 1130°C. 

3) The compound USb, which melts congruently at 
1850°C, forms a eutectic with U.Sb3. The eutectic 
horizontal is at 1770° C. 

4) The compound U3Sb.4 decomposes peritectically 
into USb and liquid of approximately 58 at. pct Sb at 
1695°C. 

5) The fourth compound in the system is USb2 
(66.7 at. pct Sb) which decomposes peritectically into 
UsSb.4 and liquid of approximately 68.8 at. pct Sb at 
1355-C. 

6) The solubility of uranium in solid antimony is 
negligible, but increases in liquid antimony from 0.1 
at. pct at 650°C to 1.5 at. pet at 900°C and 31.2 at. 
pct at 1355°C. The solidus in this region remains at 
630.5°C, the melting point of antimony. 
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Creep Deformation of Aluminum-Copper 


Two-Phase Alloys 


Stable, overaged two-phase aluminum-copper alloys were 


deformed in creep at 500° and 700°F. Their creep strengths, 
mechanisms of deformation and recovery, types of fracture, 
and ductility have been studied. The effects of precipitate dis- 
persion and alloy content have been examined for their effect on 


these properties. 


Tus study of aluminum-copper alloys had two 
aims: 

1) To determine the effect of the amount and 
distribution of a second phase, CuAl,, on the creep- 
rupture strength, ductility, and fracture character- 
istics of the alloys. The work of Gemmell and 
Grant’ on single-phase aluminum-copper alloys 
provided a basis for the present study. 

2) To attempt to provide a relation between the 
microstructure and strength of two-phase alloys de- 
formed at comparatively high temperatures (greater 
than 0.45 T,,). 

The creep behavior of the two-phase magnesium 
alloys Mg-Ce and Mg-Al, has been treated by 
Roberts.*»> In work reported by Sully and Hardy* 
and by Underwood, Marsh, and Manning’ on Al-Cu 
two-phase alloys, and also in a portion of the work 
of Gemmell and Grant,’ aging took place during the 
creep tests. 

In the present work, overaged aluminum-copper 
alloys were subjected to creep deformation at two 
temperatures, 500° and 700°F. The overaging 
treatments to produce the precipitate dispersions 
were performed prior to the test, at temperatures 
which were the same as the ultimate respective test 
temperatures. Hence, the present study is con- 
cerned with the creep behavior of stable (in con- 
trast to ‘‘underaged’’) two-phase Al-Cu alloys, 7.e., 
alloys in which no depletion of the solid-solution 
matrix occurred during creep. 


MATERIALS AND PROCEDURE 


A 2 and a 3 pct Cu alloy, supplied by Alcoa, were 
studied; Table I shows the compositions. 

The grain size of the specimens, 0.9 to 1.0 mm, 
was achieved by annealing the machined test bars 
for 2 hr at 1000°F, followed by furnace-cooling to 
900°F, and homogenizing for 4 hr. Both composi- 
tions are in the single-phase condition at 900°F. 
Two types of overaged dispersions, termed ‘‘over- 
aged I’ and ‘‘overaged II’’ were prepared after the 
grain size and the homogenization anneals. 

The overaged I alloys were prepared by quenching 
to room temperature after homogenization, aging at 
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either 500° or 700°F for 72 hr, and air-cooling to 
room temperature. The overaged II alloys were 
prepared by furnace-cooling after homogenization, 
to either 500° or 700°F, and holding at the neces- 
sary temperature for 72 hr. The times for furnace- 
cooling from 900°F to 700° and 500°F were, re- 
spectively, about 2 and 3.5 hr. The structures of 
the Al-2 pct Cu alloys are shown in Fig. 1 (over- 
aged I) and in Fig. 2 (overaged II). 

A comparison of Figs. 1 and 2 shows that in the 
overaged I alloys the precipitate particles along the 
grain boundaries are much more closely spaced and 
the grain boundaries are straighter than they are in 
the overaged II alloys. Further, the particle size 
and spacing in the grains are smaller than in the 
overaged II alloys. Microstructures of the Al-3 pct 
Cu alloys have not been shown; the structures of 
these alloys differed from those of the Al-2 pct Cu 
alloys only in that the distribution density of the 
particles was greater. 

The creep specimens had a gage section 1 in. 
long with a diameter of 0.155 to 0.195 in. Before 
testing, specimens were electropolished in a solu- 
tion of 100 cc glacial acetic acid, and 30 cc of 60 pct 
perchloric acid, at 40° to 50°F, at 24 v. The speci- 
mens were kept refrigerated prior to testing to 
avoid precipitation at room temperature. Constant 
stress creep tests were conducted; the load was ap- 
plied 75 min after heating of the specimens to test 
temperature had begun. 


EXPERIMENTAL RESULTS 


Creep-Rupture— Fig. 3 shows the log stress-log 
rupture life plot for the overaged alloys studied, and 
also for the underaged Al-2 pct Cu alloy.’ At 700°F, 
the stress-rupture life relationship is nearly inde- 
pendent of both the amount of precipitate (i.e., com- 
position) and of the type of overaging treatment 
(i.e., precipitate dispersion), At 500°F it is appar- 
ent that the increase in rupture life that was ex- 


Table |. Compositions of Aluminum-Copper Alloys 


No. At. Pct Wt Pct Elements 
Cu Cu Fe Si Mq Zn 
1 0.88 2.05 0.001 0.001 0.001 0.000 
2 1.29 3.02 0.001 0.001 0.004 
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Fig. 1(2)—Al-2 
pet Cu alloys, 
overaged I, at 
700° F. Structure 
of undeformed 
specimens as 
electropolished. 
X250. Reduced 
approximately 
45 pet for repro- 
duction. 


Fig. 2(a)—Al-2 
pet Cu alloy, 
overaged II, at 
700°F.. Structure 
of undeformed 
specimen as 
electropolished. 
X250. Reduced 
approximately 
45 pet for repro- 
duction. 


pected by increasing the amount of precipitate is 
again masked by the overaged II treatment. Fig. 3 
shows that the type of dispersion has a more im- 
portant effect on rupture life at 500°F than does the 
quantity of precipitate. 

Age-hardening kinetics® indicate that at the time 
of loading, Gemmell and Grant’s underaged 2 pct Cu 
alloy had not achieved peak hardness at either 500° 
or 700°F. The precipitation that occurred during 
the tests resulted in a temporary strengthening at 
high stresses, but, as shown in Fig. 3, in the longer 
time tests overaging apparently took place much 
faster, due to the superimposed strain rate, result- 
ing in a relative weakening. 

Fig. 4 shows the minimum creep rate values as a 
function of the stress. While the creep rate results 
bear out the observed effects of both the amount of 
precipitate and type of dispersion on rupture life at 
both 500° and 700°F, Fig. 3, there is a greater ef- 
fect on creep rate than on rupture life. This differ- 
ence may be explained in part by differences in 
ductility, see Fig. 6 (the minimum creep rate is less 
dependent on total elongation than is rupture life). 

Strength Considerations of Two-Phase Alloys— 
Fig. 5 shows the stress for 100-hr rupture life at 


Fig. 1(5)—Al-2 
pet Cu alloy, 
overaged I, at 
500° F. Structure 
of undeformed 
specimen. Elec- 
tropolished and 
etched in 25 pct 
HNO; at 70°C. 
X500. Reduced 
approximately 
45 pet for repro- 
duction. 


Fig. 2(b)—Al1-2 
pet Cu alloy, 
overaged II, at 
500°F. Structure 
of undeformed 


. 


specimen, elec- : 
tropolished and 
etched in 25 pet 5 


HNO; at 70°C. 
X500. Reduced 
approximately 
45 pet for repro- 
duction. 


500° and 700°F as a function of copper content for 
the various aging treatments. The solid-solution 
strengthening and solubility limits at each temper- 
ature are also shown. It will be noted that the rate 
of strengthening, with increasing copper content, is 
greater in the single-phase field than it is on enter- 
ing the two-phase field. Additions beyond 2 pct Cu 
in the two-phase field yield relatively small benefits 
comparatively. Strengthening in the two-phase 
range is greater at 500°F than it is at 700°F; and at 
700°F, solid-solution alloying is far more effective 
in imparting strength than is two-phase alloying. 

Ductility of the Alloys— Fig. 6 shows values of 
total elongation vs rupture life. The ductilities of 
the alloys deformed at 500°F conformed to expecta- 
tions in that: 

a) The total elongations decreased with decreas- 
ing stress. Intercrystalline fractures were ob- 
served in the low-ductility tests. 

b) Fracture ductility decreased with increasing 
alloy content. 

c) The effect of the structure on the ductility was 
that the elongation increased in the order: under- 
aged, overaged I, overaged II. 

At 700°F, the total elongations tended either to 


10,000 


Fig. 3—Log stress-log rupture life plot 
at 500° and 700°F for 2 and 3 pct Cu-Al 
alloys in the overaged I and overaged II 
conditions. Compare with 2 pct underaged 
alloy. ! 
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Fig. 4—Log stress-log creep rate at 500° 
and 700°F for 2 and 3 pet Cu-Al alloys in 
+ the overaged I and II conditions. Compare 
to the 2 pct underaged alloys. 1 
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increase or stay ostensibly constant over the range 
of strain rates studied. The overaged 2 pct Cu al- 
loys had higher ductilities than did the underaged. 
The fracture elongations were considerably higher 
for all of the alloys deformed at 700°F than at 
500°F. 

The temperature and composition dependence of 
ductility (average of total elongation values for all 
tests at each temperature) are shown in Fig. 7. 
Study of Figs. 6 and 7 shows that, in the tempera- 
ture range 500° to 700°F, the fracture ductility has 
a greater dependence on temperature than on the 
rate of deformation at either temperature. Alumi- 
num solid-solution alloys” exhibited a similar 
behavior, but the dependence was less marked. 
Further, the overaged alloys have considerably 
higher ductilities than underaged alloys, Fig. 7(b). 

Mechanisms of Recovery—In its essential sense, 
recovery is a process which results in a relief of 
internal strains. At 500°F, processes of recovery 
were relatively limited. At 700°F, the following 
processes, resulting in recovery, were observed: 

Grain Boundary Migration— Fig. 8 is an example 
of the restricted but significant grain boundary 
migration that was noted in overaged I alloys. The 
small, closely spaced particles along the grain 
boundaries were apparently unable to exert com- 
plete restraint to migration of grain boundaries. 

In the overaged II alloys, see Fig. 9, the large size 
and spacing of the particles along the grain bound- 
aries, as well as the initial jaggedness of the 
boundaries, see Fig. 2(a) more effectively re- 
strained grain boundary migration, permitting 
only the free segments of boundary to migrate; 

and leading to bulging of the grain boundary. 

Recrystallization—Recrystallization was op- 
erative in the overaged I alloys mainly at the ends 
of certain intercrystalline cracks, and occasionally 
along grain boundaries even in the absence of 
cracks. Recrystallization was very extensive in 
the necks of the fractured specimens, Fig. 10. Re- 
crystallization was much more widely operative in 
the overaged II alloys. 

Fragmentation of grains into subgrains was noted 
to increase with increasing particle density but was 
difficult to follow in these alloys. Although each of 
the above methods of recovery is operative, recrys- 
tallization and grain boundary migration are more 
effective processes of recovery than subgrain for- 
mation, in that the two former processes result in 
creation of larger volumes of strain-free material 
in which deformation can take place anew. When the 
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precipitate dispersion is typified by that of the over- 
aged II alloys, relatively little unstrained material 
can form by migration, Fig. 9. In such a case, first, 
regions close to grain boundaries continue to store 
increasing amounts of energy. Recrystallization 
then occurs at a time and elongation controlled by 
the temperature and the strain rate. Since a larger 
volume of unstrained material is formed by recrys- 
tallization, it seems correct to think that recrystal- 
lization is the most effective among the recovery 
processes in permitting further deformation. 
Fracture—There were distinct differences in the 
intercrystalline cracking tendencies and in the rates 
of crack propagation in these alloys as a result of 
the different structures produced, which correlated 
well with the observed ductilities. The differences 
were particularly obvious at 500°F. In general, 
intercrystalline cracking increased in severity with 
decreasing strain rate at 500°F. The Al-3 pct Cu 
overaged I alloy, with lowest elongations, showed 
intercrystalline cracks over the entire strain-rate 
range studied, whereas the Al-2 pct Cu overaged II 
alloy showed transcrystalline fractures (and highest 
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Fig. 5—Stress for 100-hr rupture life for solid-solution 
alloys ' and two-phase Al-Cu alloys overaged I and II at 
500° and 700°F. 
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ductilities) over the same strain-rate range, tending 
toward intercrystalline cracks only at the very low- 
est. strain rate. 

At 700°F, all fractures were of the transcrystal- 
line type, but some intercrystalline cracks were 
present in all specimens. These intercrystalline 
cracks did not propagate rapidly. Instead it was 
noted that recrystallization sometimes took place 
either at triple points or at jogs or regions of grain 
boundary curvature, as noted in Fig. 11. Stress 
concentrations were relieved in these ways, mini- 


100 1000 


Rupture Life (Hours) 
mizing crack growth, and resulting in the observed 
high values of ductility at fracture. 

The fractures of these two-phase aluminum- 
copper alloys, intercrystalline at lower tempera- 
tures and transcrystalline at the higher tempera- 
tures, might appear to be anomalous; however, the 
same behavior is exhibited by aluminum solid- 
solution alloys” tested in the temperature range 
500° to 900°F. It is of considerable importance 
that these two-phase alloys, with large amounts of 
finely dispersed second phase, have available sev- 
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Fig. 7-Change in average elongation: 60 3% Overaged I 
(a) vs temperature (at 700° F for 2 2 
pet Cu overaged I and II alloys the _ =X 2% Underaged 
averaged values were taken from 2 40 Overaged 
tests with greater than 10-hr rup- 
ture life); (4) vs copper content. 
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Fig. 8—Al-2 pct 
Cu, overaged I, 
alloys tested at 
850 psi and 700°F. 
Elongation 72 pct. 
Important grain 
boundary migra- 
tion in this over- 
aged I specimen 
shows the inabil- 
ity of the precipi- 
tate particle to 
prevent migra- 
tion, X250. 
Reduced approxi- 
mately 25 pet for 
reproduction. 


eral ‘‘recovery’’ processes above 500°F, capable of 
minimizing the stress concentrations due to defor- 
mation and fracture. 


DISCUSSION 


If, during creep, the energy that is stored during 
plastic deformation is permitted to be recovered, 
practically simultaneously with deformation, then 
further deformation is possible at lower flow 
stresses. Thus, if an alloy is to have high strength 
at elevated temperatures, the alloy has to be able to 
store large amounts of energy at the elevated tem- 
peratures without recrystallization. 

The two mechanisms which are the most effective 
in permitting release of stored energy in a deform- 
ing metal at elevated temperatures are grain bound- 
ary migration and recrystallization. The reason 
that the latter process is by far the more important 
of the two has already been given. It is obvious that 
if the structure of the alloy is such that it is pos- 
sible to minimize the extent to which these proc- 
esses are operative, then the loss in strength will 
be minimized. 

In the alloys studied it was found that the amount 


| Fig. 10—Al-2 pct 
Cu, overaged II, 
alloy tested at 
2500 psi and 

700° F. Total 
elongation 84 pct. 
New grains in the 
neck of the 
specimen. Re- 
polished and 
etched in Keller’s 
reagent, X250. 
Reduced approxi- 
mately 12 pct for 
reproduction. 
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Fig. 9—Al-2 pct 
Cu, overaged II, 
alloy tested at 
2500 psi and 700 
700° F. Test inter- § 
rupted after 18 ; 
pet elongation. 
Grain boundary 
migration: moving 
grain boundaries 
held up by pre- 
cipitate particles. 
X500. Reduced 
approximately 25 Pi 


pet for repro- = 


duction. 


of grain boundary migration was smallest in the 
overaged II alloys, where the second phase along 
grain boundaries was in the form of large, widely 
spaced precipitate particles, and the grain boundary 
was quite jagged. The amount of recrystallization 
during creep was inversely proportional to the par- 
ticle density within the grains. Thus the overaged I 
alloys showed less recrystallization and smaller 
ductilities at fracture. Of course, the effectiveness 
of particle distribution will be influenced by the ex- 
tent to which the precipitate particles undergo co- 
alescence at temperature. 

The recovery and recrystallization characteris- 
tics of the two-phase alloys during creep provide 
a basis for the link between the strengths of the 
alloys and their structures. It has been shown 
that although the extent of recovery processes in 
each of the alloys during creep at 700°F was de- 
pendent on the structure of the alloys, neverthe- 
less these processes were highly operative in each 
of the alloys. Hence noticeable differences among 
the strengths of the different structures at 700°F 
were not apparent. The values of the fracture 
elongations were also quite similar. 


At 500°F, however, in addition to being dependent 
on the structure, the extents of the recovery proc- 
esses were also much less. Consequently, the dif- 
ferences in strength between the two types of over- 
aged alloys (I and Il) were not masked. The fact that 


crack ends. X250. Reduced approximately 43 pct for repro- 
duction.. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Fig. 11—Al-2 pct Cu, overaged Il, alloy tested at 2500 psi 
and 700° F. Test interrupted after 18 pct elongation, shows 
oe ds | 7k a i crack inhibition at triple point and at a change of curvature 
ba along the grain boundary due to plastic deformation at 


in the overaged II condition even an increase in 
composition does not alter the strength importantly 
can be explained by the observation that the type of 
precipitate dispersion is more effective in control- 
ling the extent of recrystallization, and therefore 
the strength, than is the amount of precipitate. This 
is further borne out by the observation that both 
compositions of overaged II alloys have about the 
same rupture ductilities at 500°F. However, when 
the precipitate dispersion is such as to be conducive 
to the occurrence of a much smaller amount of re- 
crystallization, then not only are the strengths 
superior (the overaged I alloys are stronger than 
the overaged II alloys), but also, the increment in 
strength expected by increasing the composition is 
realized (the Al-3 pct Cu overaged I alloy is 
stronger at 500°F than is the Al-2 pct Cu over- 
aged I alloy). The elongations at fracture bear out 
the above order of creep strengths at 500°F by be- 
ing inversely proportional to the strengths. 

The strength of the two-phase alloys had a greater 
temperature dependence than did the solid-solution 
alloys (or high-purity aluminum). This finding can 
be explained by the observation that recrystalliza- 
tion occurs quite readily in all of the two-phase al- 
loys at 700°F, resulting in considerable loss in 
strength, whereas at 500°F (and lower) the 
strengthening caused by the presence of the precip- 
itate particles is not diminished by recrystalliza- 
tion processes operative during creep. 


Finally, this work suggests that an alloy com- 
posed simply of a second phase embedded in either 
a solid solution or a pure metal is the most effec- 
tive at high temperatures if: 

1) Along the grain boundaries the second phase 
is in the form of large, widely spaced particles, 

2) The grain boundaries are not regular but 
jagged, 

3) Within the grains, the second phase is in the 
form of very closely spaced precipitate particles. 

In such an alloy, grain boundary sliding is mini- 
mized or occurs in smaller increments, and the loss 
in strength is minimized because recovery of both 
components of the alloy, grains, and grain bound- 
aries, would be minimized. 
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The Dislocation-Oxygen Interaction in Alpha Titanium 


and Its Effect on the Ductile-to-Brittle Transition 


This investigation comprises the study of dislocation-oxygen 
interactions in a titanium and its effect on the ductile to brittle 
transition in titanium. Internal friction techniques using a low- 
frequency torsion pendulum were used to study the oxygen atom 
interactions with dislocations in ‘‘superpurity’’ titanium. A cal- 
culation of the interaction energy between an oxygen atom and a 
dislocation, based on the ‘‘breakaway’’ strain resulted in a value 
of 0.015 ev as compared to theoretical values of 0.022 and 0.035 
ev for edge and screw dislocations, respectively. Both the satura- 
tion of the room temperature decrement and the transition from 
ductile to brittle behavior occurred at 1.5 at. pct O. It was pro- 
posed that the embrittlement was due to oxygen atoms immobiliz- 
ing the dislocations. It was possible to increase the ductility of 


the Ti-O binary alloys by decreasing the oxygen pinning. The in- 
crease in uniform elongation was 30 pct for an increase in the 


preanneal temperature of 300°C. 


Tue room-temperature ductility of a titanium is 
significantly affected by interstitial solutes. Although 
oxygen has a solid solubility of 15.5 pct by weight, the 
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room-temperature ductility extends only to 0.6 pet.* 
The ductility precipitously falls at this concentration 
and the fracture characteristics change from ductile 
to brittle.” The small effective bulk composition of 
solute required to destroy the room-temperature 
ductility of the titanium must be indicative of an in- 
homogeneous distribution of solute atoms. Internal 
friction techniques were used in this investigation to 


VOLUME 215, APRIL 1959-209 


detect the small variations in the distribution of 
oxygen solute in a titanium. 

When a metal specimen is subjected to a cyclic 
stress it is found that a part of the energy is dissi- 
pated external to the specimen and some portion is 
dissipated within the material. It is the energy ab- 
sorbed by the specimen that is termed ‘‘internal 
friction.’’ It has been demonstrated that if the ob- 
servation is confined to relatively low temperatures, 

é.g., room temperature, the primary source of the 
energy dissipated in high-purity metals is the motion 
of dislocation line segments. ° The amount of energy 
dissipated will be a function of the free segment 
length of bowed singular line and of the oscillation 
amplitude. If the amplitude of strain is increased, 
the area of loop under the bowed line will be in- 
creased and a greater energy dissipation will occur. 
It is expected that it will be a gradual increase until 
the applied force is sufficient to tear the dislocation 
away from the pinning points. At the moment of 
tearing there should be a sharp increase in the 
energy dissipated. This discontinuity in the energy- 
strain amplitude curve is called the ‘‘breakaway 
point.’’* 

These general characteristics of the solute atom- 
dislocation pinning phenomenon are used in this in- 
vestigation to study the nature of the interaction as 
well as its effects on the mechanical properties of 
titanium. 


EXPERIMENTAL TECHNIQUES: 


a) Specimen Preparation—The solvent material 
used in this investigation was Bureau of Mines 
“‘superpurity”’ titanium (79 Bhn, 1500 kg). The 
chemical analysis is given in Table 1 and was sup- 
plied by the Bureau of Mines. Melting was per- 
formed in a nonconsumable arc-furnace in an inert 
atmosphere. Cold-rolling followed by wire drawing 
produced wire specimens 0.030 in. in diam. The 
binary alloys containing up to 1 at. pct O could be 
fabricated by techniques identical to those used for 
pure titanium. These alloys were prepared by adding 
TiOz to the melt. Binary alloys containing in excess 
of 1 at. pct O were prepared by a somewhat different 
procedure. Specimens containing 0.6 at. pct O were 
charged with additional oxygen in a modified Sievert’s 
apparatus. The reason that 0.6 at. pct wires were 
used as the base material was to prevent excessive 
grain growth during the oxygen infusion period. 

The oxygen used for alloying was passed through 
Drierite and magnesium-perchlorate traps. Infusion 
was performed at 1400°F at a pressure of one-half 
atmosphere. Subsequent to the infusion period, the 
reaction chamber was evacuated to a pressure of 107° 
mm of Hg and homogenization was carried out for 
24 hr. For very high oxygen contents, ¢.g., 2 to 4 at. 


Table |. The Analysis of the “Super Purity” Titanium 


This analysis was supplied by the U. S. Bureau of Mines. 


These percentages of impurities were found: 


Fe < 0.03 Si-—0.03 Al < 0.04 C—0.010 
Cr < 0.03 V <0.02 N,< 0.001 C1,0.09 

Mg < 0.03 Mn—0.03 Sn < 0.03 H,—0.018 
Na < 0.038 Cu <0.006 Ni < 0.03 0,—0.033 
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Fig. 1—The variation of the lattice parameters with oxygen 
content in superpurity titanium. 


pct, several cycles of charging and homogenization 
were used. 

b) Specimen Analysis—The oxygen content was de- 
termined by an X-ray lattice-parameter technique. 
A laue back-reflection rotating film was used to de- 
termine the lattice parameters. The lines (00.6), 
(30.2), and (21.3) were used in the calculation and 
Cohen’s method of correction was applied.*® For low 
oxygen content the amount of solute could be deter- 
mined relatively accurately from the weight of TiOz 
introduced into the melt. A straight-line relationship 
was assumed and the lattice parameters were ex- 
trapolated to higher oxygen contents. In Fig. 1 the 
lattice parameter data is plotted as a function of 
oxygen content and the data of Clark on titanium of a 
lesser purity are presented for comparison.° It is 
realized that the lattice-parameter technique of de- 
termining the oxygen content is not absolute, but it 
does make possible the comparison and reproduci- 
bility of specimens. The accuracy of the lattice 
parameters in this study was such that the relative 
amounts of oxygen could be determined to within + 
0.05 at. pct. 

c) Internal Friction Apparatus—The measurements 
were performed on a high-vacuum, low-frequency, 
torsion pendulum. This equipment has been described 
in the literature.” The oscillations were read visu- 
ally, utilizing a 23-ft optical lever, and the sensitivity 
of the apparatus was such that a shear strain of 10-7 
on the outer fiber of a 10-in. specimen could be read. 
Internal friction was measured by observing the 
gradual decay in the amplitude of vibration in free 
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oscillation. If N is the number of oscillations re- 
quired for the amplitude to decay to 1/nth of its 


initial value, the logarithmic decrement may be de- 
fined as 


In (An/An+1 
- [1] 


d) Tensile Testing—A hard-tensile testing appara- 
tus was used in this investigation. It allowed for 
elevated temperature tests in a helium atmosphere 
and the annealing was performed in situ. A deflected- 
beam type of strain measurement was used with a 
strain rate of 0.0001 in. per in. per sec. The tensile 
test specimens of 2-in. gage and 0.035 in diam were 
prepared by the same procedure used for the in- 
ternal friction part of this investigation. The region 
outside the gage length was copper plated with an ad- 
herent layer in order to both delineate the gage 
length, and more importantly, to provide a ductile 
material at the gripping region. This prevented slip- 
page and premature fracture near the grips. The 
wires were all given a stress-relief anneal at 200°C 
immediately after mounting in the apparatus. 


In dec. 


EXPERIMENTAL RESULTS 


a) Effect of the Bulk Concentration on the Decre- 
ment—As most solute atoms situated in a crystal 
lattice will cause some misfit strain, the segrega- 
tion of a foreign atom to a dislocation site will cause 
a decrease in energy of the system. This difference 
in energy between a solute atom in a normal lattice 
site and a solute atom in a lattice site near the dis- 
location is termed the interaction energy. The prob- 
ability of a solute atom segregating to a dislocation 
may be represented by the equation, 


C = Co exp (G/kt) [2] 


C is the excess concentration at the dislocation, 
Co is the bulk concentration, and G is the free 
energy of interaction. 

It is observed that the concentration of solute atoms 
at the dislocations will increase with an increase in 
the bulk concentration. This should result in a de- 
crease in the energy dissipated with an increased 
number of solute atoms available to pin the dis- 
location singular lines. Furthermore, a bulk con- 
centration should be reached beyond which the 
energy will not cecrease. This concentration has 
been termed the saturation concentration, Ideally, 
it should be the condition of maximum pinning of the 
dislocation singular line, but actually it is the point 
beyond which we cannot observe any decrease in 
energy dissipation due to the dislocation mobility. 

Fig. 2 shows the energy dissipation as a function of 
solute concentration. These specimens were heat 
treated in situ for 2 hr at 800°C, and the measure- 
ments were made at a maximum strain amplitude of 
10-5. It is observed that saturation occurs at a bulk 
concentration of approximately 1.5 at. pct O. 

If the internal friction is measured as a function of 
concentration at higher temperatures it is expected 
that the energy dissipated will increase due to the 
increased thermal vibrations which will assist the 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


x 


T 


x 
L 
8 
7 a 
Fig. 2—The effect 6| x 
of temperature on Sh LEGEND | 
the energy dissipa~ 
tion-oxygen curves. Ax 
©-CALCULATED 
POINTS 
2 
0 2 3 


OXYGEN (ATOMIC PERCENT) 


dislocations in tearing away from their pinning 
points. It is also expected that the bulk concentration 
required to immobilize the dislocation singular lines 
will be increased as a function of temperature. These 
expectations are confirmed by the results illustrated 
in Fig. 2. It is observed that the internal friction vs 
solute-content curves are displaced toward a higher 
oxygen composition with an increase in the tempera- 
ture of measurement. 

b) Effect of the Amplitude of Strain on the Dissipa- 
tion of Energy—As the amplitude of strain (angle of 
twist) is increased the size of the bowed dislocation 
loop will increase and hence the internal friction will 
increase. This dependence of the energy dissipation 
on the strain amplitude should be continuous and 
linear as long as the dislocation line is not torn away 
from the low-energy position near the pinning point. 
When the combination of applied strain and thermal 
vibrations is sufficiently large, the dislocation will 
break away from the low-potential region and will re- 
sult in a sudden increase in the amount of energy 
dissipated. This breakaway point is a function of the 
number of atoms available for pinning, the strength 
of the unit interaction between the specific solute 
atom and a dislocation, and the temperature of obser- 
vation. 

In Figs. 3, 4, and 5 the internal friction is plotted 
as a function of the strain amplitude for several Ti-O 
alloys subsequent to a 2-hr anneal at 800°C. The 
internal friction measurements were performed ata 
series of strain amplitudes beginning with the lowest 
strain of the series. It is seen that the strain at 
which the breakaway occurs increases with solute 
content. This effect is also observed in the change of 
slope with increased oxygen concentration. 

The influence of thermal vibrations on the break- 
away strain is also illustrated in these figures. In 
each case the alloys were first studied at room tem- 
perature, then annealed at 800°C for 1 hr, followed 
by measurements at 150°C. The process was re- 
peated prior to the strain amplitude study at 200°C. 
It is observed that the strain required to tear the 
singular line away from the low-energy site created 
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Fig. 3—The effect of temperature on the internal friction- 
strain amplitude curve (0.4 at. pct Ti-O). 


by the segregation of solute decreases with an in- 
crease in temperature. In conformance with the 
findings shown in Fig. 2 it is seen that the decrement 
at which the breakaway occurs also increases with 
temperature. 

The breakaway point can be determined by a 
second method which is somewhat more sensitive. 
After each measurement of the energy dissipation at 
a specific strain amplitude, the decrement is mea- 
sured at some reference strain. For example, if the 
initial strain is 107°, then after each measurement at 
successively greater values the decrement will be 
measured again at 10°°, the reference value. If the 
dislocation configuration is not altered it is found that 
the energy dissipated at the reference strain remains 
constant. When the dislocations are torn away from 
the constraining points, then the decrement measured 
at the reference strain will increase. The resulting 
plots are sometimes referred to as ‘‘damage curves.”’ 
In Fig. 6 the damage-curve study for a 0.6 at. pct 
Ti-O alloy is shown. It is observed that the break- 
away point obtained from the strain amplitude 
measurements is confirmed. 

c) Mechanical Properties of the Alloys—The tensile 
tests revealed that a very sensitive parameter of the 
oxygen content was the uniform elongation of the 
specimens. This value, for any specific alloy, could 
be reproduced within 2 to 3 pct. If the uniform elonga- 
tion is plotted against the oxygen content then the 
curve shown in Fig. 7 results. It is observed that the 
uniform elongation drops precipitously at a solute 
content of approximately 1.1 at. pct. This type of 
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Fig. 4—The effect of temperature on the internal friction- 
strain amplitude curve. (0.6 at. pct Ti-O). 
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Fig. 5—The effect of temperature on the internal friction- 
strain amplitude curve (0.8 at. pet Ti-O). 
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curve is generally representative of transition 
behavior, 7.é., there is a transition from a ductile to 
a brittle material. Although transition phenomena 
are usually studied by plotting the energy required 
for fracture, it is observed that the uniform elonga- 
tion plot results in a relatively sharp transition 
curve. A comparison of the transition composition 
(inflection point) obtained in this investigation with 
the value obtained by Ogden and Jaffe” by conven- 
tional techniques shows excellent agreement. They 
obtained a value of 1.5 at. pct as compared to the 
value of 1.2 at. pct obtained in this investigation. This 
agreement, however, may be nothing more than 
fortuitous for there are differences in base material, 
grain and specimen size, as well as mode of testing. 

It is further observed in Fig. 7 that the solute con- 
centration at which the ductile to brittle transition 
occurs increases with temperature. All specimens 
were first heat treated at 800°C, which is identical 
to the specimen preparation for the internal friction 
Specimens and each point on the curve represents an 
average of three tests. The data pertaining to these 
tests are compiled in Table II. 


DISCUSSION OF RESULTS: 


A) Binding Energy between a Solute Atom and a 
Dislocation-It is interesting that the solute concen- 
tration at which the transition from the ductile to 
brittle behavior occurs is identical to the composi- 
tions at which the energy dissipated stops decreas- 
ing, Fig. 2. The temperature dependence of these 
two compositions is at least qualitatively expected to 
be the same and prior to any attempt to draw con- 
clusions from this similarity, the nature of the 
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Fig. 7—The uniform elongation as a function of oxygen 
content at 20° and 200°C. 


specific interaction between oxygen atoms and dis- 
locations in h.c.p. @ titanium must be further inves- 
tigated. 

A marked effect of solute content on the decrement 
decrease has been noted. This means that an in- 
crease in dislocation pinning is occurring with an in- 
crease in solute concentration. The breakaway of the 
dislocations from the solute atom pinning point is 
considered to be both a function of the concentration 
and the binding energy. Dislocations will break loose 
from the solute atoms adsorbed there when the ap- 
plied strain reaches a critical value, 


Ge, 
* = 


where b = Burger’s vector, E = Young’s modulus, and 
G = the binding free energy to a dislocation for a 
single solute atom.* If C from Eq. [2] is substituted, 


Table Il. The Uniform Elongation of Binary Ti-O Alloys as a 
Function of Temperature and Solute Content 


Alloys Test Uniform Elonga- 
At. Pct Temperature tion 2 in. Gage 
Oxygen (°C) Length Pct 
Pure Ti 20 19 (+1)* 
200 24 (+1) 
0.2 20 20 (+1). 
200 23 (1,5) 
0.6 20 18 (+0.5) 
200 23 (+ 1) 
0.8 20 14 (40.5) 
200 24 (+2) 
L0 20 13 (40.5) 
200 19 (+1) 
1s 20 3 (40.5) 
200 6 (+0.5) 
2.0 20 
200 


*The numbers in brackets indicate the maximum variation for three 
tests. 
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then Eq.[3] becomes, 


G Co G 
If the breakaway points in Figs. 3,4, and 5 for 20°C 
are examined, it is seen that the dislocations tear 
away from the adsorbed solute atmospheres at a 
ratio of €*/Co = 6 x 107*+ 0.0001. The values of e*, 
Co, and T are given in Table II]. From Eq. [4] the 
maximum free energy of binding for a single oxygen 
atom is computed to be 0.015 + .005 ev. 
A slightly different determination of the binding 
energy may be obtained from a further consideration 
of Eq. [2]. This equation may be written as, 


C = Coexp —TAS 
kT 


[4] 


[5] 


where S = entropy and H = enthalpy 


If the TAS part of the equation is considered either 
to be small compared to Ad, or if the temperature 
dependence is considered negligible, the binding 
energy may be treated as a nontemperature-depen- 
dent term. The breakaway point is then a function 
only of the number of solute atoms adsorbed at the 
dislocation. For a condition of constant strain ampli- 
tude for breakaway, the values of C must be equal, 
1.€., 


Ci = Co1 exp AH/KT1 [6] 
but Ci = C2 
C2 = Coz exp AH/KT2 
Solving for AH: 

Co2/Co1 [7] 
OH= Kiln — 


where AH is usually termed V, the temperature-in- 
dependent binding energy of a solute atom to a dislo- 
cation. Using the data from Table III, Fig. 8 was 
plotted. For a constant strain value, the binding 
energy of 0.02 + .01 ev was obtained for oxygen 

in titanium. The limited amount of data prevents 

a more accurate determination of the interaction 
energy by this method. However, it is seen that the 
resultant value is of the same order of magnitude 

as the previous result. 


Table Ill. The Data Pertaining to the Breakaway of the 
Dislocations from the Adsorbed Solute 


Alloys Strain Am- 

At. Pct O Temperature plitude at 
Co Breakway 

0.4 25 26.5 x 1077 

150 22.5 x 1077 

200 21.0 x 10°” 

0.6 20 31 x 10°’ 

150 28.5 x 1077 

200 21.5 x 10°77 

0.8 20 64 x 10°’ 

200 53 x 107 

300 39 x 107 
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Fig. 8—The breakaway strain amplitude plotted against 
temperature for several Ti-O alloys. 


Cochardt et al * estimated the interaction between 
carbon atoms in a@ iron, both for edge and screw 
types of dislocations. This procedure has been 
modified for a titanium. For one oxygen atom ina 
unit cell of h.c.p. titanium the fractional concen- 
tration is n/N = 0.166. The data in Fig. 1 may be 
extrapolated by assuming a linear relationship to a 
concentration of n/N = 0.166. It is found that in the 
C direction, e; = 0.0186 and the strain in the a di- 
rection is €2=¢€3=0. Alpha titanium has a pris- 
matic slip plane (1010) and a slip direction [11 20]. 
Cochardt et al considered that the interaction 
energy is the work done by moving each face of the 
cell a distance d; against a force F. which the stress 
field of the dislocation exerts on it, t.€.,V=2, F; 

x di’ for a screw dislocation 


V=/ b Ea® 
Y 


where a is the lattice parameter and + is the dis- 
tance of the unit cell from the Burgers vector. Sub- 
stituting in Eq. [9] results in a value of V,,, = 0.035 
ev” for an edge dislocation. 

The interaction between an edge dislocation and an 
oxygen atom is similarly found. The maximum inter- 
action occurs when the angle between the (1010) plane 
and the radius vector is 7/2. 


[9] 


Vnax = (1+4v) [10] 
3 

where D= wb 
2m (1 — v) 


v is Poissons ratio, yp is shear modulus, and Vesa 
= 0.022 ev. 
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Values of the interaction energy obtained from the 
above analysis are in agreement with the experimen- 
tal results of this investigation. It does appear that 
the value obtained experimentally is in excellent 
agreement with the interaction energy between an 
oxygen atom and an edge dislocation. However, it 

is not certain whether the accuracy warrants this 
conclusion. 

A comparison of the binding energy for an oxygen 
atom and a dislocation in a titanium with the value 
of 0.5 ev for a carbon atom and a dislocation in a 
iron reveals a large difference, but thi§ is expected 
if the yield-point behavior of the two cases is ex- 
amined. It requires only one carbon atom in 10,000 
atoms (0.1 at. pet) to produce a yield point in a 
iron, * but three oxygen atoms and in every 1000 atoms 
(0.3 at. pct) are required to develop a yield point in 
a titanium.” This difference indicates a much 
greater binding energy for carbon in iron than for O2 
in titanium. 

As a further check of the validity of the above value 
of the binding energy the saturation point observed in 
Fig. 2 was calculated for two temperatures (see clear 
circles) using Eq. [2]. The calculated values are de- 
noted as circles in Fig. 2. The agreement between 
the predicted and the experimentally obtained values 
is good. 


B) The Transition from Ductile to Brittle Behavior— 


It is interesting to note that the composition at which 
the ductile to brittle transition occurs is approxi- 
mately the same as the saturation composition. This 
latter value was both predicted and experimentally 
determined by internal friction measurements. The 
tabulated values of the saturation and the transition 
compositions are given in Table IV. As a result of 
previous work in this field* * there can be little 
doubt that the primary source of the room-tempera- 
ture internal friction in relatively pure metals is the 
motion of dislocations. The saturation point obtained 
from internal friction measurements is associated 
with the locking of dislocations by solute atoms and 
if the above correspondence is not coincidence, the 
transition from ductile to brittle behavior in Ti-O 
alloys may possibly be due to the same pinning ef- 
fect. It is therefore suggested that the oxygen em- 
brittlement of a titanium is due to the pinning of the 
dislocations by oxygen atoms. When the dislocation 


Table IV. The Alloy Compositions at Which the Transition 
Phenomenon and the Dislocation Saturation Occur 


Transition Point, 


Saturation Point 
Discontinuity in 


Temperature Uniform Elong. Experi- Theoret- 
of Test Vs Comp. Curve mental +0.2 ical 
SSC 1.5 at. pct 1.6 at pet _ 

150 °C - 1.8 at. pet 1.74 
200 °C 1.8 at. pet 2.0 at. pet 1.80 


singular lines are saturated with oxygen so that they 
will be immobile, the energy normally dissipated in 
plastic deformation is available either for the for- 
mation or the propagation of a crack which subse- 
quently will lead to brittle failure. 

The comparisons of the compositions or tempera- 
ture dependence of the saturation and transition oxy- 
gen contents may support the above suggestions. 
but does not offer conclusive proof. A critical evalu- 
ation of the validity of this explanation of the oxygen- 
induced brittle behavior of Ti-O alloys may be ob- 
tained from the following experiment. 

If titanium tensile or impact specimens are heat 
treated at two temperatures and quenched, predic- 
tions may be made as to the resulting test values. 
The major factors that would be considered are 
grain size and impurity effects. The higher the an- 
nealing temperature the larger will be the resulting 
grain size and consequently the lower the uniform 
elongation or impact strength. Similarly, although 
all of the heat treating is done in vacuum, if any im- 
purities are picked up, the higher the temperature 
the greater will be the contamination. This will 
again result in poorer properties for the specimens 
heat treated at the higher temperature. In order to 
eliminate the grain size effect, all of the specimens 
were first annealed at 800°C and half of them were 
then heat treated at 550°C. In Table V, the results 
of tensile tests on high-purity titanium are shown. 
These tests were all performed at room tempera- 
ture. It is observed that there is no change in the 
uniform elongation for the pure titanium specimens. 
This is in line with expectations since the grain size 
was held constant and the impurity pickup minimized 
by heat treating in a dynamic vacuum. 

When binary Ti-O alloys are examined a third 
factor must be considered. The authors have sug- 


Table V. The Effect of Heat Treatment on the Uniform Elongation of Ti and Binary Ti-O Alloys 


Uniform Elong. 


Alloy Annealing Treatment Test Temperature (2 in. Gage Length) 
i 800°C—3h Room temperature 24 pct (average of 2 
; specimens) 
b) 800°C—3 hr Room temperature 24 pet 
followed 12 hr 
at 550°C 
B) 0.2 at. pct O a) 800°C—3 hr Room temperature ZOipet seat 
b) 800°C —3 hr and 
then 12 hr at.550°C 13 pet 


C) 0.8 at. pct O a) 800°C—3 hr 


b) 800°C —3 hr and 
then 12 hr at 550°C 


18 pct (average of 3 


Room temperature 
tests) 


15 pet (average of 3 
tests) 
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gested that the brittle behavior is a function of the 
solute atom-dislocation interactions. This inter- 
action must be dependent upon the number of solute 
atoms adsorbed at the dislocations. In Eq. [2] it is 
shown that the higher the temperature the lower will 
be the number of solute atoms segregated at the 
low- energy dislocation sites. This means that if the 
dislocation pinning by oxygen atoms is responsible 
for the ductile-to-brittle transition, then an alloy 
could be made more ductile by increasing the prior 
annealing temperature. This is in direct contrast 

to the previous prediction of the behavior of pure 
titanium and hence confirmation of this point would 
offer strong support to the model. 

Table V, B,and C, contains the results of tensile 
tests of 0.8 and 0.2 at. pct Ti-O alloys. It is ob- 
served that the uniform elongation increases with an 
increase in the temperature of the anneal. A strong 
position is thereby established for the proposition 
that the oxygen embrittlement of a alloys of titanium 
is due to the interaction of oxygen atoms with the 
dislocations. 

Another way of examining these results is by con- 
sidering the equation C = Co exp (C/KT). 

The embrittlement is a function of the magnitude 
of C, the number of adsorbed solute atoms at the dis- 
location sites. Therefore, C may be reduced in 
either of two ways, 7.e., the bulk concentration Co 
may be reduced or the temperature of the final equi- 
librium heat treatment may be increased. For the 
important case of oxygen in titanium, a 100°C in- 
crease in annealing temperature is equivalent to a 
0.12 at. pct effective decrease in oxygen content. 


SUMMARY AND CONCLUSIONS 


1) The analysis of solute atom-dislocation inter- 
actions was confirmed for oxygen in a titanium. 

2) The phenomenon as measured by room-tempera- 
ture strain amplitude studies is in accord with the 
equation, C = Co exp (G/KT). 

3) An interaction energy between an oxygen atom 
and a dislocation was calculated from the internal 
friction data to be 0.015 ev. 

4) A modification of the Cochardt et al.,* analysis 


for h.c.p. metals resulted in values of 0.022 and 0.035 
ev for oxygen interactions with edge and screw type 
dislocations in a titanium. 

5) The oxygen content required to fully saturate 
the dislocations was found to be approximately 1.5 at. 
pct subsequent to an anneal at 800°C. 

6) The transition from ductile to brittle behavior 
for the same alloys was observed to occur at ap- 
proximately the same solute concentration. 

7) Both the transition and the saturation points be- 
haved identically, relative to a variation in tempera- 
ture. 

8) It was suggested that the transition phenomenon 
was due to the adsorption of solute (oxygen atoms) 
at the dislocations. 

9) In view of the behavior of solute atoms relative 
to dislocations it was possible to predict and confirm 
that the higher annealing temperature, the less will 
be the embrittling effect of oxygen on titanium alloys. 
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A Search for the Sigma Phase in the Fe-W and Co-W Alloy Systems 


E. C. van Reuth 


Firry-three alloys have been examined in the 
Fe-W and Co-W alloy systems in an attempt to ver- 
ify the finding of o phases in these systems as re- 
ported by Goldschmidt.’ The alloys were examined 
metallographically and by X-ray diffraction. 

The 10-g specimens were made by powder metal- 
lurgy techniques. Very fine, high-purity powders 
were compressed in a double-acting die at 120,000 
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Technical Note 


psi after hydrogen reduction. All compacts were 
then sintered for 200 hr at.950°C in a helium atmos- 
phere. Metallographic investigation and X-ray dif- 
fraction proved this time to be sufficient to allow 
complete homogenization before the subsequent high- 
temperature anneal. Each specimen was then sealed 
into an evacuated silica capsule and annealed at 
1400° or 1500° C (except two) for 25 hr. (The 60 pct 
Fe and 55 pct Co alloys taken to 1610° and 1680°C 
respectively were held at thesetemperatures for lhr. 
However, since these structures were at equilibrium 
before the anneal, and in view of their resultant 
structures, it is assumed that they reached equilib- 
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Fig. 1—The iron-tungsten equilibrium diagram.2»3 


rium at the higher temperatures also.) Longer 
times at these temperatures proved the 25 hr to be 
adequate to reach equilibrium. All specimens were 
quenched from the annealing temperatures into cold 
circulating water. The silica capsule was broken to 
facilitate intimate contact of the quenchant with the 
specimen. 

Figs. 1 and 2 show which alloys were investigated 
and the number of phases present in each. Fig. 1 is 
the diagram originally proposed by Arnfelt? and la- 
ter modified by Goldschmidt.* Fig. 2 is the diagram 
proposed by Sykes.* Although Goldschmidt later re- 
ported the presence of a o phase on both of these 
diagrams,’ neither temperature nor compositional 
data were given, so these sigmas are not shown. 
(The author has taken the liberty of labeling these 
diagrams in a manner which is thought to be clearer 
than in existing literature.) No traces of o could be 
found in either system. The presence of é, however, 
as previously reported by Goldschmidt® in the Fe-W 
system was confirmed. The pattern of the one-phase 


Co-W alloys matched exactly the Fe-Wé. Therefore, 


Fig. 2 has been labeled in that manner. 

In a final attempt to locate o, two specimens were 
annealed at much higher temperatures, see Figs. 1 
and 2. The specimen containing 55 at. pct Co was 
annealed at 1680°C and the specimen containing 60 
at. pct Fe was given its anneal at 1610°C. The co- 
balt alloy showed exactly what was to be expected, 
i.e., a two-phase structure of + ay. The iron al- 
loy, however, showed a three-phase structure in- 
stead of two phases as would be expected by exam- 
ining Fig. 1 at 1610°C. X-ray diffraction and met- 

-allographic techniques proved these phases to be €, 
Qy, and a,,. Since these alloys had been previ- 
ously sintered to a homogeneous equilibrium struc- 
ture before being annealed at the elevated tempera- 
tures, there are three possible explanations to the 
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Fig. 2—The cobalt-tungsten equilibrium diagram‘. 
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three-phase structure exhibited by the 60 pct Fe al- 
loy. The first possibility is that the final alloy was 
impure. This possibility is rather remote in that 
very high-purity powders were used originally and 
metallographic examination after sintering and an- 
nealing failed to reveal any significant amounts of 
impurity. The second possibility is that the meas- 
ured temperature may have been in error. Since 
the entire annealing system was calibrated with a 
new NBS thermocouple this possibility also seems 
rather remote. (The fact that the Co-W specimen, 
which was later annealed at 1680°C, did not exceed 
the 1690°C peritectic temperature for that system 
also verifies the temperature accuracy.) The third 
possibility which appears to be the most likely is 
that the peritectic temperature as shown in Fig. 1 
at 1640°C may be in error. If this be the case, then 
the appearance of a three-phase structure upon 
quenching would be expected if 1610°C is above the 
peritectic temperature. Quenching would then yield 
a structure of massive inert ay particles sur- 
rounded by and @,, which would have transformed 
from the liquid phase. This is exactly what the mi- 
crostructure of this specimen revealed. No attempt 
was made in this investigation to determine the ex- 
act temperature of this reaction. 


CONCLUSIONS 


1) The reported finding of o in the Fe-W and Co-W 
systems could not be confirmed here. 

2) The presence of & in the Fe-W system as pre- 
viously reported is herein confirmed. This same & 
structure was found in the Co-W system. 

3) The peritectic temperature of 1640°C in the 
Fe-W system is questionable according to data col- 
lected here. 
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The Free-Energy Changes Attending the Martensitic 


Transformation in the Iron-Chromium and 


lron-Chromium-Nickel Systems 


An equation is derived relating AF% ~Y, the difference in 
free energy between austenite and martensite, to temperature 
and composition in the iron-chromium and iron-chromium - 
nickel systems. This equation is used to calculate AF® ~Y 
at M, for low-carbon stainless steels. A method for utilizing 
the energetic equations to calculate M, in stainless steels ts 
suggested. In addition, an explanation is given for the anoma- 
lous effect of chromium in forming a y loop concurrent with 


the lowering of M, in iron-base alloys. 


Ir has been demonstrated>”® that the effect of al- 
loying elements on the M, temperature is strongly 
dependent upon the influence of the alloying element 
on the thermodynamic properties of the y and a 
phases. Notwithstanding the fact that alloying ele- 
ments affect the M, temperature by changing the 
lattice parameters, elastic constants, and inter- 
facial energies”” of the a and y phases, their pri- 
mary role is a thermodynamic one. f 
Thermodynamic analyses have been presented for 
the iron-carbon'~‘ and iron-nickel® systems in which 
equations are derived for F% and F’, the free en- 
ergies of the b.c.c. (or b.c.t.) and f.c.c. phases. 
These equations, which can be obtained with the aid 
of the equilibrium diagrams, can be used to help 
predict the M, vs composition curves. This paper 
deals with a calculation of the thermodynamic 
properties necessary to compute AF®+Y for iron- 
chromium alloys. In view of the lack of direct in- 
formation concerning the activity of chromium in 
the @ and y phases of iron, the regular solution ap- 
proximation®”® was utilized to bridge the gap. After 
the necessary equations were derived for the iron- 
chromium system they were used to calculate 
AF@'~Y for stainless steels by combining them with 
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Larry Kaufman 


the previous results® obtained for iron-nickel alloys. 
The results of these calculations offer a means of 

rationalizing the anomalous behavior of chromium 

in iron-base alloys. The latter depends on the regu- 

lar solution approximation in contrast to the expla- 

nation offered by Zener’*** which is based upon the 

‘‘magnetic specific heat effect.’ 


THERMODYNAMICS OF THE IRON-CHROMIUM 
SYSTEM 


If y represents the atomic fraction of chromium 
in an iron-chromium alloy, then the free energy of 
the b.c.c. phase F% the f.c.c. phase FY, and the 
difference in free energy between the f.c.c. and 


b.c.c. phases of the same composition are given 
by”?® 


[3] 
In Eqs. [1] through [3] F,° and FyY represent the 
free energies of mixing of the a and y phases; while 
~Y and AF,.% ~Y represent the difference 
in free energy between f.c.c. and b.c.c. chromium 


and iron respectively. The values of AF,,%—Y in 
the temperature range between 0° and 900°K (Refs. 
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7 and 8) are given by Eq. [4]. 


= 1202 - 2.63 x 10°° T? + 1.54 


x 10°° T* cal per mol [4] 


For temperatures above 900°K values of AFp,% ~Y 
interpolated by Fisher” from calculations by Johann- 
and Zener” have been utilized. * 

*A reader suggests that the author use the more recent?” values for 
Ar Yvs T in these calculations in preference to Eq. [4]. However, 
the of Normann and Scheil1® 7 clearly disctiminate in 
favor of Eq. [4] (T < 900°K) for Ae * Y vs T. These workers measured 
AH**” vs T in a series of art, spaced Fe-Ni alloys containing 5 
to 28 pct Ni. Extrapolation of these data to pure iron,” yields AH, aici 
vs T values which are in better agreement with Eq. 4] than with the re- 
cently proposed values. 27,28 


Recently Svechnikov and Lesnik™ derived values 
of AFc,*~ Y from a consideration of the Fe-Cr 
equilibrium diagram. Their results may be de- 
scribed by the following linear equation: 


AFo,%> Y = 460+ 1.0 T cal per mol [5] 
On the basis of the regular solution approximation®® 
Fy’ = By(1-y)+ RT [yiny 
+ (1 y) m(1 y)] cal per mol [6] 
Fy® =Ayx1- y)+RT[y ny 
+(1- y) y)] cal per mol [7] 
where A and B are temperature dependent. 
Substitution of Eqs. [5], [6], and [7] into Eq. [3] 
yields: 
=(1- y) + y(460 + 1.0 T) 
+y(1 - y) (B - A) cal per mol [8] 
The difference (B — A) may be evaluated by ap- 
plying Eq. [8] to the y loop of the Fe-Cr system. 
Taking the midpoint between the y and @ phase 
boundaries to obtain the T, vs y curve, values of 
(B - A) can be evaluated as a function of tempera- 
ture. It should be noted that AF®’~ Y = 0 at T,. 
Table I contains a summary of the results of these 


calculations. The following equation for (B - A) 
gives the best fit with the results: 


(B - A) = —2800 + 0.75 T cal per mol [9] 
Hence, 

AF y) + y (460 + 1.0 T) 

[10] 


Zener” has approximated AF a’ Y for iron-base 
alloys by Eq. [11] 


+ y(1 - y) (—2800 + 0.75 T) cal per mol 


AF Y= (1- y) AF 
+ AH cal per mol [11] 
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Table I. Values of (B= A) Calculated from Eq. [8] and the 
y-Loop in the Fe-Cr System!2 


(BA) 
y Ti mol cal per mol 
0.10 1085 +28 - 2030 
0.08 1090 +26 - 2000 
0.12 1095 +24 - 1960 
0.06 1100 +22 - 2030 
0.04 1120 +16 - 2045 
0.13 1140 ait - 1940 
0.02 1150 +8 - 2020 
0.12 1230 =40 - 1930 
0.10 1330 - 18 - 1810 
0.08 1405 - 20 - 1870 
0.06 1470 -19 - 1740 
0.04 1535 -15 - 1700 
0.02 1600 - 9 - 1650 
where 
AH = RT In== cal per mol [12] 


and Yq and yy are the chromium contents of the a- 
and y-phase boundaries. AH is taken to be constant 
in this approximation and represents the heat ab- 
sorbed when one mole of alloying element is trans- 
ferred from the a@ to the y phase.in iron. Although 
there are difficulties in assigning a single value to 
AH for the iron-chromium system,” **** positive 
values are indicated at high temperatures. Substi- 
tution of the values of yg and yy at 1400°K yields 
a value of about +150 cal per mol for Ad. 
However, in contrast to this result, Fisher, Hollo- 
mon, and Turnbull* have derived a value of AH 
= ~1200 cal per mol from a consideration of the 
kinetics of the martensitic transformation over the 
temperature range from 400° to 800°K. 

If Eq. [10] is put into the same form as Eq. [11], 
then 


AH = 460+ 1.0 T+ (1 - y) 
x (-2800 + 0.75 T) cal per mol [13] 
Since dilute alloys are considered, 
AH = —2340 + 1.75 T cal per mol [14] 


ie 1400°K AH = +120 cal per mol, while at 600°K 

= —1290 cal per mol. Consequently, the results 
co Eq. [10] encompass both the high-temperature as 
well as the low-temperature results. Eq. [10] con- 
tains the answer to the dilemma posed by Zener:* 
‘‘Why does chromium act as a gamma stabilizer at 
low temperatures and an alpha stabilizer at high 
temperatures?’’ At low temperatures 


y) 


which is negative dominates over AFco,%~ 7; whereas 
at high temperatures , which is positive, 
is greater in absolute magnitude than 

AFy 
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On this basis the so-called anomalous behavior of 
chromium in lowering M, , while forming a y loop 
in iron, can be explained. 

A qualitative explanation of this anomaly can also 
be made on the basis of the regular solution approx- 
imation, even if Eq. [5] were not available. Equili- 
bration of the partial molar-free energies of chro- 
mium in the @ and y phases at the phase boundaries 
of the y loop requires that® 


AFo,¢—Y + RT In 
Q 


[15] 


where yy is the chromium content of the a boundary 
and yy is the chromium content of the y boundary. 
If yy and y., go to zero, as is the case at 1183° and 
1673°K, then* 


*Note that AF” ”/y(1—-y) =(B—A). 


Y +(B- A) =RT calper mol [16] 


At the high temperature end of the y loop, yg > Vy 
as T + 1673°K, and[AF,.°~ Y + (B - A)] is posi- 
tive. Hence, AH is positive, Eqs. [11] through [16], 
and the b.c.c. phase is stabilized. At the low- 
temperature end of the y loop, y, > yq as 
T 1183°K, and 7+ (B - A)] is nega- 
tive. In this case AH is negative, and the y phase is 
stabilized by the addition of chromium. On this 
basis it is seen qualitatively that AH, which repre- 
sents the sum of two terms, is negative at low tem- 
peratures, goes through zero between 1183° and 
1673°K, and is positive at high temperatures. 


THERMODYNAMICS OF IRON-CHROMIUM- 
NICKEL ALLOYS 


If Eq. [10] is combined with the results obtained 
for the iron-nickel system,* A F® ~Y for iron- 
chromium-nickel alloys can be calculated® for tem- 
peratures between 100° and 900°K as follows: 


AFO' (1 = y) (1202 
+ 1.54 x 107° T°) + (460 + 1.0 T) 
+x (-3700 + 7.09 x 10"! 
+y(1-—x —y) (—2800 + 0.75 T)+x(1-% 
[17] 


In Eq. [17] x is the atomic fraction of nickel while y 
is the atomic fraction of chromium. In order to 
carry out the calculations of AF® ~Y at Ms for 
the alloys in which M, has been determined, 

it was necessary to take into account the thermo- 
dynamic effect of carbon and nitrogen present in 
these alloys. To do this an additional term 

Z (-560 + 0.18 T) was added where Z is equal to 
weight percent (C + N). The temperature depend- 
ent coefficient of Z is taken from Fisher’s analysis 
of iron-carbon alloys,*® increased by 15 pct to co- 
incide with the calculations of Cohen, Machlin, and 
Paranjpe. ° 

AF@’~ Y at Ms was calculated for 63 stainless 
steels having a total (C + N) content of less than 
0.2 pct. In these calculations it was assumed that 
nitrogen has the same effect on the thermodynamics 
of the a and y phases as carbon. In addition, most 
of the alloys had small amounts of manganese, 
usually less than 1.5 wt pct, which was added to the 
nickel content. The results are shown in Fig. 1, 
along with the earlier results obtained for iron- 
nickel alloys. 

Although the solid curve in Fig. 1, which repre- 
sents the best values of AF%~7 at M, vs M, for 
iron-chromium-nickel alloys, does not coincide 
with the dashed curve representing the same quan- 
tity for pure iron-nickel alloys, both curves have 
the same shape. In this range of temperature 
SFOS Y. (Fe-Ni-Cr) at M, lies about 100 cal per 
mol above AF® ~ Y (Fe-Ni) at M,. 

It is not possible at this time to decide whether 
the entire difference is real or due to inaccuracies 


x [3600 + 0.58 T (1 -/n T)] cal per mol 


600 


i a’ — 
Fig. 1—AF Y at Ms for iron-nickel 
and iron-nickel-chromium alloys. 


2 = ' 
AF" ~” at Mg for Fe-Ni 
at Mg for Fe-Ni-Cr 
100 aes = 
MEAN VALUES OF AF° “at Mg for Fe-Ni-Cr. 
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in Eq. [17]. It should be noted that a term corre- 
sponding to AFy% ~ Y(Ni-Cr), z.e., xy(B A)yic,> 
should be included in Eq.[17]. However, since 
it is not possible to evaluate (B - A) Nice at 
present, and since xy is an order of magnitude 
less than the other composition dependent terms 

in Eq. [17], this term has been omitted. (B-A)ni-c; 
would have to be negative and of the order of —5000 
to -10,000 cal per mol in order for it to bring the 
iron-nickel-chromium results into coincidence with 
the iron-nickel results. The carbon-chromium 
interaction has also been neglected in view of the 
low-carbon contents of the alloys considered. At 
higher carbon levels this interaction would un- 
doubtedly make an important contribution. On the 
other hand, it is not at all unreasonable to expect 
that thé driving force at M, in iron-chromium- 
nickel alloys should be greater than the driving 
force at M, in iron-nickel alloys. It is quite con- 
ceivable that the addition of chromium to iron-nickel 
alloys might increase both the a/y interfacial en- 
ergy and the modulus of the austenite and thereby 
increase AF® ~ Y at M,. However, the effect of 
chromium on the martensite embryo distribution in 
the austenite, which is a controlling factor’ in de- 
termining AF® ~ Y at M, is impossible to evaluate 
at present. 

The results of these calculations suggest a ther- 
modynamic method for calculating M, in this alloy 
system. Given an alloy containing x atom fractions 
of nickel and y atom fractions of chromium, 

AF® ~ Y can be calculated as a function of temper- 
ature. If the resultant curve is cross-plotted with 
the mean values of AF ®’~ Yat M,, Table II, the 
intersection of the two curves is the Ms tempera- 
ture. This construction is shown in Fig. 2. 

Eq. [17] indicates that if two alloys having the 
same M, temperature are considered, one con- 
taining chromium, the other containing no chro- 
mium, the pure iron-nickel alloy will have a lower 
T,- Since T, is the upper limit of M, in iron-base 
alloys (severe deformation was used to raise My 
to within 50°K of T, in iron-nickel alloys)” it fol- 
lows that the chromium-bearing alloy will be more 
susceptible to martensite formation via deforma- 
tion at temperatures above M, than the pure iron- 
nickel alloys. 


DISCUSSION 


The foregoing calculations are quite satisfying in 
that the extension of the iron-chromium thermody- 


Table Il. AF a> gt Mg vs Mg for Fe-Ni-Cr Alloys 


AF at Ms 
M,,°K cal per mol 
100 475 
150 465 
200 450 
250 430 
300 405 
350 385 
400 360 
450 335 
500 315 
550 290 
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AF CAL /MOL 


AF (for given alloy) 
CALCULATED FROM EQ. 17 


AF °*Y AT Mg vs. T 
FOR Fe-Cr-Ni ALLOYS 
(C+N <0.2 ) 
TARLE 11 


0°K T°K —> 
Fig. 2—Schematic representation of method suggested for 
thermodynamic calculation of Ms in Fe-Cr-Ni alloy con- 
taining less than 0.2 wt pct (C + N). 


namics to the iron-chromium-nickel system yields 
reasonable results. However, it would be highly de- 
sirable to have additional thermodynamic informa- 
tion which could serve as a direct check on the 
validity of Eq. [17]. AH ~ Y(Fe-Ni-Cr) can be 
calculated directly from Eq. [17] by noting that 


AH AF a 


calper mol [18] 


Measurements of AH@®’— Y(Fe-Ni) have been 
carried out by Normann and Scheil.*® These re- 
sults are in good agreement” ® with the calculated 
values for iron-nickel alloys and thereby attest to 
the reliability of the free-energy equations derived 
for this system.”® Similar measurements for 
Fe-Cr and Fe-Ni-Cr alloys would serve as a direct 
check of Eqs. [10] and [17]. Activity measurements 
of iron and chromium in the a@ and y phases of the 
iron-chromium system would yield values of Fy ® 
and Fy Y which would be very useful. Since, 


y (1 - y) (B-A)=Fy7 - Fy ® [19] 


such measurements would permit experimental de- 
termination of (B — A) for comparison with the de- 
rived equation, (B — A) = —2800 + 0.75 T. 

It must be pointed out that there is experimental 
evidence, reported by Grant et al.,”~” which stands 
in contradiction to the equation for AFc:% ~ Y re- 
ported by Svechnikov and Lesnik.** Grant and co- 
workers report a b.c.c.—f.c.c. transition at about 
2100°K in pure chromium. However, evidence for 
this transformation is limited, and a number of 
independent efforts to observe this reaction have 
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yielded negative results.™- * Furthermore, 
Meijering® has recently criticized the new Ni-Cr 
phase diagram’”-** on the grounds that the f.c.c. 
solubility gap proposed as part of the diagram, 
which is primary evidence for the high-tempera- 
ture b.c.c.+f.c.c. transition, is in conflict with the 
activity measurements of chromium in f.c.c. Ni-Cr 
alloys. Grube and Flad’s** measurements of the 
activity of chromium yielded negative values for 
Hy’ (Ni-Cr), in direct disagreement with the f.c.c. 
solubility gap. 

In view of the conflict between Eq. [5] and the 
contention that AF,,% ~7 = 0 at 2100°K, an at- 
tempt was made to carry out the calculations on the 
basis that chromium becomes f.c.c. when it is 
heated to 2100°K. By utilizing Eq. [3] together with 
the data in Table I, and treating AFo,%~ Y as an 
unknown quantity it was found that 


AFo,* ~ Y = 3460 - 1.65 T cal per mol [20] 
and 
(B - A)pec, = —5760 + 3.4 T cal per mol [21] 


The details of these calculations are given in the 
Appendix. Note that since AFco,% > Y + (B — A)Fe-cr 
= —2400 + 1.75 T, these results fulfill the require- 
ments of the y loop in the Fe-Cr system equally as 
well as the previous values derived on the basis of 
Eq. [5]. Furthermore, if Eqs. [20] and [21] are sub- 
stituted into Eq. [17] for AF ®’ ~Y (Fe-Ni-Cr) in 
place of Eqs. [5] and [9], values of AF®’> Y at M, 
are obtained which are very similar to those listed 
in Table II. Consequently, consideration of the 
equilibrium and martensitic reaction energetics of 
the Fe-Cr and Fe-Ni-Cr systems cannot discrimi- 
nate* between the two alternative equations for 

*Eq. [5] was derived!1 on the assumption that d/dT (B—A) =0. 
The treatment carried out here is more general in that it allows for de- 
viations from the Kopp-Neumann rule which can give rise to variations 
in (B —A) with temperature. Under these circumstances AF, eee Y can- 
not be accurately derived from the Fe-Cr equilibrium diagram. Further- 
more, it should be noted that neither Eq. [5] nor Eq. [20] yields results 
which are in agreement with Meijering’s? estimate of about + 3700 
cal per mol for ARS Y at 1400°K. 


AFc, % 


It is difficult to arrive at a clear-cut method for 
deciding whether Eq. [5] or Eq. [20] presents a bet- 
ter description of AFo,%~ Y vs T. The only 
method presently available is to consider the en- 
tropy changes predicted by these two equations. On 
this basis Eq. [5] yields AS..% ~ Y = -1.0 cal per 
mol while Eq. |20] indicates that AS Y = +1.65 
cal per mol. In general the entropy of the b.c.c. is 
presumed to be greater”»”* than the entropy of the 
close-packed structure (.e., AS% ~ Y< 0). How- 
ever, the high Debye temperature (485°K) and low- 
electronic specific-heat coefficient (3.8 x 107* cal 
per mol-* °K~’) of aCr could conceivably lead to 
AS®~Y>0.” On the other hand the magnetic 
properties of a Cr® would contribute to Sc,% and 
might offset the effects of the lattice and electronic 
specific heats. A detailed analysis of ASc:® > Y 
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would, of course, require comparable information 
on the magnetic and thermal properties of yCr, 
which are not available. 

A more satisfying basis for choosing between 
Eq. [5] and Eq. [20] can be arrived at by con- 
sidering the entropy of melting of a and yCr as 
follows: 

Umino*! has measured the heat of fusion of Cr. 
He finds that AHc,%~ “ ~ 3650 cal per mol. If the 
melting temperature”” is 2176°K then ~ is 
+1.68 cal per mol °K, which is comparable to the 
entropy of melting of most b.c.c. elements.*” 

Since 


Eq. [5] yields AS¢,Y~4 ~ 2.68 cal per mol °K, 
which is a reasonable value for the entropy of 
fusion of a f.c.c. metal,*” while Eq. [20] yields 
ASo,Y~4 ~ 0, which is not satisfactory. On this 
basis Eq. [5] seems most representative of 
AFc,4~Y vs T. Nevertheless it must be pointed 
out that Eq. [5] is only an approximation since it 
obviously violates the requirement of the Nernst 
theorem that ASc,2 ~Y + 0 as T — 0°K. A more 
exact expression for AF¢,%~ Y vs T would require 
the evaluation of additional parameters which is 
beyond the scope of the presently available data. 


SUMMARY 


A) Explicit equations for AF?’~ Y (Fe-Cr) and 
AF “~ Y(Fe-Cr-Ni) have been derived on the basis 
of the regular solution approximation by utilizing 
the values for AFo,% ~ Y obtained by Svechnikov 
and Lesnik.™ 

B) The equation for AF®’— ¥(Fe-Ni-Cr) has been 
tested by calculating AF’ Yat M, for a wide range 
of low (C +N) stainless steels. It is found that a 
plot of AF “’~Y at M, for these alloys yields results 
which are similar to those previously found for 
iron-nickel alloys.® 


C) A method is suggested for utilizing these 
equations in calculating M, for stainless steels. 

D) The proposed b.c.c. — f.c.c. transformation 
in chromium’ is considered within the ther- 
modynamic framework as an alternative to the 
Svechnikov and Lesnik result.’ An equation for 
AFc,%~ Y is derived on this basis. Considera- 
tion of the entropy changes attending a b.c.c. +f.c.c. 
transition in pure metals is found to discriminate 
in favor of the proposal” that AFc¢,%— Y = 460 
+1.0T. 

E) Experiments are suggested which would 
provide additional information concerning the 
validity of this treatment. 


ACKNOWLEDGMENTS 


The author is grateful to Dr. S. Andrew Kulin for 
encouraging this work and for many helpful dis- 
cussions. The numerical calculations of AF @’ > Y 
at M, were carried out by the Lincoln Laboratory 
Computing Group. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


APPENDIX 


If 
AFo,% ~ Y =a + bT cal per mol [A-1] 
and 
(B - A) =c+ dT cal per mol [A-2] 


where a, b, c, and d are constants, then for the 
values of T, and y shown in Table I 


The first five values of y and AFy,.%— Y in Table I 


are used to calculate (y - 1)/y x AFy,% — Y, these 
values are in turn plotted vs y. The resultant 
straight line may be taken as the sum of a + DT 

+ (1 - y) (¢ + dT) at T = 1100°K. The y = 1 inter- 
cept of this line is AFc,%~ Y at 1100°K, and was 
found to be +1645 cal per mol. The ¥ = 0 intercept 
is + (B A) = -—475 cal per mol at 
1100°K, from which a value of (B — A) = —2120 cal 
per mol at 1100°K was deduced. 


[A-3] 


These values make it possible to define d in terms 
of a, and d in terms of c. By substituting the re- 
maining values of y and T, into Eq. [A-3] along with 
the relationships deduced between a and } and c and 
d at 1100°K, nine equations can be derived involving 
a and c alone. However, the equations all seem to 
be redundant and yield a relationship between a and 
c but no explicit values. This relationship is 
a +c = -—2400 cal per mol [A-4] 

Explicit values of a and c (given in Eqs. [20] and 

[21]) can be derived if AF, %— Y is required to 
equal 0 at 2100°K. On the other hand, equations 
similar to Eqs. [5] and [9] can be deduced if 
“is required to be about —1.0 cal 
per mol °K.* 

*It may be noted that this result is comparable to the high-tempera- 

ture data on titanium3$ which indicate that 


AF _ 1050 + 0.91 T cal per mol, T = 1155°K 


yielding a value of _ 0.91 cal per mol °K for titanium, 
which has a c/a ratio which is almost ideal (1.59 vs 1.63). This result 
compares favorably with the value obtained from Eq, [5]. 
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The Nature of the g, g,, and g” Phases in the Cu-Al System 


D. F. Toner 


Tue decomposition of the 8 phase in the copper- 
aluminum system has recently been subjected to 

considerable investigation.’~* As a result of this 
work, principally by Haynes, much additional in- 

terest has been aroused concerning the various 
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Technical Note 


transitional or metastable phases in the Cu-Al 
system. No attempt has been made to resolve the 
question of whether the #1 and £” phases of Klier 
and Grymko’ are the same as the rosette-shaped 
phase first observed by Smith and Lindlief® in 1933 
during an isothermal transformation study of an 
eutectoid alloy. 

It is the purpose of this study, however, to obtain 


VOLUME 215, APRIL 1959-223 


as model of 8; accord- 


a clearer understanding of these phases and their 
fundamental relationships to the Cu-Al eutectoid 
decomposition. 


LITERATURE REVIEW 


The Cu-Al equilibrium diagram is well known in 
the region of the eutectoid reaction. Recently, West 
and Thomas” have proposed a peritectoid reaction 
between 350° to 370°C and at approximately 11.0 pct 
Al which occurs only upon long annealing time 
(11 days) below 350°C. This reaction will not be con- 
sidered in this investigation because the tempera- 
tures reported by West and Thomas are below those 
of interest here and the times of transformation are 
much longer. _ 

The stable and metastable phases occurring in this 
region of the eutectoid transformation are as 
follows:*~” 


a - copper-rich random face-centered-cubic ter- 
minal solid solution 

-°random body-centered-cubic intermediate high- 
temperature solid solution 

ya- intermediate solid solution, y-brass structure, 
ordered, 15.6 pct Al, maximum 

mw - uncertain, but similar to ye as proposed by 
Bradley and Jones® 

Bi- ordered body-centered-cubic solid solution of 
twice the lattice parameter of random B, 
Fig. 17° 

B”- rosette-shaped phase which some investiga- 
tors believe to be fi 

8B - martensite, approximately hexagonal close- 
packed, ordered, less than 13.1 pct Al 

y’ - martensite, hexagonal close-packed, ordered, 
more than 13.1 pct Al** 


EXPERIMENTAL PROCEDURE 


The various alloys were prepared from 99.98 pct 
Cu and 99.99 pct Al, melted in a graphite crucible in 
a Lepel high-frequency furnace. Specimens were 
sucked into a pyrex capillary tube ~ 1mm ID and 
ground to~ 0.2 mm diam and ~ 4 mm long, mounted 
on ‘‘Norvite’’ refractory in rod form, and attached 
to a brass fitting in the high-temperature camera 
for X-ray analysis. 

The specimen was inserted in the camera and 
homogenized at 800°C for $ hr or more; a protective 
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Fig. 2—Isothermal | 
exposure of 12.2; 
pet Al alloy for 3 
min at 470°C. Only 
the random £ lines 
are present 


Fig. pattern 
of the same speci- 
men as in Fig. 4 
after an air quench 
to room tempera- 
ture. 


film of AlzO3 formed on the surface making an inert 
atmosphere unnecessary. This thin surface film did 
not produce any lines in the XRD pictures because of 
the short exposure times, 2 min. Specimens were 
air-quenched to the desired isothermal transforma- 
tion temperature in situ, which was maintained by a 
predetermined power setting. Measurements showed 
that the desired transformation temperature was 
reached in 2 1/3 to 3 min max because of the small 
specimen size and the small heat-mass of the 
camera-furnace. 


RESULTS 


Alloys from 11.0 to 13.4 pct Al were transformed — 
for short periods at 535°, 500°, and 470°C and ana- 
lyzed with X-rays as mentioned previously. The 
patterns indicated that only equilibrium phases were 
present. Since no positive identification of the 61 
structure was obtained, it was decided to calculate 
the intensities of the Bi lines based upon Wasser- 
mann’s work.*° The calculated intensities of the 
random b.c.c. 8 and the ordered 6:1 phases are shown 
in Table I. These calculations are based upon the 
usual factors such as multiplicity, and the combined 
Lorentz-Polarization Factor. 

In Table I the relative values of the line inten- 
sities (with the strongest line assigned the value of 
100) are given in the J/J, columns. Also, N equals 
the se of the squares of the Miller indicies, h, ez, 
and J. 

In X-ray patterns having only the 8 phase present, 


Table |. Calculated Intensities for the B and 8B, Phases 


8B Phase (Disordered) 


N 1 (40°) 
2 108.8 100 
4 16.8 15:5 
6 34.3 
8 11.6 10.7 
10 20.4 18.9 
12 8.2 7.6 
14 97.0 89.8 
8, Phase (Ordered) 
1 0 0 
2 0 0 
3 9.16 8.4 
4 4.69 4.3 
5 0 0 
6 0 0 
8 109.0 100 
9 0 0 
16 16.3 14.9 
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Fig. 4—Chromic 
acid etch of 12.2 

pet Al specimen 

in Figs. 2 and 3, 
showing the ro- 

sette-shaped phase. 
X500. Reduced ap- 
proximately 27 pct 
for reproduction. 


all lines were found except the N = 12 line. This is 
a difference in intensity from 100 to 7.6. In the A: 
lattice the same order of relative intensity exists 
between N= 8, the strongest line, and N= 3 and 4, the 
superlattice lines. Thus, the superlattice lines by 
which the presence of £1 is determined are too low 
in intensity to be visible using the present technique 
of investigation. Therefore, the occurrence of fi 
during the isothermal X-ray technique can neither be 
denied nor affirmed. 

The calculated intensities were visually checked 
with the photographic reproduction of Wassermann’s 
X-ray patterns for the 12.7 pct Al alloy. The ob- 
served and calculated intensities agreed in all cases. 

As a further check on the existence of the B” 
phase, a specimen containing 12.2 pct Al was trans- 
formed at 470°C for 3 min and then quenched in situ 
to room temperature. The diffraction patterns are 
shown in Figs. 2 and 3. 

The above specimen was polished and then etched 
electrolytically with 1 pct chromic acid, Fig. 4. The 
same area etched with potassium bichromate, Fig. 5, 
only shows 8’ martensite with the thin film of a at 
grain boundaries. 

No superlattice lines were observed by X-ray dif- 
fraction in this specimen even though £: was present 
metallographically. 


DISCUSSION OF RESULTS 


The 8 ~ 8:1 Reaction—Below the eutectoid inversion 
temperature in an eutectoid alloy both 8 and f: are 
metastable phases. For short transformation times 
before either of the stable phases (a or yz) has pre- 
cipitated, 6 and #1 are in metastable equilibrium. 

The relationship between 6 and f; can be repre- 
sented by a metastable diagram in which two single- 
phase regions are separated by a two-phase region. * 
Beta exists at the higher temperatures and f; at 
the lower temperatures. When the two phases are in 
equilibrium with each other, 8: is richer in alumi- 
num than 8. For an alloy close to eutectoid compo- 
sition both may exist over a given range of tempera- 
ture of ~ 525°to 470°C as in a typical order-disorder 
reaction. 

It is observed that the chromic acid etch shows the 
8 + 6, Structure, Fig. 4, and the potassium bichro- 
mate etch shows the martensite formed upon quench- 
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Fig. 5—Same area 
as Fig. 4 except it 
has been etched 
with bichromate. 
X500. Reduced ap- 
proximately 27 
pet for reproduc- 
tion. 


ing to room temperature, Fig. 5, from the same 
isothermal transformation temperature. The mar- 
tensite needles run indiscriminately through the 
areas of 6 and £1. Within any one grain, martensite 
needles are stopped only at prior 8 grain boundaries. 
This indicates that within a single 6 grain, B and Bi 
have the same orientation. This usually is not the 
case for the precipitation from solid solutions in 
which the precipitate may take any number of avail- 
able orientations depending upon the crystallography 
of the reacting phases. 


CONCLUSION 


No experimental verification of ordering was 
found in the 6 phase; however, all evidence stated 
is consistent with the existence of such a phase. 
Further, it is likely that B” is not a separate phase 
from f1. 
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Dislocation Blocking in Face-Centered-Cubic Metals 


A delay time for yielding in cold-worked face-centered-cubic 
metals was found. Slip on {123} planes was observed, Glide on 


these planes occurred during the delay-time period before slip 


starts on the {111} planes. 


AN important approach to the study of the anchor- 
ing and blocking of dislocations is available through 
the delayed-yield phenomenon which has been ob- 
served in body-centered and hexagonal close-packed 
metal by several investigators. Clark and his as- 
sociates*"*® showed that a delay time for yielding is 
present in mild steels and fine-grain molybdenum. 
Type 302 stainless, SAE 4130 normalized, SAE 4130 
quenched and tempered, and 24S-T aluminum did 
not have a delay time. Kramer and Maddin® studied 
the delay-yield effect in metal single crystals. While 
they found a delay time in body-centered-cubic 
metals none could be found in the face-centered- 
cubic metals. Later’ a delay time was found in hex- 
agonal close-packed metals. 

Cottrell® has proposed an explanation for the dif- 
ference in the yield phenomena of b.c.c. and f.c.c. 
metals based upon the anchoring of edge dislocations 
by the proper types of impurity atoms (C and N). In 
the body-centered-cubic lattice the interstitial 
atoms are near a cube edge and can interact with an 
edge dislocation, while in a face-centered-cubic 
lattice the distortion around an interstitial atom is 
of spherical symmetry and cannot anchor a screw 
dislocation which has practically no hydrostatic 
component. Cottrell’s theory seems to account 
rather well for the behavior of body-centered-cubic - 
metals. 


EXPERIMENTAL PROCEDURE 


The apparatus used in these experiments is es- 
sentially of the same design as described previ- 
ously.° Single crystals 1 in. long and having a di- 
ameter of 7/2 in. were placed in a pendulum which 
consisted of a bar 8 ft long designed with a crystal 
holder to accommodate the specimen at low tem- 
peratures. This portion of the apparatus was sup- 
ported on fine molybdenum wires. A bar of the 
same diameter and length comprised the other 
portion of the apparatus. This bar was supported 
on a set of roller bearings arranged around the 
periphery of the bar to allow accurate alignment. 
This bar was propelled by means of a spring- 
loaded gun and allowed to strike the lead bar in 
front of the single-crystal specimen. 

SR-4 type A-8 resistance strain gages were ce- 
mented to the specimen and the strain measure- 
ments were obtained by amplifying the strain-gage 
output by means of a high-gain preamplifier. A 
tektronix 545 oscilloscope was used together with 
a polaroid camera to record the strain and time 
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sweep. An Ellis Associate Bridge was used to cal- 
ibrate the strain gages and calibration readings 
were obtained before each test. The sweep of the 
time signal was initiated by means of a miniature 
thyraton which was fired when the two bars came 
into contact. 

The single-crystal specimens were cut from 
single-crystal bars about 12 in. long, grown by a 
modified Bridgman technique. The aluminum crys- 
tals were made with material of 99.99 pct purity 
while the purity of the copper was 99.999 pct. A 
cut-off wheel was used to prepare the specimens 
which were then machined to the desired length. 
The two opposite faces of the specimen were par- 
allel to each other and perpendicular to the axis of 
the specimen. The specimens were compressed 
1 pct. No machining followed thereafter. In some 
cases prestraining was carried out in liquid nitro- 
gen by impacting the specimens directly in the ap- 
paratus so that subsequent observations could be 
made without allowing the specimen to warm up to 
room temperature. 

The single crystals were compressed 1 pct at 
room temperature in a hand press without much 
control of the rate of deformation. In some cases 
specimens were recompressed to obtain the de- 
sired length change. As far as could be determined 
in these experiments this factor did not seem to in- 
fluence the results. The SR-4 strain gages were 
glued with a cellulose type cement onto the speci- 
men surface and baked at 45°C for 12hr. Asa 
check on the baking treatment gages were allowed 
to dry at room temperature. All delay time tests 
in this paper were conducted in a liquid nitrogen 
bath at —195°C. 

A schematic delay time oscilloscope trace is 
shown in Fig. 1. At point B the elastic stress wave 
caused by the impact reaches the strain gage on the 
specimen. The portion BC is the elastic strain. In 
this investigation the strain at point C was used to 
calculate the critical resolved shear stress by mul- 
tiplying by the proper modulus depending upon the 
orientation of the single-crystal specimen. The 
time between C and D is the delay time portion of 
the curve. This portion of the curve is fairly flat 
but does have a definite microstrain associated with 
it. After the point D is reached the specimen de- 
forms rapidly and the strain reaches a maximum 
at E, Following this, depending upon the length of 
the bar behind the specimen, the strain remains 
constant for a period and then decreases when the 
reflected elastic wave returns from the end of the 
pendulum bar. A permanent plastic strain is re- 
corded on the oscilloscope trace and also measured 
by a strain-measuring bridge. The strain, €p, 
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Fig. 1—Schematic delay time oscilloscope trace. 


always corresponded to the strain produced between 


C and E. This factor proved quite helpful as it 
served as a check on the value of elastic strain and 
also showed that the microstrain associated with 
the delay time region CD is not recovered and is 
caused by dislocation movement. This latter point 
is important as will be seen later. A typical delay 
time curve as recorded on the oscilloscope is given 
in Fig. 2. 

Undeformed single crystals of aluminum and cop- 
per were first tested to check previous delay time 
observations and to note distortions in the oscillo- 
scope trace due to reflected waves from the sup- 


ports of the pendulum. No delay time could be found 


even though sweep times of 10 u per cm were used. 
Through the use of fine molybdenum wires for sup- 
ports, reflected waves were minimized and could 
not be detected on the oscilloscope traces. 


ROOM-TEMPERATURE PRECOMPRESSION 


For the specimens precompressed at room tem- 
perature, a series of tests were conducted by vary- 
ing the stress imparted to the specimen and meas- 
uring the delay time portion CD of the curve in 


Fig. 1. Tests were also made by changing the length 


of the bar behind the specimen, to vary the time of 
application of the load, and the stress was applied 
in small increments until the first signs of plastic 
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Fig. 2—Oscillogram trace showing delay time. Trace 
starts at right and sweeps towards left. One division is 
50 x 10-8 sec. 


flow appeared. The same delay time relationship 
was attained in both cases. 

The curves in Figs. 3 and 4 obtained for alumi- 
num and copper show that a delay time for plastic 
flow does exist. In general it is similar to those 
obtained for body-centered-cubic metals. When the 
critical resolved shear stress is plotted as a func- 
tion of the log of the time, a linear relationship is 
obtained. As the applied stress decreases, the 
delay time increases and becomes very large as 
the stress approaches the static values for the 
critical resolved shear stress. It should be noted 
that single crystals of various initial orientations, 
Fig. 5, were used to obtain the delay time data; 
however, all points fell around the same line 
showing that the delay time is independent of ori- 
entation, to the extent of orientation spread used.* 


*Additional measurements on aluminum crystals with orientations 
nearer to the center of the triangle yielded delay time curves which 
have a much smaller slope and are below those shown in Fig. 3. 


LOW-TEMPERATURE PRECOMPRESSION 


Since it was desired to find if diffusion of vacan- 
cies and impurities as well as dislocation rear- 
rangement were the dominating cause for the 
existence of a delay time in face-centered-cubic 
metals, a series of tests was conducted during 
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Fig. 4—Delay time curve for single crystals at — 195°C. 


which the specimen was deformed at liquid-nitrogen 
temperature. Specifically, four undeformed single 
crystals each of aluminum and copper were com- 
pressed dynamically about 0.2 pct in the liquid- 
nitrogen bath of the delay time apparatus. Immedi- 
ately after the first impact, a second impact was 
made to determine whether a delay time period 
occurred. A lapse of not more than 15 sec occurred 
between the first and second impacts. While strain- 
time oscilloscope traces obtained on the undeformed 
specimens failed to show the delay yield phenome- 
non, the deformed specimens always exhibited the 
effect. Although the data obtained were not suf- 
ficient to plot a curve similar to that of Figs. 3 

and 4, the delay time period for the corresponding 
critical resolved stress was longer in the specimen 
deformed 0.2 pct at —195°C than for the specimens 
deformed 1 pct at room temperature. This is in 
agreement with the results of Haasen and Kelly® 
who found a larger increase in the yield-point rise 
for aluminum specimens prestrained at low tem- 
perature than for those prestrained at room tem- 
perature. For nickel specimens, the opposite effect 
was found. 


{123} SLIP- LINE OBSERVATIONS 


Single-crystal specimens of copper and aluminum 
were studied after high-velocity impact to deter- 
mine the slip planes and other possible deformation 
characteristics. Accordingly, specimens were pre- 
pared by polishing three surfaces. One surface 
perpendicular to and two surfaces 90 deg apart and 
parallel to the specimen axis were selected for 
study. 

Initially, annealed specimens were subject to im- 
pact loads at both room temperature and at —190°C. 
As expected, slip occurred only on the {111} planes. 
Other specimens were compressed 1 pct before 
impacting at room temperature and in these cases 
also slip occurred only on the {111} planes. How- 
ever, when the specimens which had been previously 
deformed either at room temperature or at —190°C 
were further deformed at high velocities at —190°C 
slip occurred on ‘‘non-{111}” planes as well as {111} 
planes. These data are shown in Fig. 6 wherein the 
poles of the planes passing through ‘non-{111}”’ 
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traces are plotted. It is seen that the poles fall 
within 2 to 4 deg from the [123]. At least six speci- 
mens were studied in this manner and in all cases 
slip on planes other than the {111} was found. In 
Fig. 6 the pole given by specimen A17-1 is repre- 
sentative of those specimens which had been de- 
formed to produce both {123} and {111} slip-plane 
markings. In these experiments the stress and time 
of application of the load were sufficiently large so 
that the delay time portion of the curve (CD of Fig. 1) 
was exceeded. Cross-slip occurred in all cases 
when {111} slip was found and in some specimens 
slip was evident on all four {111} planes. 

A further investigation was conducted by ad- 
justing the stress and time of duration of the stress 
so that the delay time period (CD of Fig. 1) was not 
exceeded. This was done by placing a 3 in. long bar 
behind the specimen to allow the duration of the 
stress to be about 30 x 107° sec. The strain pro- 
duced by this type of test is roughly between 
50 x 107° to 100 x 107°. Examination and stereo- 
graphic analysis of the slip line traces in the usual 
manner on specimens A17-2 and Cu 1B-1, Fig. 6, 
showed that deformation occurred only on the {123} 
planes. 

Since slip on planes other than those of the {111} 
planes have not been previously found, considera- 
tion has been given to other possible explanations 
for the observed traces on the specimens. The 
traces found on the surfaces could not have been due 
to twins since repolishing completely removed them. 
Kink bands or deformation bands as well as strain 
markings seem unlikely as these can only be de- 
tected by special X-ray techniques whenever the 
strain is about 1 pct. The strain occurring as a 
result of testing in the delay time region are ex- 
tremely small (50 x 107* pct). 

Fig. 7 shows {123} slip-line traces obtained on 
an aluminum specimen which had been compressed 
statistically 0.85 pct at room temperature and then 
impacted at -190°C. Four faces, three longitudinal 
and one transverse to the specimen axis, were 
first examined after the static compression and 
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Fig. 5—Orientations of single crystals. 
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formed at — 190°C 
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mation at room 
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slip-line traces from four {111} planes were found. 
The photomicrographs were obtained after the 
dynamic compression without repolishing to re- 
move the {111} traces caused by the static com- 
pression. In addition to some faint {111} slip 
traces, parallel to the four sets of original heavy 
{111} traces, slip lines traces of {123} planes 
were observed. These traces, designated by an 
arrow drawn parallel to them, appeared at an 
angle of 17 deg to the specimen axes, while the 
closest {111} traces were at an angle of 52 deg. In 
many cases, it was observed that the {123} traces 
stopped or became discontinuous in the vicinity 

of the heavy {111} slip markings. 

A mechanism to explain, in detail, all of the 
factors operating during the delay time phenomena 
is difficult to formulate at this time. The mecha- 
nism must take into account the temporary nature 
of the blocking of the dislocations and that the un- 
blocking is thermally activated. It must also ac- 
count for the experimental observation that slip oc- 
curs on the {123} planes before the deformation 
proceeds on the {111} planes. Mechanisms in- 
volving diffusion processes such as locking by 
impurity atoms, vacancy-vacancy interactions, or 


Fig. 7(a)-{ 123} slip-line traces obtained on an aluminum 
specimen which had been compressed statically at room 
temperature and then dynamically compressed at —190°C. 
X1100. Reduced approximately 15 pct for reproduction. 
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dislocation-vacancy interactions, may be eliminated 
as probable causes since the delay time effect was 
present in specimens which were deformed at 
liquid-nitrogen temperatures and tested immedi- 
ately afterwards. At the temperatures involved, 

a time period of 15 sec is too short to allow these 
types of interactions. Sessile dislocations may be 
expected to raise the critical resolved shear stress 
but they will not impart the necessary ‘‘temporary 
blocking’’ mechanism required. 

Haasen and Kelly® proposed that the yield-point 
effect found in their studies on aluminum and nickel 
was due to the anchoring of dislocations during un- 
loading and this process of anchoring is responsible 
for the yield point on reloading. While the formation 
of jogs by intersecting dislocations cannot be ex- 
pected to be primarily responsible for the yield- 
point a delay time phenomena, it is possible that 
the blocking mechanisms may be due to a Cottrell- 
Lomer lock or in a similar manner to the formation 
of constrictions” caused by the intersection partial 
dislocations. In the latter case the movement of 
partial dislocations upon reapplication of the stress 
will be influenced by the width of the stacking faults 
associated with them. It would be expected that the 
difficulty in cutting through stacking faults would 
increase with the width of the fault. Therefore, the 
flow stress for copper would be less dependent on 
time than aluminum, as was found. 

Independent of the special mechanism involved it 
is possible to obtain a theoretical representation of 
the experimental results as follows. In a recent 
communication P. Haasen™ has pointed out that 
Seeger’s’”’ theory for processes involving obstacles 
leads to an expression of the form: 


where ¢ is the delay time, ¢,, = 10° (inverse Debye 


Fig. 7(b)—{ 123} slip-line traces obtained on an aluminum 
specimen which had been compressed statically at room 
temperature and then dynamically compressed at — 190°C. 
X520. Reduced approximately 15 pct for reproduction. 
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frequency), T is the temperature, °K, U is the en- 
ergy required for the dislocation to surmount the 
barrier in the absence of the applied stress, ao is 
the reduction of U in the presence of a stress o, and 
a is a proportionality constant. This expression is 
in agreement with the experimental results of Figs. 
3 and 4 and in particular the parameters U and a 
have the following values: 

For aluminum: 

U= .14 ev. 
a = 63 x 10-** cm® 

For copper 

U= .18 ev. 
a = 4x 107% cm? 

The curves for aluminum and copper in Figs. 3 
and 4 consist of two portions: the delay time por- 
tion which is the line sloping to the left in accord- 
ance with Eq. [1] and the horizontal line which is 
drawn at the value of the ‘‘static’’ critical resolved 
shear stress. Below this latter line slip markings 
could not be observed, however, when specimens 
were stressed above this value slip occurred only 
on the 1141} planes. In the region to the left of the 
delay time portion of the curve, slip occurred only 
on the {123} planes. The intersection of these two 
curves gives a measure of the maximum velocity of 
a dislocation moving on a {111} plane through the 
forest of dislocations. The curves show it takes 
about 5 X 107° sec for aluminum and roughly 107° 
sec for copper for the dislocations to move in suf- 
ficient amount to be detected either by microscopic 
examination or strain measurements. 

A general explanation of the delay time phenome- 
non in face-centered-cubic metals can be found 
from the experimental observations made during 
this investigation; however, a detailed description 
of the dislocation readjustments requires further 
study. When the undeformed single-crystal speci- 
mens are first compressed, slip takes place on the 
{111} planes and the density of the dislocations on 


these planes is increased appreciably. Upon re- 
lease of the load and perhaps during the time before 
the high-velocity compression, a dislocation read- 
justment occurs, the details of which are not en- 
tirely clear. In any case, the movement of the 
dislocations on the {111} planes is time dependent 
and upon reapplication of the load for a short time 
period, the time is not sufficiently long to allow slip 
to occur on these planes. Apparently the stress is 
high enough to exceed the critical stress on other 
planes and it is experimentally observed that slip 
does occur on the {123} planes. The delay time 
region is time during which {123} slip occurs. After 
slip on the {123} planes is completed, slip on the 
{111} system becomes active. The plastic strains 
at the completion of the delay time period is of the 
order of 50 x 107°, 
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Cause of Cleavage Fractures in Ductile Materials 


Experimental evidence was obtained in support of the idea 


that cleavage fracture can be initiated by dislocation pile-up. 
The high ductility of MgO crystals when tested in bending com- 
bared to their relative brittleness in tension was explained on 


J. Washburn 
A. E. Gorum 


the basis that large pile-ups are more likely in a tension 


specimen. 


CLEAVAGE fractures have been a problem of major 
concern for many years. A number of large steel 
structures have failed in a brittle manner, usually 
suddenly and without warning; often the failures oc- 
curred for no obvious reason and at nominal stress 
levels well within the generally accepted range. A 
great deal of data have been collected about factors 
that contribute to failures,’ but the physics of the 


J. WASHBURN and E, R. PARKER, Member AIME, are Associate 
Professor and Professor of Metallurgy, respectively, and A. E. GORUM 
is Assistant Research Engineer at the University of California, Berkeley. 

Manuscript submitted April 16, 1958. IMD. 


230—VOLUME 215, APRIL 1959 


E. R. Parker 


fracture process has never been revealed. Cottrell? 
has recently developed a theory of brittle fracture in 
ductile materials which was based upon the concept 
that dislocations moving on two intersecting planes 
can unite to form a crack nucleus. This theory ac- 
counts for the known effect of grain size and for the 
effect of testing temperature. There has, as yet, been 
no experimental evidence published that would sub- 
stantiate this or the earlier theories based on stress 
concentrations due to piled-up dislocations. The 
study reported herein was conducted to obtain infor- 
mation that would either substantiate or disprove the 
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theory that dislocations on intersecting planes could 
cause a cleavage crack to nucleate along the inter- 
section of the planes. 

Etch pit and decoration techniques for revealing 
individual dislocations *»*° have made ionic crystals 
attractive materials for fundamental studies of slip, 
dislocation substructures, and fracture. Slip in lithium 
fluoride has been extensively studied by Gilman and 
Johnston.® One of their conclusions is particularly 
interesting because there seems to be no completely 
satisfactory theoretical explanation. The grown-in 
substructure of dislocations appeared to play no role 
in the formation of slip dislocations. The nature of 
the slip sources is still obscure. When lithium- 
fluoride crystals were loaded to a surface stress of 
about 1400 psi, dislocation half loops appeared on 
etching as new pairs of pits far removed from any of 
the grown-in dislocations. The grown-in dislocations 
were never observed to move at any stress up to the 
fracture strength. Experiments with other crystals 
having the sodium-chloride structure are therefore 
also of theoretical interest as a check on the gener- 
ality of the lithium-fluoride results. 


EXPERIMENTAL PROCEDURE AND RESULTS 
Maghesium-oxide crystals having a purity of about 
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(6) Tensile testing 


99.5 pct were obtained from the Norton Co.; the major 
impurity was silicon. The crystals as received were 
large irregular pieces. Test specimens of rectangu- 
lar cross section and about 3 cm long were cleaved 
from the large crystals. 

Specimens were tested in both bending and tension 
at room temperature in the microtesting machines 
shown in Fig. 1. The loads were measured to an ac- 
curacy of 0.5 g and the elongations or deflections 
were determined to 0.0001 cm. Typical stress-strain 
curves obtained from tension tests of 99.5 pct pure 
magnesium-oxide crystals are shown in Fig. 2. 
Strain at fracture varied between wide limits; some 
specimens broke with less than 0.05 pct strain 
whereas others extended as much as 0.5 pct. The 
yield strength was approximately 11,000 psi. After 
testing the specimens were etched in 10 pct NH;Cl, 
30 pct HCl solution to reveal the distribution of slip. 
Fig. 3 shows slip bands as they appeared on all four 
faces of a typical specimen. 

The slip systems in MgO are of the type <110> 
{110} as they are in other crystals of the NaCl 
structure. When a specimen is loaded along a <100> 
direction, four of these systems are subjected to the 
same resolved shear stress. Slip bands on all four 
systems can be seen in Fig. 3. The fracture surface 
of each specimen was also examined and is shown 
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Fig. 1—Micro-testing machines 
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Fig. 2—Typical stress-strain curves from tension tests of 
magnesium-oxide crystals. 


0.4 Or 0.6 


at the top. The pattern of cleavage steps on the 
fracture surface clearly located the point of frac- 
ture nucleation; usually this was at one of the 
corners, In the case shown, the crack started at 
the upper left corner of the fracture surface. 
Knowing the exact point of fracture nucleation and 
also the distribution of slip on all four surfaces, it 
was possible to correlate the start of fracture in 
each specimen with certain features of the slip- 
band structure. It was observed that cracks often 
started at a point on a surface where two active 
slip bands on intersecting systems crossed each 
other. Several examples are shown in Fig. 4. 

Bend specimens were used to study the develop- 
ment of slip bands in more detail. Three-point load- 
ing produces a strain gradient along the length of the 
beam and there is also a gradient from the surface 
to the neutral axis. The grown-in substructure of 
dislocations was apparently not mobile at any stress 
level below fracture. Slip first appeared on single 
planes (as revealed by single rows of etch pits) and 
gradually spread into broad densely populated slip 
bands. Fig. 5 shows several stages in the develop- 
ment of slip in MgO. The crystals were initially 
highly perfect; they had a large subgrain size and 
contained very few randomly distributed disloca- 
tions. Many specimens had no subgrain boundaries. 

The most striking difference between the tension 
and bend tests was the large plastic strain in the 
latter prior to fracture. In many bend specimens, 
the maximum tension strain at the surface was as 
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high as 20 pct whereas the tension specimens always 
broke with less than 1 pct strain. In order to help 
clarify this result, bend specimens of 1 to 5 mm in 
thickness were tested. The maximum plastic strain 
prior to fracture was found to increase with decreas- 
ing thickness. Typical slip-band distributions found 
in bend specimens are shown in Fig. 6. Frequently, 
one system dominated on the tension side of the beam 
and the conjugate system operated on the compres- 
sion side. Since four systems are equally stressed, 
this kind of slip distribution suggests that disloca- 
tions on a slip band in one system are effective 
barriers to slip on an intersecting system. The ef- 
fectiveness of wide slip bands as barriers to dislo- 
cations on the conjugate system was often clearly 
illustrated near the center of the compression side of 
bend specimens. At the stress concentration where 
the central load was applied, two wide slip bands 
formed very early in the test. Fig. 7 shows these 
slip bands in a bent crystal as revealed by placing the 
specimen between crossed polarizers. A region of 
the same specimen near one of the broad slip bands 
is shown in Fig. 8. Many of the intersecting slip 
bands have failed to penetrate the barrier imposed by 
the initial slip. Enough dislocations piled up against 
the barrier in this specimen to bend the crystal about 
3 deg. This corresponds to a difference in shear 


Fig. 3—Slip bands shown on all four {100} cleavage faces 
of a magnesium-oxide tensile specimen. The fracture sur- 
face is also shown at the top. General background of etch 
pits arranged along vertical lines is due to a large number 
of small dislocation half loops introduced at the surface 
during cleaving of specimen. X80. Reduced approximately 
50 pet for reproduction. 
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Fig. 4—Typical examples of cracks at the intersections of 
slip bands in MgO tensile specimens. Frequently several 
of these small cracks could be found after one of them had 
already resulted in parting of the specimen. (a) and (6) 
cracks at specimen edge - shown on both surfaces. X1000. 
(c) crack at an intersection a small distance away from an 
edge. X400. (d) and (e) cracks at edge intersections. X400. 
Reduced approximately 55 pet for reproduction. 


strain across the barrier of about 5 pct. Although 
Slip bands were effective barriers to motion of dis- 
locations on intersecting systems, the grown-in sub- 
structure boundaries generally were not. Fig. 9 
shows the early development of slip bands which 
penetrated grown-in small angle boundaries with no 
noticeable difficulty. This was generally observed 

in both MgO and LiF. The pile-up of dislocations 
against subboundaries appeared to be the exception 
rather than the rule. Probably subboundaries are ef- 
fective barriers only when certain relationships exist 
between the Burgers vectors of boundary dislocations 
and slip-band dislocations. 


One slip system 
preferred. 


(a) X100 


Fig. 5—Development of slip in MgO. Same field is shown 
with amount of plastic deformation increasing from top to 
bottom. Field shown in (a) corresponds to inscribed area 
in upper picture (b). Reduced approximately 50 pct for re- 


production. 


All four side surfaces of the specimen shown in 
Fig. 3 show evidence of surface deformation which 
occurred during cleavage of the specimen from a 
larger crystal. Gilman’ has postulated that disloca- 
tion loops are formed in front of an advancing cleav- 
age crack and that if the crack is advancing at less 
than a critical rate, the loops grow large enough to 
be stable and remain as half loops at the cleavage 
surfaces. Near the edges of the specimens, the de- 
formation during cleavage was more extensive. Most 
of the deformation accompanying cleavage may not 
be due to the formation of isolated loops ahead of the 
advancing crack but rather to the motion of disloca- 
tions along with the moving crack. The slip planes 
whose traces on the cleavage surface are most 
nearly parallel to the direction of crack propagation 
would therefore be expected to be the active ones. 


Several slip sys- 
tems active. 


(6) X50 


Fig. 6—Typical slip distribution in bend specimens of MgO, Reduced approximately 18 pct for reproduction. 
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Fig. 7—Slip distribution in a bent crystal of MgO as re- 
vealed by polarized light. X250. Reduced approximately 
48 pct for reproduction. 


The speed of a moving dislocation is a function of the 
stress. Therefore, the critical velocity of crack 
propagation above which the dislocations would be 
left behind should be determined by the magnitude of 
the shear stress on the slip planes near the crack 
front. The shape of a crack front, which can be de- 
duced from the cleavage step pattern (for example, 
from the surface which was cleaved last on the 
specimen shown in Fig. 3, second from the far 
right), is shown schematically in Fig. 10. The shear 
stress on the slip planes is therefore greatest near 
the edges of the crystal where the crack front is 
nearly parallel to the side surfaces. It was experi- 


| ° 
32 
Fig. 8—Pile-up of dislocations against a wide slip band in 
MgO. Number of dislocations held up is great enough to 
cause a 31/2 deg bend of the lattice as shown by the direc- 


tions of slip bands on the two sides on the barrier. X250. 
Reduced approximately 27 pct for reproduction. 
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Fig. 9—Slip panids in MgO Gedling through 


boundaries without noticeable pile-up. X400. Reduced 
approximately 49 pct for reproduction. 


mentally observed that deformation due to cleavage 
was frequently restricted to a narrow band near the 
edges of a crystal. The side surface of a crystal in 
which a cleavage crack had been stopped is shown in 
Fig. 11. Dislocations traveling with the crack front 
are visible on the side surface. Fig, 12 is a sche- 
matic drawing showing how this edge deformation 
occurs. The strain is greatly exaggerated for clarity. 
Dislocations introduced during cleavage were lined up 
in rows parallel to a <100> direction. This suggested 
that the dislocations that moved forward with the ad- 
vancing crack front had left behind secondary loops, 
just as the leading dislocation in a slip band does. 
The shape of a crack front could be partly deter- 
mined by the dislocations that move with it. The 
probable shape of a slowly moving crack front is 
shown schematically in Fig. 13(@). The contour of the 
cleavage face after passage of the crack front and its 
associated dislocations is indicated in Fig. 13(b). 
Fig. 14 shows cleavage deformation at X150 and 
X1000 magnification, see also Fig. 3. If the proposed 
mechanism of cleavage damage is correct then the 
dislocations introduced during cleavage all belong to 
the <110> {110} systems having traces on the cleav- 
age plane parallel to the length of the specimen be- 
cause these were the only ones that could have fol- 
lowed the advancing crack front. 


CLEAVAGE STEPS 


Fig. 10—Relation 
between cleavage 
step pattern and 

shape of a crack 


INSTANTANEOUS 


POSITION OF THE 
CRACK FRONT 
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Fig. 11—Stopped cleavage crack in a magnesium-oxide 
crystal showing edge deformation. Crack was propagating 
from left to right. X250. Reduced approximately 12 pct for 
reproduction. 


When specimens were tested in tension with the 
load being applied along the longitudinal direction, no 
component of shear stress acted in the direction of 
the Burgers vectors of the cleavage dislocations. 


DISLOCATIONS ON (OI!) & 
MOVING WITH CRACK FRONT 


A 


CRACK FRONT ON 
(00!) MOVING IN 


PATHS OF MOVING 
DISLOCATIONS ALONG 


CLEAVAGE FACE 


(b) 


Fig. 13—Dislocations moving with a crack front (a) Shape 
of crack front (simplified). (b) Contour of fracture surface 
after passage of crack front and its associated dislocations. 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


(@ Dislocations 
originating at tip of 
crack move out to N. 
side surface when 
crack approaches 
within critical 


distance. | | | | 


(6) When crack 
reaches surface 
entire corner has 
been plastically 
sheared. (Strain 
magnitude greatly 
exaggerated.) 


Fig. 12—Edge deformation during motion of a crack front 
like that shown in Fig. 10. 


Therefore, they would not be expected to act as 
sources during a tension or bend test. Their pres- 
ence appeared to have no effect on the plastic proper- 
ties. 

Individual dislocation half loops in lithium fluoride, 
after being expanded by an applied stress, were found 
to be greatly elongated in the direction of the Burgers 
vector of the dislocation.® This suggested that edge 
dislocations were more mobile than screw disloca- 
tions. The same conclusion was reached in a study of 
slip-band growth in metal single crystals.* The 
growth of slip bands in MgO also reflected the greate 
mobility of edge dislocations. Bands always grew 
rapidly across the surfaces where the trace of the 
slip plane was <110> and then more slowly across 
the surfaces on which the trace was <100>. Fig. 15 
illustrates this point. The band marked by arrows 
started somewhere on the back face and propagated 
quickly across it. At the time the test was stopped, 
it had grown nearly through the crystal as seen on 
faces (a) and (c). Just a few dislocation loops had be- 
gun to appear at the center of face (b) as shown in the 
circle showing that the slip band front was slightly 
curved and in nearly pure screw orientation. 


DISC USSION 


The ductile behavior of thin specimens when tested 
in bending was in sharp contrast to the nearly brittle 
behavior of pieces of the same crystals loaded in 
tension. The stress gradient in bend specimens ap- 
peared to be the important factor. In a thin bend 
specimen, the dislocations were formed at or near 
the surfaces of the specimen farthest from the neu- 
tral axis. All of the slip bands started at the tension 
and compression sides of the beam and propagated 
toward the neutral axis. Large dislocation pile-ups 
causing serious stress concentrations could not occur 
near the tension surface when all the active sources 
lay on that surface. Pile-ups that did occur near the 
neutral axis were not effective because of the low 
stress in that region. In a tension specimen, where 
the stress is uniform across the section, slip bands 
can intersect far away from the active sources and 
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fer | | (a) 
| | | | 


Fig. 14—Dislocations formed by a slow 
moving cleavage crack. (b) and (c) are 
enlarged views of the area outlined in (2). 
As-etching time was increased as in (c). 
Many pits became flat bottomed presum- 
ably due to glide of loops to the surface 
during etching. Reduced approximately 
35 pet for reproduction. 


(c) X1000 


Fig. 15—Typical slip band that has not 


therefore large dislocation pile-ups can occur and 
cause the local stresses to exceed the fracture stress. 
Intersections like the one shown schematically in Fig. 
16 were often found to lead to fracture, see Fig. 4. 

The following is a summary of the important ob- 
servations; 

1) The grown-in substructure apparently played no 
role in the plastic properties. None of the grown-in 
dislocations were observed to move. Dislocations ap- 
peared to be formed whenever the stress was high 
enough to move them through the crystal. Grown-in 
substructure boundaries were apparently not effec- 
tive barriers. The nature of the sources was not 
determined. 

2) The mobility of screw dislocations was appar- 
ently less than that of edge dislocations. Slip bands 
always spread more rapidly in the direction of the 
Burgers vector than in the direction at right angles. 

3) Slip bands started as single lines, as revealed 
by resolvable pits and gradually grew in length and 
width as the plastic strain increased. 

4) Slip bands on one system acted as effective 
barriers to the growth of bands on an intersecting 
System. Dislocation pile-ups at slip-band intersec- 
tions caused stress concentrations that led to crack 
nucleation. 

5) Dislocations moved with slowly propagating 
cleavage cracks, leaving behind a plastically de- 
formed surface layer. Fast moving cleavage cracks 
produced undeformed cleavage faces. 
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yet spread entirely across the slip plane. 
Bands always spread rapidly in <110> 
direction and more slowly in <100> in- 
dicating greater mobility of dislocations 
in edge orientation. In this case a few 
loops have broken through at center of 
remaining face showing that slip-band 
front is slightly curved and in nearly 
pure screw orientation. X100. Reduced 
approximately 35 pet for reproduction. 


Fig. 16—Formation 
of a crack at inter- 
section of two slip 
bands. Slip was 
nucieated at A and 
B. Pile-up of dislo- 
cations at C caused 
stress concentration 
sufficient to nucleate 
crack. 
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6) Thin bend specimens exhibited surface plastic 
strains up to 20 pct prior to fracture. 
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Heat Treatment, Transformation Reactions, and 


Mechanical Properties of Some High-Strength 


Zirconium-Base Alloys 


The mechanism of hardening in heat-treatable zirconium 
alloys was found to be analogous to that for titanium alloys. 
Zirconium containing a relatively large addition of a B -stabiliz- 
ing element such as molybdenum or columbium can be hardened 


by the following transformation: 


Benriched 


| 


Lean alloys, having insufficient alloy content to retain B at 


room temperature are hardened by the following transformation: 


Application of these findings in Zr-Mo-Sn and Zr-Nb-Sn alloys 


H. A. Robinson 


produced strengths as high as 190,000 psi with reasonable 


ductility. 


Prior research on zirconium alloys has been con- 
cerned with development of greater strengths and 
creep resistance by solid-solution hardening or by 
dispersion hardening. Although solution and aging 
heat treatments had been applied earlier to zirconium 
alloys, quenching frequently produced low ductility. 
The possibility that the B-to-w transformation, dis- 
covered earlier in titanium alloys,’ might also occur 
in zirconium alloys and cause low ductility was con- 
sidered, and, indeed, was found as predicted’ to be 
the case. In the earliest experiments, the heat-treat- 
ment response of titanium, too, was disappointing. 
However, by avoiding the formation of the embrittling 
w phase, it became practical to obtain room-tempera- 
ture strengths higher than 180,000 psi, with elonga- 
tion values of 10 pct.° 

Based on the present concept of titanium heat 
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treatment, the principal requirement for a heat- 
treatable zirconium alloy is that it contains a cer- 
tain minimum amount of one or more £-stabilizing 
elements. 

Only molybdenum, columbium, and tantalum, when 
present in sufficient amounts, are known to stabilize 
fB zirconium to room temperature during rapid cool- 
ing from the f field. Tantalum was undesirable be- 
cause of its high thermal-neutron cross section. 
Aluminum and tin are effective a stabilizers, but 
aluminum has been shown to seriously decrease the 
corrosion resistance of simple zirconium alloys in 
hot water. Therefore, for the present study, tin was 
used as the a-stabilizer addition. 

The alloys selected for this evaluation are pre- 
sented in Table 1 along with their analyses and 
fB-transus temperatures. The analyses indicated that 
intended compositions were usually realized. 


EXPERIMENTAL PROCEDURES 
All of the alloys were melted from sponge zir- 


conium and fabricated to sheet for heat treatment 
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Table |. Composition of Alloys Evaluated 


Nominal Composition 
Balance Zirconium, Wt Pct 


Analysis, Wt Pct Beta-Transus 


Temperature, 
Heat Sn Mo Nb Other Sn Mo Nb c N oa H@ F 

0.02 0.055 0.3290 0.0050 > 1885 
= 5.25 0.01 0.006 0.1370 0.0037 1670 to 1695 


®Determined by vacuum-fusion analysis. 


and evaluation. Small specimens of each composition 
were solution treated at several different tempera- 
tures and aged. The aged specimens were examined 
by hardness measurements and X-ray diffraction. 

On the basis of the data so obtained, heat treatments 
were selected to apply to. the remaining sheet for 
evaluation of tensile properties. 

Beta transus data, established metallographically, 
are presented in Table I. The alloys made from 
Lot A sponge all transformed completely to 6 at 
some temperature above 1885°F. This high transus 
temperature was probably caused by the high inter- 
stitial content, carbon, oxygen, and nitrogen, re- 
vealed in the analysis of Heat A-6. This effect of the 
interstitials was confirmed by double-melting some 
of this sponge without additions. The Stransus of 
this unalloyed material was also above 1885°F. 

Sheet specimens for hardness and X-ray diffrac- 
tion studies were descaled, pickled in 45 pct HNO;-5 
pct HF solution, and sealed in evacuated Vycor cap- 
sules. The capsules were heated 1 hr at the solution 
temperature and quenched into water or iced brine, 
the capsule being broken during the quench. These 
specimens were then vapor blasted and pickled again 
to remove about 0.0015 in. of metal from each side 
before aging. Most of the aging treatments were done 
in air. However, when the time at temperature was 
long enough to cause serious scaling, aging was car- 
ried out in evacuated Vycor capsules. 

Tensile blanks were solution treated 1/2 hr in air, 
cold-water quenched, and aged in air. They were 
then vapor blasted and machined to standard sheet 
specimens. After machining, they were pickled in the 
nitric-hydrofluoric acid solution to remove about 
0.002 in. from each surface of the specimens. 

Hardness determinations were made on a metal- 
lographically polished cross section of the sheet 
specimens using a 10-kg load on a square-pyramid 
diamond indentor. The tensile tests were conducted 
on a Baldwin-Southwark universal testing machine at 
a crosshead speed of about 0.01 in. per min to the 
yield strength and then at 0.05 in. per min to frac- 
ture. The strain was measured with a loop-type ex- 
tensometer.* With this instrument the extension of 
the specimen is converted to a corresponding deflec- 
tion of a spring loop, which, in turn, is measured 
with SR-4 strain gages. 

The X-ray diffraction patterns were obtained in 
small Debye cameras on rod samples. These were 
in the shape of phonograph needles, the tip of the 
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needle being the portion examined. The needles were 
prepared by etching in a solution of 50 ml of nitric 
acid, 150 ml of water, and approximately 10 ml of 
hydrofluoric acid, the exact quantity being varied 
slightly for some samples to obtain a bright etch. 


RESULTS AND DISCUSSION OF HEAT-TREATMENT 
STUDY 


Following the course of aging reactions by means 
of hardness measurements is an expedient and inex- 
pensive method that is entirely adequate for many 
systems for developing age-hardenable alloys. How- 
ever, in the case of titanium, and, as it proved, of 
zirconium as well, it is necessary to supplement 
hardness readings with X-ray diffraction data in or- 
der to interpret the aging reaction and determine 
where the embrittling w phase occurred. When w is 
present, hardness values are not directly related to 
other mechanical properties. The presence or ab- 
sence of w has only been determined by X-ray dif- 
fraction. 

Age Hardening— Extensive aging studies were 
made of the Zr-5 pct Mo-2 pct Sn and Zr-5 pct 
Nb-2 pct Sn alloys. Earlier, the Zr-5.5 pct Mo 
and Zr-4 pct Sn-2 pct Mo alloys were studied 
less extensively. 

In general, the solution temperatures were varied 
between 1150° and 1785°F, extending between the 
eutectoid temperature of the zirconium-molybdenum 
and zirconium-niobium binary systems® °® at the 
lower end, and the observed £ transus at the upper 
end. Aging temperatures ranged from 700° to 1200°F 
for the various alloys. Aging times were varied from 
5 min to 1000 hr, depending upon the temperature of 
aging. In general, the short times were used for the 
higher aging temperatures and the long times for the 
lower aging temperatures. 

Representative hardness data have been plotted as 
isothermal curves in Figs. 1 through 3. Figs. 1 and 2 
represent the highest solution temperature that was 
used for the two molybdenum-bearing alloys. For a 
given solution temperature, aging at 700° or 800°F 
resulted in very little overaging, i.e, loss of hardness 
below the maximum values, at the maximum time of 
1000 hr. Aging at 700°, 800°, or 900°F produced peak 
hardnesses; the higher the aging temperature, the 
shorter the time to attain the peak. Overaging oc- 
curred at 900°F and higher, and was quite marked in 
the Zr-5.5 pct Mo alloy. On the other hand, the hard- 
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Fig. 1—Age-hardening characteristics of the Zr-5 pct Mo- 
2 pet Sn alloy. Quenched from 1600°F. Aging temperatures 
as indicated. 


ness of the Zr-5 pct Mo-2 pct Sn alloy decreased only 


from 435 Vhn after 1 hr to about 380 Vhn after 100 hr. 


Thus, tin apparently retards the aging cycle of zir- 
conium-molybdenum alloys. 

A cross plotting of the hardness data has been 
made in Fig. 3 to show the effect of solution tempera- 
ture on aging behavior at 900°F for the Zr-Mo-Sn 
alloy. The curves exhibit aging behavior quite com- 
parable to that of titanium alloys. Higher solution 
temperatures create a higher 6 -to-a. ratio at the 
solution temperature, and specimens which have 
larger amounts of retained 8 after quenching develop 
higher hardnesses during aging. 

X-ray Diffraction Analyses—In general, the aging 
of the zirconium alloys was found to be similar to 
that discovered earlier in titanium alloys. There 
appeared to be two mechanisms of aging, repre- 
sented by the following equations: 


Bo ~ w+ hy ~By + a +intermetallic com- 
pound or terminal 
solid solution, 

a’ + a + B, or terminal solid solution, 


where 


Bo = quenched or untransformed § of original com- 


position 
8, = 6 partially enriched with dissolved molybdenum 
or niobium 
By = fully enriched 8 (minimum observed lattice 
constant) 


a = equilibrium a 
a’ = martensitically formed a 
=w, a transition phase’ 


The three types of 6 are all cubic and differ only 
in concentration of solute, which causes a variation 
in the lattice parameter. 

The crystal structure of w ina titanium-chromium 
alloy has been shown by Austin and Doig to be com- 
plex cubic, with 54 atoms to the unit cell, somewhat 
similar to that of y brass. ° The unit-cell edge is 
about three times that of the parent 8 phase. A 
hexagonal interpretation of the structure has been 
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Fig. 2—Age-hardening characteristics of the Zr-5.5 pct 
Mo alloy. Quenched from 1525° F. Aging temperatures as 
indicated. 


reported by Silcock, et al.,’° who studied a Ti-16 
pct V alloy. Omega has also been confirmed in other 
titanium alloys by Japanese and Russian investiga- 
tors. ¥ 

The w phase observed in samples of the zirconium 
alloys was found by the present investigators to be 
noncubic” except for one quenched sample. This may 
have been held to cubic symmetry by coherency with 
the cubic 8 phase. The w in this sample became non- 
cubic upon aging. 

In addition to the phases that were identified, and 
represented in the reaction equations, a noncubic 
phase of very faint intensity was found in the molyb- 


denum-bearing alloys aged more than 200 hr at 


900°F. This phase appeared to be related to the en- 
riched 6 phase. The unidentified noncubic phase was 
represented by reflections at 1.70 and 1.67A, both 
paralleling the (200) reflection of enriched 6, and 
another reflection at 1.41A. These reflections, to- 
gether with the enriched f reflections at 1.76 and 
1.43A, might fit a tetragonal net, with axial ratio of 
c/a = 1.93. The appearance of the noncubic phase at 
relatively long aging times but at times shorter than 
necessary for the apparance of ZrMoz, suggests that 
the unknown phase may be an ordered transition 


3 1600 F 
/ 
200 be 10 700 1000 
As Aging Time, hr 


quenched 
Fig. 3—Effect of the solution temperature on hardness of 
the Zr-5 pct Mo-2 pct Sn alloy. Aged at 900°F. 
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Table Il. Phase Identification by X-Ray Diffraction for Solution-Treated and Aged Specimens of the Zr-5.5 Pct Mo® Alloy 


Observed Intensities of Phase Patterns© 


: Untrans- Partiall Fully 
Aging Treatment? formed Echiched Enriched 
Time, Temperature, Alpha, Beta, Beta, Beta, Omega, Hardness, 
Hr Bo @ Other Vhn 
As quenched 0 vs 0 0 mf¢ vd 0 306 
96 700 0 vs d 0 0 sd 0 454 
1/4 900 0 vs d f 0 md 0 482 
1/2 900 0 vs d mf 0 ms d 0 453 
2 900 0 vs m vi s 0 446 
48 900 f vs mf mf s 0 380 
100 900 s 0 0 m vf vvf © L 297 
200 900 s 0 0 m 0 vvf °? 304 
1/4 1100 mf O-ms d m 0 mf 0 312 
1/2 1100 ms 0 m f mf 0 301 
24 1100 s 0 0 s 0 vif 262 
aHeat X-11. 


bSolution treated 1 hr at 1525°F in evacuated Vycor capsules and quenched into cold water before aging. 

Cs = strong, m = mediun, f = faint, v = very, d= diffuse. 

dA very faint sharp reflection was observed at 2, 18A. This reflection may be associated with an incipient form of w, as this is a line position 
that should occur if @ was cubic. 

Unidentified noncubic phase. 


£ZrMop. 
phase occurring in the transformation of enriched with some w which had transformed from the f dur- 
beta to ZrMoz. ing the quench. After aging 15 min at 900°F, the 
Alloys Transforming by the Beta-Omega-Alpha hardness increased to over 450 Vhn; simultaneously 
Reaction—The X-ray diffraction analyses of the the intensity of the w pattern increased, and part of 
Zr-5.5 pct Mo and the Zr-5 pct Mo-2 pct Sn alloys the 8 phase acquired a molybdenum content greater 
after several heat treatments are given in Tables II than the original 5.5 pct, as shown by the lattice 
and III. parameter decrease. The formation of this “‘partially 
Fig. 4 correlates the hardness changes and the enriched beta’’ is detected by broadening of the X-ray 


phase changes observed during the aging of quenched reflections of 8 phase in the direction of increasing 
specimens of the Zr-5.5 pct Mo alloy. In the quenched Bragg angle, and suggests that the zirconium-w 
condition, the alloy consisted largely of retained 6, phase, like that in titanium, has a relatively low 


Table Ill. Phase Identification by X-Ray Diffraction for Solution-Treated and Aged Specimens of the Zr-5 Pct Mo-2 Pct Sn Alloy 


Observed Intensities of Phase Patterns» 


Aging Treatment 


Solution Untrans- Partially Fully 
Tempera- Tempera- formed Enriched Enriched 
ture, Time, ture, Alpha, Beta, Beta, Beta, Omega, Hardness, 

Heat oF Hr °F a Bo Br Bu @ Other Vhn 
A-4 1525 - - ms vs 0 0 0 vfd 

A-4 1525 48 800 m 0 0-mf f-m md 0 re 
A-4 1525 24 900 s 0 0 ~m mf vvfd.e 364 
A-4 1525 4 1100 s 0 0 m 0 vfé 299 
B-1 1525 - - m x s 0 0 vic 0 277 
B-1 1525 48 900 m 0 0 ms d wf 0 374 
B-1 1525 100 900 s 0 0 ms d vf vif 349 
B-1 1600 = - f x s 0 0 vic 0 291 
B-1 1600 1/4 800 mf x s SNE Tal 0 ms yd¢ 0 422 
B-1 1600 100 800 f x 0 m br ms s 0 452 
B-1 1600 1000 800 f x 0 0 m s 0 443 
B-1 1600 1/4 900 f x Present ~mf vd 0 ms d°& 0 418 
B-1 1600 2 900 fix Present mf br mf sc 0 428 
B-1 1600 24 900 fx f br ms s de 0 408 
B-1 1600 100 900 s 0 0 m tr ff 378 
B-1 1600 1000 900 s 0 0 mf vvf ff 376 
B-1 1600 1/12 1000 f x Present m vd 0 ms dc 0 382 
B-1 1600 2 1000 sd 0 0 ms d 0 trf 365 
B-1 1600 100 1000 s 0 0 ms 0 0 346 
B-1 1600 1/4 1100 s 0 mf s 0 0 332 
B-1 1600 2 1100 s 0 0 ms 0 0 332 
B-1 1600 100 1100 s 0 0 ms 0 mf& 291 


8Heated 1 hr in evacuated Vycor capsules and quenched in cold water. 

bs = strong, m = medium, f = faint, tr = trace, v,= very, d = diffuse, br = broad, x = expanded. 

CA weak diffraction line was observed at 2.17 A for these specimens. This reflection may be associated with an incipient form of w. 
Unknown. 

€ZrMo2 

{Unidentified noncubic phase. 
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Fig. 4—Effect of aging at 900° F on the 
hardness and X-ray diffraction-pattern 
intensities of a Zr-5.5 Mo alloy. Quenched 
from 1525° 
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solubility limit for 8-stabilizing elements. After the solution-treatment temperature in addition to B 
2 hr at 900°F, the w pattern became more intense. and w. The structure was similar, except for an 


_ ‘*Partially enriched beta’’ and ‘‘fully enriched beta’’ increase in the amount of a, when this alloy was 
existed at the same time. The latter was distinguished quenched from 1525° and 1450°F. The hardness of 
from the ‘‘original’’ and ‘‘partially enriched’’ B by the Zr-Mo-Sn alloy remained at 375 Vhn after 1000 
the appearance of a discrete Debye ring at the high- hr of aging at 900°F. This suggests that alloys of 


angle ends of the diffuse enriched-f streaks. The this type, when heat treated by this method, might 
low value of 3.52A for this lattice constant of the B have good stability in elevated-temperature applica- 
indicates that the molybdenum content increased tions. 

greatly, After 50 hr at 900°F, the alloy had overaged The phase changes occurring at aging times of 
and a had begun to form, although a strong w pattern over 100 hr differed for the two alloys. The 5.5 pct 
was still obtained. After 100 hr, the alloy had be- ~Mo alloy had no w, but did have compound present at 
come quite soft, a strong a pattern was observed, 200 hr, whereas the Zr-Mo-Sn alloy (Heat B-1), 

the w phase had almost disappeared, and the only 8 which did not soften as much, still had a little w and 
present was highly enriched in molybdenum. With no compound present after 1000 hr. The latter alloy 


continued aging, the compound ZrMoz began to form, did have compound present, however, after aging 
w completely disappeared, and fully enriched 6 and 100 hr at 1100°F. 


a@ were present. A second heat (Heat A-4) of the Zr-Mo-Sn alloy 
Fig. 5 correlates the hardness changes and the appeared to age more rapidly, as indicated by the 
phase changes observed during the aging at 900°F appearance of compound after 24 hr at 900°F. This 

of specimens of the Zr-5 pct Mo-2 pct Sn alloy treatment produced a lower hardness, 364 Vhn as 
(Heat B-1) quenched from 1600°F. In the quenched compared with about 410 Vhn for Heat B-1. The 
condition this alloy contained primary a formed at zirconium sponge used in Heat A-4 had a very high 
450 
400 
Alpha 
Untronsformet beta (Bo) 
350 Partially enriched beta (B,) 
Fully enriched beta (B,) 
Fig. 5—Effect of aging at 900° F on the 3 [] Omega f-foint 
intensities of a Zr-5 pct Mo-2 pct Sn ; 4s 
alloy. Quenched from 1600°F. 5 4 I jms § 8 
dm 82 
N br H 
| 
0.25 10 100 1000 
As Aging Time, hr 
quenched 
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Table IV. Phase Identificatien by X-Ray Diffraction for Solution-Treated and Aged Specimens of the Zr-5 Pct Nb-2 Pct Sn Alloy 


Aging Treatment 


Observed Intensities of Phase Patterns 


Solution Tempera- Alpha 
Temperature, ® Time, ture, Alpha, Prime, sain 

Heat oF Hr Other 

A-6 1525 s 0 mde f 344 
A-6 1525 48 800 s 0 mdf 419 
A-6 1525 24 900 s 0 vid& 378 
B-2 1450 - - s ms kd mfh 224 
B-2 1450 1/4 900 s vd 0 0 330 
B-2 1525 - _ m m kvd 0 220 
B-2 1600 - - sx 0. wvff 235 
B-2 1600 at 800 ms x ms kvd 0 320 
B-2 1600 100 800 ms d ms vd 0 365 
B-2 1600 1/4 900 ms X ms kvd 0 334 
B-2 1600 8 900 ms id ms vd 0 351 

s 

B-2 1600 48 900 { msplce&a 0 0 346 
B-2 1600 1000 900 s 0 fdé 307 
B-2 1600 1/4 1000 ms® ms® 0 346 
B-2 1600 1/2 1000 ms® ms® 0 358 
B-2 1600 24 1000 sd 0 vf dé Sas 


@Heated 1 hr in evacuated Vycor capsules and quenched in cold water. 


bs = strong, m = medium, f = faint, tr = trace, v = very, d = diffuse, br = broad, x = expanded, k = contracted, spc&a = split c- and a- spacing. 


COmega in this sample fits a cubic net. 


dDiffuseness in background near (110) reflection may indicate strain, faulting, or possible compositional variation. 
€Differentiation between « and «’ fails because the two a-spacings have al proached almost to a common value. 


fOmega phase, 
&Columbium-base terminal solid solution. 
hUntransformed beta, Bo: 


interstitial content, which, as is the case in titanium, 
probably contributed to the rapid aging of this heat.'® 

Alloys Transforming by the Alpha Prime-Alpha 
Reaction—This second type of aging reaction is not 
so well understood as the 8 -w-a reaction in zirco- 
nium or in titanium alloys. Of the commercial ti- 
tanium alloys, the Ti-6 pct Al-4 pct V alloy, when 
quenched from high temperatures, is known to 
harden appreciably by this transformation. 

The Zr-5 pct Nb-2 pct Sn alloy and the Zr-4 pct 
Sn-2 pct Mo alloy will be considered in this category 
even though some w was observed in one heat 
(Heat A-6) of the former alloy in one condition of 
heat treatment. The X-ray diffraction observations 
for the two columbium-tin heats are recorded in 
Table IV. Heat A-6 was quenched only from 1525° 
and aged at 800° and 900°F. The as-quenched struc- 
ture contained primary a (formed at the solution- 
treatment temperature) and w. After aging 48 hr at 
800°F, little change, if any, was observed in the 
X-ray data, although some very significant increases 
in hardness were obtained. After aging 24 hr at 
900°F, the w had all disappeared and there was in- 
dication of the terminal columbium-zirconium solid- 
solution phase. This heat, quenched from 1525°F, 
appeared to conform to the 8 -to-w-to-a@ method of 
transformation. 

Heat B-2 was investigated more thoroughly and w 
diffraction lines were not positively identified in any 
specimen. Alpha prime was observed by X-ray dif- 
fraction in all as-quenched specimens save one. The 
metallographic examination indicated the presence 
of a prime even in that specimen (quenched from 
1600°F) although no X-ray diffraction evidence for it 
was observed. 

Aging at 800°F of specimens of Heat B-2 quenched 
from 1600°F produced little change in the relative 
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amounts of phases present, but did cause some ad- 
justment in the composition of the phases, as indi- 
cated by changes in lattice dimensions. Hardnesses 
increased from 235 Vhn as-quenched to 365 Vhn 
maximum. Most of the hardening occurred very early 
in the aging cycle, with maximum values being 
reached sooner when aging was at higher tempera- 
tures. 

The a prime disappeared after 48 hr at 900°F and 
was indistinquishable from alpha after 1/4 hr at 
1000° F. The columbium-base terminal solid solu- 
tion appeared in material solution treated at 1600°F 
and then aged 1000 hr at 900°F or 24 hr at 1000°F. 
Alpha prime which had formed during the quench 
from 1450°F disappeared after 1/4 hr at 900°F. 

While no enriched 8 was observed in these speci- 
mens, it is believed that this phase would form as a 
prime decomposes and prior to the formation of the 


Table V. Phase Identification by X-Ray Diffraction for Solution- 
Treated and Aged Specimens of the Zr-4 Pct Sn-2 Pct Mo 


Observed Intensities of Phase Patterns¢ 


é b Fully 
Aging Treatment Alphe Enriched 
Time, Tempera- Alpha, Prime, Beta, Hardness, 
Hr ture, °F Bu Vhn 
As quenched ms d md 0 265 
4 900 ms m 0 379 
1/2 900 s ms 0 382 
8 900 s ms d 0 416 
48 900 sd ms d 0 377 
200 900 sd ms d 0 - 
1/2 1100 sd 0 m 363 
aHeat TM-42. 


Solution treated 1 hr at 1785°F in evacuated Vycor capsules and 
quenched into cold water before aging. 
Cs = strong, m = medium, d = diffuse. 
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Table VI. Tensile Properties and Hardness of Heat-Treated Zirconium Alloys 


Aging Data> 0.2 Pet Ultimate 
Orienta- Elonga- Offset Yield Tensile Vhn 
ps ime, Tempera- tion of tion, 4 Pct Strength,4 Strength,4 (10-Kg 
Hr ture, °F Specimens¢ In 1 In, Psi Psi Load)® 
5Mo-2Sn (Heat C-49) 
1525 
= L 10.0£ 
1525 113,000 153,000 
1525 48 900 B 7.5 145,000 163,000 ee 
1525 11.5 153,500 168,500 
1525 3 i000 L 3.5 150,000 164,500 2: 
L 2.5 149,000 161,000 
1525 24 T 1.0f 166,500 172,500 
i080 L 3.5 140,500 154,000 = 
1525 48 10 L 25 140,000 151,500 2; 
1525 2 152,000 160,500 = 
1525 2 1100 T 2.08 150°00 
5Nb-2Sn (Heat B-2) 
1450 Ze 
- L 13.0f 87,500 114,000 306 
A L 1.0€ 136,000 156,500 333 
1450 48 900 109/800 143,000 783 
= F 114,000 
1525 1/2 900 iB 1.08 158,500 172,00 
900 L 0.5 155,000 177,000 348 
900 T 1,02 167,500 174,000 - 
1525 24 
146,500 171,000 
- 24 1000 L 8.5 117,000 143,500 297 
1100 L 5.0 125,500 144,500 297 
24 1100 96,000 112,500 259 
- - 5 78,000 114,000 218 
1600 T 15.0 72,000! 
113,500 
eee 1/2 900 iE 1.5 165,500 177,000 340 
187,000 
spe 24 900 Eg 3.0 162,000 177,500 - 
24 900 45 172,000 187,500 - 
6 48 900 L 25 166,000 183,500 345 
1600 1/2 1000 L 2.5 173,000 184,000 336 
1600 2 1000 15 25 167,000 181,000 338 
1600 8 1000 L 14.0f 153,500 168,000 - 
1600 24 1000 L 2.58 140,500 156,000 309 
4Sn-2Mo (Heat TM-42) 
1580 48 700 L 1.0 142,000 185,500 - 
1580 24 900 L 6.3 106,000 140,500 = 
1580 8 1100 L 7.5 100,500 126,000 - 
1785 24 900 ib 0.5 100,500 144,000 - 


aHeld 1/2 hr at temperature in a helium atmosphere and quenched into cold water. 


bQuenched into cold water from aging temperature. 


Specimen axis parallel to final rolling direction (L); or perpendicular (T). 


dAverage of two values except where noted. 
© Average of three impressions. 
fSingle value. 


& Average of uniform elongation, specimens broke in or outside of gage marks. 


hValues of 152,000 and 137,500 psi were obtained. 
iValues of 83,500 and 69,500 were obtained. 

jValues of 148,500 and 161,000 psi yield strength and 
kAged in helium atmosphere and quenched. 

lValues of 63,500 and 80,500 psi were obtained. 


172,000 and 181,500 psi ultimate were obtained. 


columbium-rich solid solution. It is likely that the 
enriched 8 was present after aging but was not de- 
tectable because of diffuseness of the pattern. 

In comparing the two heats, there are some obvi- 
ous differences in heat-treatment response. In 
Heat A-6 the 8 formed during solution treatment at 
1525°F transformed to w during the quench. Further- 
more, the completion of the transformation was 
relatively rapid. On the other hand, when Heat B-2 
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was solution treated at 1450°F, only a questionable 
trace of w was formed upon quenching and consider- 
able a prime was formed. This is surprising be- 
cause the lower solution treatment should have 
produced a more stable 8, which would be more 
likely to transform to w than to a prime. 

In an attempt to explain these observations a com- 
plete analysis of the two heats was made with the fol- 
lowing results: 
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Composition, wt pct 


Heat Nb Sn O N c H 
22° 2.28 20.3829: (0.055 0:02 0.0050 
2.23 0.137 0.006 0.01 0.0037 


The high oxygen, nitrogen, and carbon in Heat A-6 
probably came from both the zirconium sponge and 
columbium powder used. The high interstitials of 
Heat A-6 appear to have accelerated the decomposi- 
tion of 8 to w. 

Table V presents the limited amount of X-ray dif- 
fraction data obtained in the study of the Zr-4 pct 
Sn-2 pct Mo alloy. Because of the preliminary nature 
of the study made on this alloy, it was quenched from 
what was believed to be the 6 field. The presence of 
primary a in the as-quenched structure suggests that 
the 8-transus determination was slightly in error or 
that some 8 -to-a@ transformation occurred during the 
quench. 

No w was found in this alloy and the data confirm 
the B-to-a prime-to-a transformation reaction. As 
aging continued at 900°F, the a and a-prime lattice 
constants approached each other more and more 
closely, but this process was not quite complete even 
after 200 hr. However, at 1100°F the process was 
substantially complete in 1/2 hr. 

Room-Temperature Mechanical Properties—The 
age-hardening studies were most helpful in the se- 
lection of heat treatments for mechanical property 
tests. The heat treatments used for the three al- 
loys and the tensile properties obtained are given 
in Table VI. The strength-ductility relationships 
are in many instances poorer than similar heat 
treatments have produced in titanium alloys. 
Nevertheless, excellent strength and adequate 
ductility have been obtained in some specimens. 

For example, the Zr-5 pct Mo-2 pct Sn alloy, 
quenched from 1525°F and aged 48 hr at 900°F 
exhibited the following properties: 


153,000 psi yield strength, 
168,000 psi ultimate strength, and 
11.5 pet elongation in 1 in. 


The Zr-5 pct Nb-2 pct Sn alloy was heat treated by 
quenching from 1600°F and aging 8 hr at 1000°F with 
the following results: 


153,000 psi yield strength, 
168,000 psi ultimate strength, and 
14 pct elongation in 1 in. 


The same alloy, aged 8 hr at 900°F after the 1600°F 
quench, had an ultimate strength of 190,000 psi with 
2 pct elongation. 

Effect of Solution-Treatment Temperature— 
Raising the solution-treatment temperature does two 
related things. It increases the amount of 8 phase 
present at the solution-treatment temperature, but it 
simultaneously decreases the stability of the 6 be- 
cause it decreases the alloy content in the 8. The 
result is usually an increase in the degree of re- 
sponse upon subsequent aging. 

The effect is illustrated with the following values 
obtained on the Zr-5 pct Nb-2 pct Sn alloy, Heat B-2, 
as solution treated and as aged 8 hr at 900°F. 
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As Solution Treated 


Solution 0.2 Pct ; 
Treatment Elonga- Offset Yield Ultimate 
Temper- tion, Strength, Strength, 
ature, °F Pct Psi Psi 
1450 13 87,500 114,000 
1525 13 67,000 106,000 
1600 17 78,000 114,000 
As Aged 
Solution 0.2 Pct 
Treatment Elonga- Offset Yield Ultimate 
Temper- tion, Strength, Strength, 
ature, °F Pct Psi Psi 
1450 7.5 121,500 152,000 
1525 0.5 155,000 177,000 
1600 2 178,000 190,000 


Effect of Aging Temperature and Time-Increasing 
the aging temperature generally hastens the comple- 
tion of the aging reaction, and it sometimes lowers 
the peak of the aging response. Increasing time 
generally increases strength up to a maximum, after 
which strength falls off and eventually elongation 
values increase. 

The following data were selected from tests made 
on the Zr-5 pct Nb-2 pct Sn alloy, Heat B-2, solu- 
tion treated at 1600°F and aged as indicated: 


0.2 Pct 
Aging Aging Elonga- Offset Yield Ultimate 
Temperature, Time, tion, Strength, Strength, 
bd) Ze Hr Pct Psi Psi 

900 None 17.0 78,000 114,000 

1/2 1.5 165,500 177,000 

8 2.0 178,000 190,000 

24 3.0 162,000 177,500 

1000 1/2 235 173,000 184,000 

8 14.0 153,500 168,000 


Elevated-Temperature Tensile Properties— After 
screening the compositions and heat treatments by 
means of room-temperature properties, a limited 
evaluation of strength properties was made at ele- 
vated temperature. Two alloys, the Zr-5 pct Mo-2 
pet Sn and the Zr-5 pct Cb-2 pct Sn, were tested in 
the maximum-strength condition of heat treatment 
in short-time tensile tests at 840°F. 

In the short-time tensile tests, specimens were 
held 1/2 hr at temperature in a flowing-helium atmos- 
phere before testing. The same extensometer was 
used as for room-temperature tests and the strain 
rate was also the same, 7.€., 0.01 in. per min to the 
yield stress, 0.05 in. per min to failure. 

Results of the tensile tests at 840°C were as follows: 


0.2 Pct 
Offset 
Elonga- Yield Ultimate 
tion in 1 Strength, Strength, 
Alloy Heat Treatment In., Pct Psi Psi 
Z-5Mo-2Sn Solution treated 14 84,000 113,500 
at 1525 °F and 10 85,000 108,500 
aged 8 hr at 
1000°F 
Zr-SNb-2Sn Solution treated 5 94,000 120,000 
at 1600°F and 10 98,000 126,000 
aged 8 hr at 
900 °F 
Zr-4Sn-2Mo@ Cold rolled, an- 40 35,000 47,000 14 


nealed at 1345°F 
and furnace cooled 


*Data on the annealed Zr-4 pct Sn-2 pct Mo alloy are listed for com- 
parison since this commercial alloy is used in the annealed condition. 
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SUMMARY 


The zirconium a-f alloys respond to heat treat- 
ment much as titanium a-f8 alloys, showing both the 
® and the a-prime aging reactions, depending on 
composition and heat-treatment history: The reac- 
tions observed are sufficiently complex as to pre- 
clude the attainment of optimum composition and 
heat treatment without considerable detailed re- 
search effort. Therefore, the properties observed 


thus far can in no way be considered typical. There 
1s every reason to expect that considerable additional 
improvement could be obtained. 
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The Irradiation Stability of Low Wt Pct 


Uranium-Zirconium Alloys 


In this paper the results of an exploratory study conducted by 
personnel of the Knolls Atomic Power Laboratory on 18.6, 22, and 


40 wt pct uranium-zirconium alloy will be presented. 


Larce power output and long life or endurance from 
small, compact nuclear reactors require the use of 
enriched uranium for a fuel material. However, the 
ability to remove heat from the element, the tolerable 
fission product concentration, or some physical lim- 
itation of the system can limit the allowable fuel en- 
richment, or the volume of the fuel. In such an event, 
the fuel-element designer must find a suitable diluent 
for the uranium. 

Zirconium is an attractive material for such a pur- 
pose as it has good nuclear properties and a low ab- 
sorption cross section. Because it has a good cor- 
rosion resistance in water, zirconium is a suitable 
cladding and the uranium-zirconium alloy makes a 
good core material. The alloy has a high thermal 
conductivity, a low elastic modulus, and a low 
thermal-expansion coefficient, all of which tend to 
minimize the thermal stresses in the core. Further- 
more, the unirradiated material is reasonably duc- 
tile and has adequate strength. 


DESCRIPTION OF SAMPLES 


Two types of cylindrical samples were used in this 
study 1) short, 1/2-to 1-in.-long samples to test the 
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irradiation stability of the alloy and 2) 2-ft-long 
samples to investigate the resistance of an element 
to longitudinal deformation. Composite samples hav- 
ing 0.060-to 0.140-in. core diameters and clad with 
a 0.010-in. thick zirconium jacket were fabricated by 
coextrusion and by hydrostatic pressure bonding of 
the cladding to the preformed core material. Both 
fabrication processes produced the uniform metal- 
lurgical core-to-cladding bond which was felt neces- 
sary to minimize the uncertainty of the central core 
temperature. 

Both consumable-arc and induction-melting tech- 
niques were used to melt the uranium-sponge zir- 
conium core alloy. Since a graphite crucible was 
used in induction-melting this alloy contained more 
carbon impurity, which resulted in a finer grain size 
than the arc-melted alloy. The core to cladding in- 
terface was uniform in elements coextruded from 
the fine-grain, induction-melted core material, 
while those elements fabricated using arc-melted 
core material had very irregular interfaces be- 
cause of the coarser grain size. 

Both cold-worked and heat-treated fuel materials 
were irradiation tested. Cold-worked alloys were 
swaged to about a 5 pct final reduction in area with- 
out subsequent annealing. The heat-treated alloys 
were heated to 800°C, held at temperature for 15 min 
and furnace-cooled to about room temperature. This 
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Fig. 1—Basic MTR irradiation slug 
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\ IRRADIATION SLUG 
STEEL 
ALUMINUM (BONDED 
TO STAINLESS STEEL) 
3 RIBBED ALUMINUM TUBING 
heat treatment resulted in the low-temperature nia 
equilibrium structure. 
IRRADIATION CONDITIONS t 


- The elements were irradiated in the ‘‘A’’ or ver- 
tical reflector positions of the MTR lattice at 0.8 to 
2.0 x 10** maximum neutron flux levels. Surface 
temperatures ranged from 400° to 900°C and surface 
heat fluxes varied from 280 to 400 w per sq cm. 
These positions have a cosine-like flux distribution 
which may vary by a factor of three in a 2-ft-long 
sample. 

The core material in unirradiated, clad, 2-ft-long 
elements had been observed to contract in length and 
increase in diameter and were observed to distort 
longitudinally when the temperature cycled through 
the 600°C transformation temperature. Therefore, 
the elements were power cycled during irradiation 

_to determine if the elements would distort during 
irradiation. This was done by taking advantage of the 
cosine-like vertical flux distribution and cyclicly 
varying the in-pile position of the element. Such 
cycling in-pile causes not only variations in the 
ambient temperature at a given point due to the 
changes in heat generation, but also differential ther- 
mal cycling within the core as a consequence of the 
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Fig. 2—Approximate temperature distribution in core for 
fuel elements in MTR slugs. 
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SLUG 


variations in the temperature gradient in the speci- 
men. The nominal cycling period was 6 min at 
maximum flux position with 1-min travel time to and 
from the lower flux position with no dwell time at 
the lower flux. 

The sectional views presented in Fig. 1 indicate 
the more important geometric aspects of the irra- 
diation slugs. Heat is dissipated only to the cooling 
water which flows through the 1/32-in. annular space 
at the periphery of the slug. This causes less uni- 
form heat flux in slugs containing more than one 
element and results in higher maximum core tem- 
peratures and higher thermal stresses than would 
exist in elements having uniform surface tempera- 
tures. This is shown in Fig. 2 where it will be noted 
that a 60 pct greater power generation is required in 
the single element slug to cause stress levels (or 
temperature gradients) as severe as those obtained 
in samples contained in three element slugs. These 
heat-transfer solutions were obtained from analogue 
solutions using electric conducting paper. The 
spacers used to position the element in the irradiation 
slug are an additional source of stresses and higher 
local temperatures. They were the cause of failure 
in some experiments. 


RESULTS OF IRRADIATION 


The phase diagram for this alloy system is shown 
in Fig. 3. The alloy is composed of two phases, a 
hexagonal close-packed solid solution and a body- 
centered-cubic high-temperature phase which has 
about 33 at. pct U. This high-temperature phase 
orders when the alloy is cooled to low temperatures’ 
with about a 0.2 pct decrease in density accompany- 
ing the transformation. 

Three types of tests, distinguishable by the range 
of operating temperatures, were conducted. Ele- 
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Fig. 3—Characteristic operating ranges of the uranium- 
zirconium alloy fuel element. 


ments were irradiated in both static and power 
cycling tests below the phase transformation tem- 
perature. A second group was cycled to tempera- 
tures above this transformation temperature. The 
third group was irradiated above 600°C without 
cycling. The irradiation stability will be interpreted 
in terms of these operating conditions. 

Volume Stability—In general, the longer elements 
did not increase in length by appreciable amounts 
but increased in diameter to varying degrees as can 
be seen by examining Table I. The diameter is then 
a measure of the net volume increase at any point 
along the length of the sample. The gross behavior 
of these samples is characterized in Fig. 4. As in- 
dicated, only nominal diameter changes were ob- 
served in elements irradiated below the transfor- 
mation temperature in both static and cycled tests. 
In this temperature range about a 2 to 3 pct core- 
volume increase is observed for each percent of the 
atoms fissioned and such an expansion rate would 
be expected if the fission products contributed only 


Table 1. Summary of Irradiation Results, U-Zr Alloys 


Max Max Max 
No. of Surface Pct Burnup Pct Volume 
Test Specimens Heat Flux of Total Power Change Per Max Core 
No. Per Test W per Sq Cm Core Atoms Cycles Pct Burnup Temp, °C Mode of Failure 
1-6 1 290-300 0.4-1.2 0- 1000 15-3 450-600 None 
7 1 300 0.5 0 8.4 565-630 
8 1 390 0.9 0 8 760 Two small cracks 
9 1 390 0.9 0 14 900 Swelling 
10 1 340 0.9 0 11 675 Severe cracking 
11, 12 3 230 0.9-1.2 700-800 20 690 Severe cracking 
13 3 230 0.9 720 39-55 830 Severe cracking 
Longitudinal 
distortion 
14 3 230 0.9 1000 11-16 690 Swelling 
= .6-0.7 0 6 530 Short-length 
15, 16 110- 140 0 
17 2 350 1.94 0 32 590-600 Short-length 
samples. Long 
time irradiation 
Swelling 
18 4 190 1.5 0 2.3 535 Short-length, 


unclad 40 wt pct U 
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Fig. 4—Diameter changes of 22 wt pct uranium-zirconium 
alloys. 


their partial molar volume in the solid state to the 
volume of the system. 

Referring again to Fig. 4, note that greater volume 
increases were obtained at high temperatures in the 
absence of cycling and that the extent of this swelling 
appears to be temperature dependent. The diameter 
increase vs length curve closely parallels the MTR 
flux distribution which establishes the heat genera- 
tion and consequently the sample temperature. In the 
final case, cycling through the phase transformation 
causes still even higher rates of volume increase 
even though the average temperature may be con- 
siderably lower than that of the uncycled elements. 

Of the variables present in these tests only the 
range of operating temperature appeared to markedly 
affect the irradiation stability. As a secondary effect, 
there was indication from unclad 40 wt pct samples 
that the volume increases of induction melted ma- 
terials might be lower than those of arc-melted 
alloys. However, since the samples were obtained 
from only two lots of material the observed differ- 
ence cannot be clearly attributed to inherent differ- 
ences resulting from melting techniques. 

Sample Cracking— Longitudinal cracks were ob- 
served in some clad elements which exhibited large 
diameter increases. The source of this type failure 
could not be resolved from these test results but 
three potential causes can be cited: 

1) The stresses in the elements may have been 
excessive. 

2) The spacers which position the elements in the 
irradiation slug restrain growth and may be the 
source of failure. 

3) The irregular interface of the arc-melted co- 
extruded elements, which were most susceptible to 
this type failure, may give sufficient stress con- 
centration to be the cause of failure. 

Metallographic Examination—Metallographic ex- 
amination of these irradiated elements indicates 
additional details of these characteristic regions of 
instability. One element which was power-cycled 
through the transformation temperature was ex- 
amined in great detail. This element split along 60 
pet of its length, most severely at the maximum 
flux zone and near the spacers which position the 
element in the slug. No diameter measurements 
could be made after irradiation. Cross sections 
were examined microscopically at three points: 

A) 5 in. from the top of the element, B) at the maxi- 
mum flux position, and C) 3 1/2 in. from the bottom 
of the element. 

A) Figs. 5 and 6 are from the sections which were 
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taken 5 in. from the top of the element, where the 
flux was about three-quarters of the maximum. Two 
distinct core regions may be observed; a central 
section of coarse-textured material and an outer an- 
nular ring of fine-textured material which closely 
resembles the typical pre-irradiation structure. Note 
that the central coarse-textured region is not lo- 
cated in the center of the core. This eccentricity is 
a result of the slug geometry and the nonuniform heat 
transfer. 

B) In Fig. 7 which is the maximum flux position, a 


Over-all cross section. X20. 


Interface between coarse and fine-texture region. X500. 


Fig. 5—Cross section at a position 5 in.from top of element. 
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larger amount of the central coarse-textured material 
is evident and it extends to the cladding on the hottest 
Side of the element. The maximum core temperature 
at this point is estimated to be about 720°C, approxi- 
mately 50 deg higher than the hottest portion of the 
top section of this fuel element. The increase in 
volume was between 40 and 60 pet, far greater than 
the other sections which had lower central tempera- 
tures. 

The porosity of the center of this higher tempera- 
ture region is to be noted and contrasted with similar 
regions in other cross sections of this element. The 
enlarged view of this coarse-textured region, although 


Fine-textured material near cladding. X500. 
Fig. 6—Cross section at a position 5 in. from top of element. 
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Over-all cross section. X15. Reduced approximately 
5 pet for reproduction. 
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Stress-type cracks at interface between fine- and coarse- 
textured region. 


Fig. 7—Maximum flux region. 


greatly overetched, indicates the nature of this poros- 
ity more clearly, Fig. 8. 

At the edge of the coarse-textured material a dif- 

ferent type failure may be observed; here circum- 
ferentially oriented cracks are found which appear to 
be characteristic of some sort of stress failure, 
Fig. 7, perhaps caused by the volume increase which 
accompanied the transformation. These cracks were 
visually observed along the entire interface between 
the coarse- and fine-textured materials. 

C) At a point 3 1/2 in. from the bottom of this fuel 
element, the two textured regions were again ob- 
served although here they were less clearly defined. 
The flux was about 80 pct maximum and the central 
temperature is probably lower than that of the top of 
this element because of the irradiation slug design. 

The coarse-textured material was satisfactorily 
etched and the structure of the material near the 
center of the core may be compared to that near the 
cladding, Fig. 9.. The structure at the center of the 
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Central region, although overetched the porosity is clearly 
evident. X500. Reduced approximately 35 pct for repro- 


duction. 


Fine-textured region near cladding. 


Fig. 8—Maximum flux region. 


core is characteristic of that which has been ob- 
tained by furnace-cycling unirradiated material 
through the 600°C phase transformation. The struc- 
ture of the fine-textured material near the cladding 
is Similar to the preirradiation structure. 

Elements which were not powercycled above this 
transformation temperature or which were irradi- 
ated at a constant elevated temperature showed no 
Similar variations in microstructure. In one section 
of an element irradiated at the high constant tem- 
perature and which increased 40 to 60 pct in volume, 
there was no visible porosity in the sample. 


DISC USSION 


In contrast to the limited volume increases ob- 
served at low temperatures, the large volume in- 
creases at higher temperature indicate that the in- 
teraction and not the formation of fission products is 
the cause of the observed instability. Furthermore, 
only the inert gas atoms appear to be capable of 
causing the observed 60 pct volume increased by in- 
teraction. 

The inert gas atoms, xenon and krypton, consti- 
tute one-eighth of the 200 pct yield of foreign atoms. 
Randomly distributed, these atoms contribute to the 
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over-all volume increase an amount which is in the 
order of their atomic volume. Should these dispersed 
atoms agglomerate into discrete clusters of many 
gas atoms.a further volume increase should be ex- 
pected for then these atoms can exhibit macroscopic 
properties, gas pressures. The agglomeration of 

the other solid fission product atoms will not be 
considered here even though such effects may be im- 
portant. Their interaction may have a pronounced 
effect on the mechanical properties of the core 
material but should contribute little to the volume 
increase which was the only measured quantity. 

Some experimental results are also helpful in 
interpreting these data. LeClair and Rowe’ have in- 
dicated that the inert gases are mobile at relatively 
low temperatures (in the range of 50 pct of the ab- 
solute melting point), that the activation energy for 
this process is nearly that of self-diffusion of the 
matrix atoms, and that the high diffusivity of these 
inert atoms is probably the result of their large size. 
Reynolds® has found that thermal cycling significantly 
increases the mobility of these inert gas atoms in 
uranium in the region where phase transformation 
occurs. He postulates a sweeping action for these 
moving phase boundaries. The large inert gases pre- 
fer to reside at grain boundaries because of the 
larger amount of free space associated with the 
lattice mismatch of these regions. Of course once 


eproduction. 


Fine-textured material near center of core. X500. Reduced 
approximately 25 pct for reproduction. 


Fig. 9—31/2 in. from bottom. 
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Coarse-textured material near center of core. X500. Re- 
duced approximately 25 pct for rx 


agglomerated, these chemically inert atoms have 
little tendency to reenter the matrix since the solu- 
bility of these atoms in metals is low. On the basis 

of this mechanism the instability of the high-tempera- 
ture cycled elements might be anticipated. The 6 and 
y phase boundaries are similar regions of mismatch, 
and in the region where the relative amounts of these 
phases are temperature dependent, Region 1 in Fig. 3; 
cycling would be expected to produce such boundary 
action. 

Based on this information a difference inthe degree 
of instability of the high-temperature uncycled and 
cycled elements might be expected. In the former in- 
stance, where the atoms migrate to defects or inter- 
act to form defects the atoms will move as individuals 
to the sites of agglomeration. These agglomerates 
will not diffuse as rapidly as the individual atoms 
since far more energy is required to move the groups 
of atoms through the lattice. During cycling, the 
mechanism would be analogous to moving the sites of 
agglomeration to the atoms and fewer clusters of 
atoms, each one containing a larger number of atoms, 
might be expected. The bulk diffusion process for 
agglomeration should be the slower one. 

An additional reason for failure which is based on 
prohibitive stresses or fatigue (causing splitting) must 
also be considered since the available data do not 
clearly allow it to be rejected. These stresses would 
be the result of differential thermal expansion of the 
core and cladding, temperature gradients across the 
fuel elements, and, where the entire core is not 
transformed, a stress which is proportional to the 
amount of material transformed into the high-tem- 
perature phase, since the transformation is ac- 
companied by a volume increase. The lack of infor- 
mation concerning mechanical properties prevents 
any discussion of the magnitude of the problem al- 
though calculations indicate that severe irradiation 
damage is necessary to make this a principle type of 
failure. 

The observed dimensional instability is not the 
result of anisotropy of the alloy; in fact, the dimen- 
sional instability observed on thermal cycling unir- 


Cold-Rolling Textures of Iron Base Alloys 


R. G. Aspden, J. A. Berger, and R. S. Mateer 


In a study of the cold-rolling characteristics of 
iron-base alloys with 3 to 12 pct Al, the influence 

of aluminum content on the cold-rolling textures 
was evaluated. This work was undertaken to de- 
termine if-binary iron-aluminum alloys possessed 
cold-rolling textures similar to other body-centered- 
cubic alloys and to contribute additional information 
on the effect of solute concentration on the cold- 
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radiated material through the phase transformation 
was not observed in irradiation tests. 


SUMMARY 


The irradiation stability of this fuel system can be 
described by dividing the operating conditions into 
four basic types. 

1) Irradiations which have cyclic temperature vari- 
ations at temperatures above (or to temperatures 
greater than) the phase transformation temperature. 
Here failure is expected because of the agglomera- 
tion of fission gases which may cause either splitting 
of the fuel element caused by prohibitive stresses 
or excessive swelling. The mechanism of failure ex- 
pected is that of agglomeration of fission gases as a 
result of phase boundary motion. 

2) Irradiations at a constant elevated temperature 
can be characterized by excessive swelling because 
of the mobility of the gaseous fission products caused 
by bulk diffusion. 

3) Irradiation under constant or cyclic tempera- 
ture conditions in the vicinity of the phase trans- 
formation temperature. Although not investigated in 
these tests, this condition may be important where 
only a portion of the element transforms. The 0.2 pct 
volume increase associated with the transformation 
into the high-temperature disordered phase results 
in an increase in stress levels. The effects of irradi- 
ation on this transformation are unknown as are the 
reaction kinetics. 

4) Irradiation under constant or cyclic tempera- 
ture conditions below about 600°C. Here the fuel 
element is known to be dimensionally stable in the 


investigated range of fuel burnup. A nominal amount 


of swelling should be expected as a result of the 
greater volume of the fission products. 
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Containing 3 to 12 Pct Aluminum 


‘Technical Note 


rolling textures. Gradual changes in cold-rolling 
textures with an increase in solute content have been 
observed in copper’ and in titanium.” 

Iron-base alloys containing 3.0, 6.0, and 12.0 pct 
aluminum were vacuum-induction-melted in a mag- 
nesia crucible and permanent-mold cast. The ma- 
terials used were high-purity electrolytic iron and 
99.99 pct grade aluminum. Each ingot was 1 in. 
square in cross section by 12 in. in height. The 
bottom half of each ingot was soaked for 1 hr at 
1000°C and rolled at 1000°C to a thickness of 0.055 
in. with the long axis of the ingot parallel to the 
rolling direction. The strip was reheated between 
passes to maintain a rolling temperature of 1000°C. 
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Fig. 1—{110} pole figure of a 3.0 pct Al—Fe alloy, 75 pct 
cold-reduced by rolling. Ideal orientations are indicated 
as follows: A—{001} <110>; O—{112} <110>. 


75 6.0 
30 


Fig. 3—{110} pole figure of a 12.0 pct Al—Fe alloy, 75 pct 
cold-reduced by rolling. Ideal orientations are indicated 
as follows: A—{001} <110>; O—{112} <110>. 


A microscopic examination of the longitudinal cross 
section of each hot-rolled strip revealed elongated, 
lightly strained grains in the central portion. Sub- 
sequently the strip was cold-reduced 75 pct in area 
by rolling to a thickness of 0.014 in. The cold-roll- 
ing was done on a 4-high mill with working rolls 
1%2-in. diam. Each pass on the mill effected a 
reduction of 0.006 to 0.010 in. 

The cold-rolling textures were determined by an 
X-ray transmission method.° Specimens for X-ray 
analyses were 0.002 in. thick and were taken from 
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Fig. 2—{110} pole figure of 6.0 pct Al—Fe alloy, 75 pct 
cold-reduced by rolling. Ideal orientations are indicated 
as follows: A—{001} <110>; O—{112} <110>. 


the center of the sheet thickness by alternate grind- 
ing and etching. X-ray data were obtained with a 
90-deg Norelco spectrometer in conjunction with a 
nonintegrating specimen holder and unfiltered 
molybdenum radiation. Intensities of reflections 
from {110} planes were measured with a Geiger 
counter. Intensity measurements were taken at 
5-deg intervals over a rotation angle of 360 deg 

for each tilt position. Tilt positions varied in 5 

or 10-deg steps to cover the region from the basic 
circle to within 30 deg of the center of the pole fig- 
ure. Contour lines in each pole figure are for mul- 
tiples of random intensity. 

In Figs. 1, 2, and 3 are presented the {110} pole 
figures of these three alloys and the ideal orienta- 
tions near two of the main components: {001} <110> 
and {112} <110>. The components identified as pres- 
ent have <110> directions parallel to the rolling di- 
rection and planes of the <110> zone from {100} to 
{112} parallel to the rolling plane. A comparison of 
the pole figures indicates no significant change in the 
cold-rolling textures with an increase in aluminum 
content. Minor variations in the pole figures may 
have resulted from small differences in the orienta- 
tions present in the strips prior to cold-rolling. The 
cold-rolling textures of iron-base alloys containing 
3 to 12 pct aluminum appear similar to those re- 
ported for other body-centered-cubic alloys.* 
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Electrodeposition of Titanium from Fused Chloride 


Baths Using TiCl, As a Feed Material 


Problems associated with deposition of titanium in fused 
chloride baths using TiCl, as a feed material are reviewed. A 
potentially workable cell design using Alundum diaphragms is 


discussed. Problems inherent to diaphragm-type cells are em- 
phasized and experiments described which led to the develop- 


ment of a cell without a diaphragm. 


Investicarors assigned the problem of develop- 
ing a commercial electrolytic process for making 
titanium metal have found that they are faced with 
the difficulty of overtaking rapidly improving mag- 
nesium and sodium reduction processes. The ul- 
timate goal must be a simple process that can be 
conducted with low-cost raw materials in equip- 
ment that is inexpensive to build and operate. 

This paper deals with some work of a preliminary 
nature conducted by personnel of the Research 
Laboratories, National Lead Co., Titanium Divi- 
sion. Many others have reported on the general 
subject of depositing titanium from fused salt elec- 
trolytes. A partial bibliography is attached. 


PRIMARY CONCEPTS 


Anyone attempting to aeposit titanium metal 
from fused chloride electrolytes using TiCl, asa 
source material is faced with at least the following 
problems: 

1) Getting the titanium into solution in the bath. 

2) Controlling oxidation and reduction reactions 
associated with multiple valency of titanium, which 
result in low electrical efficiency. 

a) Prevention of dichloride oxidizing to tri- 
chloride and trichloride to tetrachloride at the 
anode. 

b) Prevention of trichloride from being re- 
duced only to dichloride at the cathode. 

3) Prevention of metal formation away from the 
cathode thru disproportionation of titanium dichlo- 
ride to satisfy the equilibrium. 


3 TiC], [1] 


4) Protection of reduced chlorides in the bath 
from reaction with oxygen from the bath container 


or air. 
5) Removing from the bath the deposited metal 
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formed without allowing it to become contaminated 
with oxygen or nitrogen. 

6) Selecting cell materials of construction which 
will not contaminate the metal product or cause cell 
inefficiencies. 


EARLY EXPERIMENTS 


The initial attempts made to electrodeposit ti- 
tanium from fused chloride baths using TiCl, as a 
source material indicated that TiCl, was essentially 
insoluble in molten chlorides of alkali and alkaline 
earth metals. If, however, the TiCl, was introduced 
close to a nickel cathode some metal could be 
formed and appreciable quantities of reduced chlo- 
rides would be present. These reduced chlorides 
reacted with any oxygen present in the atmosphere 
above the bath and would also diffuse quickly to the 
anode (graphite) where they would react with chlo- 
rine and be evolved as TiCl,. The net electrolytic 
efficiency of such a cell is essentially nil. The 
TiCl1, evolves from the anode at almost the same 
rate that it is introduced in the vicinity of the cath- 
ode although a small amount of titanium metal can 
be formed on the walls of the cathodic pipe. It be- 
comes apparent from the operation of such a cell 
that: metal can be deposited on the cathode, al- 
though of small particle size and a nonadherent 
nature, and when reduced chlorides are present in 
the electrolyte, TiCl, can be absorbed, probably by 
the following reactions: 


2 TIC]. [2] 
2 TiCl, + 2 faradays - 2 TiCl,+Cl, [3] 


DIAPHRAGM CELLS 


These facts encouraged the development of cells 
containing diaphragms to prevent migration of re- 
duced chlorides from the cathode area to the anode. 
Small-scale cells for process development are 
described by Alpert, Schultz, and Sullivan.” A 
larger brick-lined cell incorporating internal heat- 
ing by passing ac through the bath is shown in 
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Fig. 1—Internally heated diaphragm cell. This cell con- 
tained about 175 lb of NaCl-SrCl, eutectic. The cathode 
chamber was 9 by 9 in. The anode compartments 2 by 9 
in. The cathode chamber salt level was about 18 in. 


Fig. 1. The rectangular cell consisted of two anode 
chambers separated from a central cathode cham- 
ber by porous Alundum diaphragms and brick dip 
walls. The graphite anodes were brought in through 
the end brickwork and graphite electrodes for heat- 
ing the bath with ac were brought into the anode 
chambers and cathode chamber through the side 
brickwork. The crucible was constructed of highly 
refractory, acid-proof brick and insulated with 
G-26 brick. The cell was encased in '/,-in. steel 
plates held together with angle irons and tie rods. 

The anode and cathode chambers were provided 
with Inconel sheet-metal tops cemented into the 
brickwork. Above the Inconel cathode chamber top 
was an Inconel slide-gate mechanism to seal the 
cathode chamber from the cooling chamber located 
immediately above the slide gate. 

Three separate ac circuits were used, one per 
chamber, to keep the salt molten. 

The cell was operated by introducing TiCl , through 
a porous nickel tube cathode at a current-to-feed 
ratio of 2 faradays per mole into a SrCl,-NaCl 
eutectic salt mixture held at 700°C. At this intro- 
duction rate the titanium concentration was built up 
to about 5 pct contained Ti. During the introduction 
cycle the cell voltage (back electromotive force) de- 
creased from about 3.0 v at the start of introduction 
to about 1.6 v at the end of the introduction cycle. 
Work conducted previously™ indicated that the cell 
voltage should be brought up to about 2.05 v before 
attempting to plate metal out. For deposition of 
coarse crystalline metal the dichloride content of 
the melt had to exceed a value associated with a cell 
voltage of 2.05 v under the conditions of operation. 
To accomplish this the introduction cathode was re- 
moved and a 5 by 8-in. nickel plate cathode inserted, 
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A small direct current was then passed through the 
cell until the cell voltage increased to 2.05v. The 
cathode current density was kept between. 0.2 and 
0.6 amps per sq in. 

The amperage was then increased to give a cur- 
rent density of between 4 and 10 amps per sq in. 
and the metal values plated out of the electrolyte 
until the total titanium and/or divalent titanium con- 
tents of the bath were reduced below values previ- 
ously established” for coarse metal deposition. 
Typical operating data are included in Table I. Most 
deposits were made ona °/,-in. diam nickel-rod 
cathode. 

Numerous difficulties were encountered during 
operation of this particular cell which were not too 
troublesome in the smaller externally heated cells 
described by Alpert et al.”°: 

1) Contamination from air resulted in oxidation 
of dichloride to trichloride, and precipitation of 
titanates in the bath. This was due to a poorly 
sealed cell top and cathode removal chamber. 

2) The particular diaphragms used were hard to 
maintain operable. They either cracked or the 
pores became plugged with fine metal or oxide par- 
ticles. As the pores became filled the diaphragm 
acted as a conductor and became cathodic on the 
side facing the anode and anodic on the side facing 
the cathode. The net result was two cells operating 
in series: one a sodium cell, in which the sodium 
released at the cathode (diaphragm) immediately 
reacted with chlorine evolved from the anode; the 
other a cell in which trivalent titanium would reduce 
to divalent at the cathode and subsequently diffuse 
to the anode (diaphragm) where it would be oxidized 
to trivalent titanium. The net efficiency of metal 
deposition was thus extremely low. 

3) At any place in the bath remote from the 
cathode where the TiCl, content exceeded the equi- 
librium amount necessary to satisfy reaction [1] 
fine metal would form.” 

4) Some of the crystallites formed at the cathode 
would fall off and settle to the bottom of the cell. 

5) As a result of 3 and 4 a sludge bed would build 
up, eventually shorting out the cell if it was not 
removed, 

To overcome some of these problems a modified 
diaphragm cell was resorted to. It was similar in 
design to the cell shown in Fig. 1 except that the 
TiCl, was introduced continuously into the cathode 
chamber sump. The TiCl , reacted with the metal 
sludge in the sump and was reduced to di- and tri- 
chlorides which were subsequently reduced to 
metal at the plate or rod cathode. By using a num- 


Table |. Typical Operating Data for Diaphragm Cell 


TiCl, 
Applied Feed 
Direct Current Rate Pct Pct of 
Volt- Amper- Cell Ml per Tiin Tias 
age age Voltage Min Tit+ 
Introduction (Start) 8.0 100 3.0 3.5 0 0 
Introduction (Finish) 6.5 100 1.6 ens} 6.4 14 
Slow Reduction (Start) 4.1 50 1.6 6.4 14 
Slow Reduction (Finish) 4.1 50 2.05 4.7 51 
Plating (Start) 112 200 2.05 4.7 51 
Plating (Finish) 12.5 200 2.2, 3.7 32 
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ber of cathodes operating in parallel the cell could 
be maintained in continuous operation, 


DIAPHRAGMLESS CELLS 


Diaphragm troubles were still inherent to the bed 
pickup cell, however, and steps were taken to de- 
vise a cell which would not need a diaphragm. The 
approach taken was to operate a cathode at four or 
more faradays per mole of TiCl, introduced so that 
a net reduction to the metal would be accomplished 
at the cathode in such a way that reduced chlorides 
of titanium would not have a chance to diffuse to the 
anode. After a number of attempts this was finally 
accomplished by introducing TiC1, through a hollow 
/2-in. OD nickel cathode flared to 1-in. OD at the 
end and submerged about 2 in. in a fused salt bath 
of either NaCl alone or mixed with other chlorides 
such as MgCl,, CaCl,, KCl, or SrCl,. At the start 
of the operation a porous plug of titanium metal 
formed at the submerged end of the cathodic tube. 
The TiCl, on contacting the porous plug was re- 
duced to lower chlorides which diffused through the 
porous titanium and were subsequently reduced to 
metal on the cathodic surfaces of the plug. 

Preliminary experiments were conducted in a 
cell as shown in Fig. 2. The cell voltage (back 
electromotive force) before TiCl , introduction 
started was from 3.1 to 3.3 v depending on the 
temperature employed. When TiCl, flow was 
started, metal formation at the submerged end of 
the tube occurred until the opening was completely 
covered with a porous deposit. When plug forma- 
tion occurred the cell voltage would start to drop 
and eventually would level off at from 2.2 to 2.5 v 
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Fig. 2—Electro- 
lytic cell for 
diaphragmless 
operation, The 
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cathode chamber 


cathode chamber. 
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& 


COMPLETED 
PLUG 


COCOON 
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Fig. 3—Showing progression of hollow cathode deposit 
growth, 


depending upon the current to feed ratio used. Ata 
4 faraday per mole ratio the value would be about 
2.5 v. Deposit growth can best be illustrated in 
Fig. 3. 

Once the plug formed the following reactions 
probably occurred at the plug side facing the di- 
rection from which TiCl, was introduced. 


Ti + 3TiCl, 4TiCl, [4] 
Ti+ 2TiCl, 3TiCl, [6] 


The reduced chlorides would then diffuse through 
the plug probably in amounts to satisfy the equi- 
librium as expressed in Eq. [1].” Part of the re- 
duced chlorides formed would be reduced at ca- 
thodic surfaces within the plug. Some would diffuse 
to the outside surface and be reduced there. A 
small amount would escape from the metal plug and 
reach the anode where it was oxidized to TiCl. 

As the run progressed the reactions proceeding 
resulted in a cocoon type deposit as depicted in 
Fig. 3. Typical data of runs made in 95 pct NaCl- 
5 pet SrCl, are listed in Table II. 

Results obtained in the diaphragmless cell pro- 
ducing the cocoon deposit were very encouraging. 
They demonstrated that the reduction reaction could 
be confined to the vicinity of the cathode and be of 
an electrolytic nature as evidenced by the cell volt- 
age. By confining the reaction to the cathode a di- 
aphragm could be eliminated. Although some re- 


Table Il. Diaphragmless Cell, Hollow Cathode Runs 


Current 
Plating per Feed, Salt Dragout, Hard- 
Temp., Feed Rate, Time, Faradays Yield, Pct Tiin ness, 
°C Ml per Hr Hr per Mole Pct Deposit _Brinell* 
850 60 2.6 4.0 51 37 156 
875 60 1.9 4.0 45 15 133 
875 75 2.0 4.2 38 35 116 
875 60-150 6.1 4.0 32 31 87-126 
925 61 5.0 4.0 S7 47 228 


*On leached sample. 


VOLUME 215, APRIL 1959-255 


A 
A H AG 
4 4 4 
4 
A 
SMALL 
TICl, 
| 
| 
H 
H 
SALT | 
LEVEL 
= 
/ 


Fig. 4—Depicting 
deposit growth 
within a metal 
screen. 


SCREEN 


duced chlorides did diffuse to the anode there were 
times during the runs when the anode losses were 
negligible (under 5 pct). 

Hardness was good. It was dependent upon the 
atmosphere in the removal chamber and the effec- 
tiveness of leaching, thus the variations as shown 
in Table II, Encouragement was gained from the 
fact that under proper operating conditions with a 
nonreactive atmosphere in the removal chamber 
low-hardness metal could be made. 

Some metal sludge formed in all runs reported in 
Table II but an additional experiment in which a 
nickel wire screen was placed around the end of the 
cathode, as shown in Fig. 4, demonstrated that metal 
deposition could be confined to the feed-pipe side of 
the screen. This observation led to the development 
of a cathode design’®*” which essentially eliminated 


SPONGE Us 
DEPOSIT * 


the sludge problem and gave TiCl, utilization figures 
greater than 90 pct. 

The TiCl, utilization that was obtainable under the 
best conditions using the cell as shown in Fig. 3 was 
about as follows: 

Recoverable ductile metal —60 pct 

TiCl, evolution from anodes —5 to 10 pct 

Reduced chlorides in deposit—10 to 20 pct 

Metal sludge —10 to 20 pct 


CONC LUSIONS 


1) The preliminary experiments here reported 
indicate that it is feasible to electrolyze TiCl, ina 
simple fused chloride cell. 

2) Metal of high purity can be obtained. 

3) Although the results of cells containing dia- 
phragms appear to be negative, the authors do not 
believe they should be considered as such. Ifa + 
workable diaphragm can be developed the process 
described in this section could have commercial 
potentials particularly if some of the cell construc- 
tion and cathode removal details of the titanium 
scrap refining cell as developed by the U.S. Bureau 
of Mines Station at Boulder City were incorporated”* 


4) By confining the titanium values and the re- 
duction reaction to the vicinity of the cathode the 
bath can be kept comparatively free of reduced 
chlorides of titanium, thus a diaphragm is not re- 
quired for operation. Protection from atmospheric 
contamination is not as critical as in cells based on 
the electrowinning of metal from titanium values 
introduced into and dispersed throughout the cell 
electrolyte. 

5) Cathode modifications, such as confining the 
reaction to a cathode consisting of a metal screen 
surrounding a TiCl, introduction tube, have poten- 
tials of increasing TiCl, conversions to ductile 
metal to high enough values to be of commercial 
interest. 
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On the Nickel-Rich End of the Zirconium-Nickel Phase Diagram 
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Hansen? has published a phase diagram for the 
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Technical Note 


zirconium-nickel system. This phase diagram has 
been redetermined by Hayes, Roberson, and Paasche” 
in the range 0 to 50 at. pct Ni. Recently, Smith and 


Guard® have published a tentative diagram for the 
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NICKEL 
— 


Each sample was remelted several times to pro- 
: mote homogeneity. Compositions of alloys near 

phase boundaries were determined by chemical 
1500 analysis. 

After arc melting, each sample was given a homo- 
genizing anneal for 3 to 5 days at 1000°C in a vacuum 
of 5X107° mm. Upon completion of the homogenizing 

1400 anneal, the samples were brought to equilibrium at 
various temperatures in vacuum and quenched in 
iced water. They were then examined metallographi- 
cally to ascertain the phases present. 

1300 To determine the solidus, specimens were brought 

to selected temperatures for short times and ex- 
amined for evidence of melting. Observations on 
samples in the as-arc melted condition were used to 
locate the eutectic composition and the composition 
of the liquid taking part in the peritectic reaction. 
The melting point of the € phase was established 
with a pyrometer by observing a specimen being 
heated in an induction furnace. The pyrometer was 
calibrated with a National Bureau of Standards 
tungsten filament lamp and is accurate to +10°C at 

0 temperatures of interest. 

lod 1000 All other temperatures were measured with a 

OOD Pt/Pt + 10 pet. Rh thermocouple having an error of 

0.5 pct. 


T 1600 tungsten electrode in a water-cooled co h th. 


A =€ + NEXT PHASE 
+ =L+Ni 
@=Lie 
= COMPOSITIONS FOR 


AS-ARC MELTED 
SURVEY 


1200 


[a+r 


1100 


DEGREES CENTIGRADE 


S28 


A 


METALLOGRAPHIC RESULTS 


A |Po|o wf Fig. 1 presents the results of the metallographic 
investigation and the phase boundaries constructed 
from these data. An important feature of this dia- 
po gram is the existence of two intermediate phases, 

a 30 20 gtk 0 ¢ and e, which contain approximately 16 and 22 at. 

ATOMIC PERCENT ZIRCONIUM pct Zr respectively. The € phase decomposes at 1340 

Fig. 1—Partial nickel-zirconium phase diagram constructed +410°C while the ¢ phase melts at 1575 +25°C. The 
from metallographic data. eutectic temperature is 1185 +10°C. 

Fig. 2 shows an uncompleted peritectic reaction in 
region 0 to 50 at. pct Zr. Work reported here ex- a 15 at. pct Zr specimen as-arc melted. Needle-like 
plores in more detail the zirconium-nickel system regions of € are surrounded by ¢, dark areas are 
from 0 to 25 at. pct Zr. eutectic. Fig. 3 exhibits a 21 at. pct Zr specimen 
brought to equilibrium in the e plus ¢ field. 


EXPERIMENTAL 


Crystal-bar zirconium supplied by the U. S. X-RAY DIFFRACTION WORK 
Atomic Energy Commission and high-purity nickel 
donated by Internati6énal Nickel Co., both 99.9 pct X-ray diffraction experiments were performed to 
pure, were used in this investigation. Alloys were determine the structure of the € and € phases and to 
prepared by arc melting with a nonconsumable measure the lattice parameter of nickel in equi- 


> 
HSS 
Fig. 2— of a 15 at. pct Zr sample as- Fig. of a 21at. Zr sample annealed 
arc melted showing partially completed peritectic reac- 3 days at 1028°C and water quenched. Plates of ¢ are seen 
tion. X300. Reduced approximately 45 pct for reproduc- in a matrix of €. X200. 
tion. 


All specimens etched in a solution of 25 ml HnO3, 20 ml Hce,H;O2, 6 drops HF, and 50 ml H,0. 
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Table |. X-Ray Data for the c Phase 


fe} 
d(A) Intensity* d(A) Intensity* 
3.140 W 1.183 M 
2.976 Vw 1.060 S 
2.846 Vw 1.016 M 
2.709 W 0.9560 vw 
2.543 vw 0.9028 vw 
2.356 M 0.8948 W 
2.029 vs 0.8799 W 
1.931 M 0.8727 W 
1.756 Ss 0.8433 W 
1.655 W 0.8379 Ww 
1.604 Vw 0.8306 W 
1.540 Vw 0.8084 M 
1.412 W 0.8066 M 
1.367 Ww 0.7879 M 
1.288 M 0.7861 M 
1.243 0.7744 M 


*W = Weak, VW = Very Weak, M =Medium, S = Strong, VS = Very 
Strong. 


librium with the € phase. The powder method utiliz- 
ing a Debye-Scherrer X-ray camera was employed. 

The € phase was found to have a face-centered- 
cubic structure with a lattice parameter of 6.702A, 
in good agreement with the work of Smith and 


Guard.® The lattice parameter of nickel in equi- 
librium with the ¢ phase showed no change from the 
value for pure nickel giving strong evidence for the 
lack of any measurable solubility of zirconium in 
nickel. 

X-ray data shown in Table I, for the € phase re- 
vealed that the crystal structure is probably not 
cubic, hexagonal, or tetragonal on the basis of a 
small unit cell. It appears that single-crystal work 
will be helpful to determine the structure. 
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Freezing of Liquid Metal in a Mold 


Nomogyrams and charts are provided which permit vapid de- 
termination of the mold-casting interface temperature and the 
speed of solidification when a semiinfinite ingot is cast into a 
semtinfinite mold. The physical properties of the mold, the 
frozen metal, and the liquid metal are not assumed to be equal, 
but they are assumed to be temperature independent. The results 
are correlated with charts prepared by Paschkis and Hlinka—using 
Columbia University’s Analog Computer—for the freezing of finite 


ingot slabs when a constant surface temperature is impressed, 


G. Horvay 


and with experimental cooling curves obtained by Pellini in sand 


and iron molds for 7 in.-sq steel castings. 


NOTATION* 


*Unless stated otherwise, the units in this report are lb, ft, hr, deg F. 


Coordinates and variables, see Fig. 1 


x 


coordinate directed to right of zero (freezing 
dir ection) 

coordinate directed to left of zero (melting 
direction) 

= position of freezing front (in x direction) 

= position of melting front (in y direction) 

= temperature (function of position and time) 

fixed temperature 

width of finite slab 

a fixed position in the semiinfinite mold, or 
the width of a finite mold (see Section 7) 


Properties 


y =density, lb per cu ft 


G.HORVAY and J. G. HENZEL are with the Research Laboratory and 
i el Department, respectively, General Electric Co., Schenectady, 


Manuscript submitted January 16, 1958. IMD 


258—-VOLUME 215, APRIL 1959 


J. G. Henzel 


specific heat, Btu per lb deg F 

conductivity, Btu per ft hr deg F 

= heat of fusion, Btu per lb 

= k/yc = temperature diffusivity, sq ft per hr* 


Wout 


c 
k 
r 
K 


*In Figs. 4, 5 the letter x has the appearance of K, but this should 
not confuse the reader. 


b =Vkyc = heat diffusivity, Btu per sq ft deg F vhr 


Subscripts 


2 = pertaining to the still-liquid metal (case of 
freezing), or the medium which furnishes 
the heat (case of melting) 

1 = pertaining to solidified metal (case of freez- 
ing), or to molten metal (case of melting)* 


*See second footnote of Introduction. 


0 = pertaining to mold (case of freezing), or to the 
still-solid metal (case of melting) 


f = pertaining to fusion condition (e.g., = fusion 
temperature) 

¢ = pertaining to the location x = 0 (the mold-ingot 
‘‘interface’’ ) 
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=—PROP "|" PROPERTIES PROP "0" "|" 


O¢ 


Fig. 1—(a) Freezing, (6) melting of a 
semiinfinite slab on whose face x=0 (or 
y = 0) there is imposed, at t = 0 a con- 
stant temperature 6;; (c) freezing, and 
(d) melting of a semiinfinite metal slab 
in contact with a semiinfinite mold. 


So — 'siccer 
(a) (b) 


(c) 


y 
n 
—— PROPERTIES "0" PROP'!" PROP 
8, t BIGGER 
A 
Gy 
4 
| 


2 


y 


v = virtual; used in conjunction with 6,, see text 
after Eq. [13] 


Accents 


- (dot) = time derivative 
' (prime) = x-derivative for freezing, y-derivative 
for melting, see Eqs. [2] and [4] 


*(star) = pertaining to condition when neither 
melting nor freezing occurs; used 
for 6. and; for definition of n* 
see [18d] 

~ (tilde) = pertaining to condition where 0, = 6;; 


used for w,, I, see, 2.8., 
Eq. [19] 


Dimensional parameters 
q = ‘‘solidification constant,’’ defined by Eq. [10], 
ft per 
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Dimensionless parameters 


w;,v;,U Eqs. [6], [7], [8] 
n, n* see Eqs. [8b], [18d] 
cer see Eqs. [8c], [9a] 
f,g,X, Y see Eq. [A1] 
INTRODUCTION 


A semiinfinite slab (0 <x < ~) of pure liquid 
metal, see Fig. 1(a), has the uniform initial tem- 
perature »(x, 0) = 6, which exceeds the fusion tem- 
perature 6;. One imposes, from time f = 0 on, the 
constant temperature 6, on the left face, x = 0.* We 

*In practice the region x <0 represents the mold, and 9, represents 
the mold-slab interface temperature. 
assume that 0; is smaller than ¢;. Then freezing 
takes place in the slab; the position of the freezing 
front is denoted by x = ¢(t). For ¢ = 0 the front is at 
— = 0, for ¢ = ~ the front moves out to =o. Itis 
desired to find the position é (¢) of the front at 
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arbitrary times ¢t, and also the temperature distri- 
bution ¥, (x, t) in the already frozen region ‘‘1,”’ 
and the temperature distribution ¥, (x, ¢) inthe still- 
liquid region ‘‘2.’? * In the schematic sketch of 


*Subscript 2 refers to the liquid state, subscript 1 to the solid state. 
The properties in these states are assumed to be temperature independ- 
ent, and the & and c need not be the same in the two phases. However, 
the present analysis assumes that y, = y, for freezing (y, = yo for 
melting). The convection currents that result from y, # y, (or y: # Yo) 
ate considered by Chambré.14 A different generalization is considered 
in another paper. 15 


Fig. 1(2) we show the temperature distribution for a 
small time t gsmaij, Where & (represented by an un- 
labelled vertical dashed line) is close to zero, and 
for a bigger time fy;,..,, Where & (represented by 
the é-labelled vertical dashed line) is bigger. The 
frozen region is indicated, for f bigger, by cross- 
hatching. Note the break in the curves at the 
‘‘front’’? x = €. Ina similar way Fig. 1(b) illus- 
trates the case where a constant temperature 6; 

is imposed on the y = 0 face of a solid metal slab 
which occupies the region 0 < y < o. We assume 
that 6, exceeds 6;. Then a melting front y = n(t) 
will propagate to the left. We denote the molten 
region by ‘‘1,’’ the still unmolten region by ‘‘0.’’ 
The temperature distribution #(y, tf) is shown, 
schematically, for fsmaii and tpigger. The molten 
region is indicated, for ¢,;,.e., by cross-hatching. 


The problem thus stated was solved originally 
by F. Neumann, in the 1860’s (see Ref. 1, p. 71). 
Neumann found that one may write 


E(t) = 2w,VK,t -d [1] 


where the ‘‘solidification parameter’”’ w, isa 
constant whose value depends on the superheat 
temperature 6, — OF » and the material properties 
of melt and solid. He also found that d = 0.* 


*This is a theoretical result. Experimentally one finds that the 
“delay distance” is between 0.1 in. and 10 in. See Ruddle,” p. 185. 


Neumann’s problem was resolved by J. Stefan 
in 1891 (see Ref. 3, p. 194) for the special case 
6, = 9, and resolved by Lightfoot* in 1929 for 
another special case, namely, where the frozen 
and molten-state properties are identical. Light- 
foot, however, went beyond Neumann, insofar as he 
was able to replace the isothermal condition at 
x = 0 by the condition that a semiinfinite conducting 
slab,* x < 0, adjoin the frozen-molten slab, x > 0, 
*The mold. 


and conduct the heat away from the latter. Light- 
foot’s approach, which considered the freezing 
front as a traveling heat sink, is very illuminating 
(see Ref. 1, p. 227), but his derivation of the solu- 
tion does not compare in mathematical simplicity 
with Neumann’s and Stefan’s approach who 
‘‘suessed’’ the solution, and then verified its cor- 
rectness. Lightfoot’s solution for the case of two 
semiinfinite solids joining at x = 0 was extended 
by C. Schwartz° to the case where the properties of 
the liquid phase, the frozen phase, and the mold (the 
latter’s properties are denoted by subscript 0) all 
may differ. By recognizing that the mold-metal 
interface temperature 6; is a constant—as indicated 
in Figs. 1(c) and 1(d@)—Schwartz was able to reduce 
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the problem to Neumann’s solution. All these ap- 
proaches are ably summarized—and criticized, 
from the point of view of the foundryman—in 
Ruddle’s comprehensive book.” 

The main objective of our paper is to provide 
formulas and charts for the determination of 6; and 
w, in a more convenient form than is available in 
the literature.® Once these two parameters are 
known the temperature distribution in the three 
zones, ‘‘0,’’ ‘‘1,’’ and ‘‘2’? may be determined by 
the elementary formulas [12], [16]. A secondary 
objective is to compare our results with those of 
Paschkis and Hlinka’’ for finite slabs, obtained on 
the Columbia University passive Analog Computer 
A third objective is to correlate our analytical re- 
sults with the well-known test results of Pellini and 
his group for steel ingots of square cross section. 
The comparisons will show that the semiinfinite 
slab analysis may be adapted, with certain precau- 
tions, to interpretation of the behavior of finite 
slabs. 

It will be well to review the assumptions upon 
which our solution is based. It is assumed that 
1) all material properties are temperature inde- 
pendent (but they may differ from zone to zone).* 


*See however second footnote of Introduction. 


2) We deal with a pure metal, solidifying at a single 
temperature. 3) One-dimensional heat flow in a 
slab of constant depth is considered, the mold ex- 
tending from x = 0 to minus infinity, the casting 
from x = 0 to plus infinity. (If the mold or the cast- 
ing are finite, see e.g., Figs. 2 and 3, then temper- 
ature reflections occur at the boundaries, and 6; 
changes as the reflected wave reaches back to the 
liquid-solid metal interface. This then modifies the 
entire cooling process.) 4) Surface film resistance 
at frozen-molten front is ignored. 5) Air-gap for- 
mation at mold-casting interface and its retarding 
effect on freezing are ignored. 6) Convection cur- 
rents present in the melt are ignored. (Their pos- 
sibility is excluded, ab initio, by the assumption of 
one-dimensional heat flow.) 7) Competing freezing 
mechanisms (nucleation, dendrite growth, and so 
forth) are ignored. 


2) ANALYSIS 


We seek to solve the equations, see Fig. 1(c), 


Bo = <x <0) 


subject to the conditions 


>0 

att [3a,b] 
<0 

atx = 0: 3,=3,, kod, =k, [3c,d] 
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"| wf sax 
—SseMIINFINITE 
| 
6; L 
2L 


Fig. 2—Illustration of the accelerated cooling of a finite 
slab near its center, as contrasted with the behavior of a 
semiinfinite slab. (3 a represents the temperature in 


teflecte 
a slab 2L wide, cooled from both ends.) 


atx = [3e,f] 
9 


when freezing occurs, and we are to solve the equa- 
tions, see Fig. 1(d), 


<0) 
(n<y<@) 


subject to conditions 


>0 
at = [5a,b] 
62,9 <0 
aty =0: 3,=8,, = [5c,d] 
at y = +40: 8= [ 5e,f] 
at y= 0: 3, = = [5g,h] 


when melting occurs. Eq. [3i], ‘‘the freezing condi- 
tion,’”? expresses the fact that the heat of fusion re- 
leased by the freezing liquid per unit time, plus the 
heat conducted from the liquid to the liquid-solid 
interface (the ‘‘front’’) equals the heat transmitted 
into the solid. The break in the slope of the tem- 
perature curve, Fig. 1(a), atx = — is brought about 
by the difference term Ay, = k, — Eq. 
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[5i] states that the heat of fusion absorbed by the 
melting solid per unit time plus the heat current 
into the solid equals the heat current supplied by 
the liquid. Note that %, /, 33 in Eqs. [5] are 
negative quantities. We refer to the location 
x = 0 (or y = 0) as the (mold-ingot) interface, to the 
location x = ~ (or y = 7) as the front. 

We introduce the nondimensional parameters 


=q/2V«,; (w, = “‘solidification’’ parameter) [6] 


C2 (82 O¢)/A (superheat temperature) [7a] 


- 6,)/A for freezing 


(mold-ingot interface temperature) [7b] 
c, (6; - O¢)/r for melting 


> 


= Cy (8, - 6,)/r (initial mold tempera- [7c] 
ture in case of freezing, 
initial metal temperature 


in case of melting) 


for freezing 


for melting 


b,/b, for freezing 
n= [8b] 
for melting 


b,/b; 
0. 
for freezing 


[8c] 


Fig. 3—Freezing of a cylindrical ingot. The semiinfinite 
slab analysis applies only in the earliest phase of solidifi- 
cation, when the distance AR in which $ differs noticeably 
from 69 is small compared to the radius 2. 
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4 
| 


__nerfw 
and note the limiting values of I: 
Nw 
fordel = [9c] 


lin 


(© varies monotonically inbetween.) 
We now make the basic guesses with Schwartz: 


for freezing:  =qvt [10a] 
3, (0, t) = #,(0, t) = @; [10b,c] 
for melting: n= qvt [11a] 
$,(0,¢) = 6,, #,(0, £) = 0; [11b,c] 


t.e., the freezing front progresses with the square 
root of time, and the mold-metal interface temper- 
ature is a fixed constant, 0,.* 


*We shall hereafter restrict most of our statements to the freezing 
process; corresponding statements hold also for melting. 


The functions 


(x, t) = (6;— 00) erf 
0 
(x < 0) 
Of 0; x 
arpa, 
[12a,b,c] 
(0<x < &) 


(E<% <a) 


obey the differential Eqs. [2], and are seen to satisfy 
identically the Conditions [3a,b,c], [10b,c] (this im- 
plies [3c]) and [3g]. 6:, 6, and w, are as yet unknown 
constants. From the three conditions [3h], [3d], [3i] 
one then finds 


6 b } 

= r erf w, [13a] 
0, - 9 

0,- 9, = erfe w, [13b] 

and 

2 2 = Wi 


The last equation, the ‘‘freezing condition’’ may be 
rewritten also in the form* 
*Eq. [13a] may also be written as 


[13a’] 


but this form is less useful than the one stated. 
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VE 


The solution of the problem is therefore reduced to 
the simultaneous solution of the two Eqs. [13a,c] for 
6, and w,. 

In the next section we shall be concerned with 
solution of [13a,c]. Here we want to comment on 
Solution [12]. a) It is seen that 6;, the mold-casting 
interface temperature remains a constant through- 
out the freezing process, and so does the ‘‘virtual 
temperature” 9, from which the #, (x, t) curves seem 
to originate, see Fig. 1. b) While we could reduce 
Eqs. [13a,c] to one in a single unknown w, by 
introducing 


0, = (07 — 9) T erf [14] 


into the v, expression of [13c], it appears more con- 
venient to retain two equations in two unknowns. 

c) For melting one obtains from [12], [13], by mak- 
ing the substitutions 


subscript ‘‘0’’ subscript ‘‘2,’’ y—x [15] 
(or also by direct analysis), the corresponding 
formulas 
2 (y, 2 Ts 
(y < 0) 
0; Of 
3, (y, = 6 
1 (y, t) = 6, erfa, 
(O<y<n) 
$, (y; t) = 05 (0, —-6,) e y 
(6, o) erf 2 
(n <y 
where 
=I erf w 17a 
8, f [ ] 
v Ws [17b] 
and 
2 2 
v, 
=1 


Vt w,erf VT Wy Wo 
{er = [17c] 


d) Finally, when 6, is higher than the 6; of the melt, 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Vt w,erfw, Vn wi erfcew, 


and is below the Of of the mold, then we have a 
simple heat-conduction problem on hand, without 
the accompanying phenomenon of latent heat absorp- 
tion. Eqs. [16] must now be replaced (see Ref. 1, 

p. 70) by 


x 


+ (0, — 6°) erf iqui 
2 = 9; + (02 erf (liquid) [18a] 
* 
= 0; — (0* 6) erf mold 18b 
0 t 0 ( ) [ 
* 
* n 
02 0; = (6, 
[18c,d] 
Lo 
bz 


6* denotes the interface temperature when no 
change of phase takes place. 


3) SOLUTION OF THE 6,, w, EQUATIONS 


The freezing process is described by Formulas 
[12] where 6;, w, are roots of the two transcendental 
Eqs. [13a,c]. Consider first the case of Fig. 1(a), 
where 6; is assumed to be given. In this case Eqs. 
[12a], [13a] are omitted, and only w, needs to be 
determined. Its value may be read off from the 
nomograms, Figs. 4(a), (6), (c).* The intersection 


*The construction of the nomograms is explained in Appendix 1. 


of the straight line, connecting the left-side par- 
ameter v, and the right-side parameter v, with 
the appropriate Vx,/x, curve, determines the ap- 
propriate value of parameter w,. Next we consider 
the general case, Fig. 1(c), where also 6; is an un- 
known. Here we first guess a value of 6;, and using 
it, we determine w, from Fig. 4. Then we redeter- 
mine 6; from Formula [17a] and enter Fig. 4 with the 
corresponding new vaiue of v,, obtaining an im- 
proved estimate of w,. The calculation is repeated 
until no improvement occurs. 

Pouring at fusion temperature (6, = CT) represents 
a particularly important special case. Combined 
application of Fig. 4 and Eq. [17a] leads to the com- 
posite diagram, Fig. 5, which permits determination 
of 6; and w, for this case from a single plot. The 
quantities U (left axis) and m (parameter along the 
rising lines) are now given, the interface tempera- 
ture parameter I (horizontal axis), and solidifica- 
tion parameter w, (descending curves) may then be 
read directly. (Note that for 0 (i.e, U ~~) the 
curves w, have the abscissas n/(1 + m) as asymp- 
totes. (This follows from [18c].) For small super- 
heats we may estimate w,, in first approximation 
from Fig. 5 also for the general case. These 
values—we refer to them as w 1, ©—constitute upper 
bounds for w,, I: 


In this fashion we obtain a starting estimate for -6; 


which may then be used in Fig. 4. 
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In the examples that follow we shall use the fol- 
lowing material properties (lb, ft, hr, deg F units) 
as culled from the Refs. 2,7 to 10. We ignore the 
fact that steel freezes over a range, but assume, 
somewhat arbitrarily, that OF 


4) A MELTING PROBLEM 


A temperature @, = 2180° is imposed on the sur- 
face of a copper slab, originally at 1580°. Calculate 
the rate of melting, see Fig. 1(b). 


By [7], 


[20] 
_ 0.10 x 400 


so = 0-44 


Vv, 


The v, ¥, line intersects the.vk,/Kk, = 1 curve at 
w, = 0.21 [21a] 
Thus, the melting proceeds according to the law 


nt) = 


[21b] 
q = Wk, w, = 24.0 x 0.21 = 0.84 


ft 
Vvhr 


5) SAND CASTING 


Steel, at 0, = 2750° is poured into a sand mold 
which is initially at 09 = 100°. Calculate the mold- 
ingot interface temperature, and the speed of 
freezing. Calculate cooling curves, and compare 
with Pellini’s experimental results. 


We find our bearings by first considering the case 
when the pouring temperature 6, coincides with the 
fusion temperature. Noting that 


_ (6f _ 0.16 (2580 - 100) _ , 


126 
b [22] 
= = 0.13 
1 
we obtain from Fig. 5 
0.22, = - 0.031, 6, = 2500 [23] 
f- % 


Because of the higher actual pouring temperature 

(6, = 6 + 170°) in our problem, 6; will be higher 

than §,, and © smaller than f, w, smaller than @. 
Using 


= 0.010 [24a] 


as initial guess we obtain the first estimate for 0;: 


9, = (67 - % 


0.01 (2580 — 100) = 24.8° 
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425 I 


2°42 8 4 
6 
—. 
3 
= 
= = 
= 
ye 
4— Re) 
: eae Fig. 4—Nomograms for the determina- 
tion of the solidification parameter 
= Ss in terms of the material and temperature 
= +H—- parameters v4, For freezing 
=] = K, v are to be read as Kg, vg, for melting 
aa = they are to be read as Kg, vo. 
a 
= 
= 
5 
4(2) 
and correspondingly, r = 0.012 [26b] 
_ 0.16 x 24.8 is the new estimate for the temperature ratio. 
Had we, on the other hand, started out with 
The straight line in Fig. 4(c) connecting *Instead of trying to converge to the correct w, andi" by using 
I’ = 0,012 as the new estimate, it is speedier to bracket the expected 
quantity, as we do, by using T = 0.020 as second guess. 
v, = 0.0315 [25a] 
C = 0.020 [27a] 
and 
we would have obtained 
Assuming next the value ( = 0.0165 we find 
intersects the 
w, = 0.115 T = 0.0165 28 
/k2 = ¥0.25/0.10 = 1.6 [25c] 
Thus the values [28] are the correct values to use. 
curve at about Consequently the interface temperature is 
w, = 0.080 [26a] 6, - 6; = © (6; — 4) 


Consequently, from [9a], using n = 0.13, w, = 0.080, 
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| [29] 
= 0.0165 (2580 — 100) = 41° 
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5 


4(b) 


> 


jn 


= 


4(c) 


0 
below the fusion temperature, and the freezing front w,=0.115V0.25/0.10 = 0.18, 


oves as 
es Wy = 0.115V0.25/0.034 = 0.31 [31] 
f=qvt, q=2x0.115 V0.25 = 0.115 ft per Vhr [30] 


Knowing w, we find by [6] hence, by [13b] 
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.04 
q= SOLIDIFICATION CONSTANT, FT. / VHR. 
-| Fk = CONDUCTIVITY 
y = SPECIFIC WEIGHT 
é 
= HEAT OF SOLIDIFICATION \ 
6 q/2 LA aN 4 
Kzk/ye 
1.0 
=.05 VA Xx | 
Fig. 5—A chart for determining the soli- 
y, dification parameter w, and interface 
a vA A\ temperature 6; when pouring occurs at 
4 x y AAA fusion temperature. (For the case of 
melting, replace U by (6.—9)/A”, 
6 Z 50 by (9; — (92 — and interchange 
3 elsewhere subscript 0 with subscript 2.) 
\ 
7 7 W 
rt 
Y ° 
100 A 
& 
200 &) 
LIQUID METAL 
400 
600 
001 .002 6-06; .02 04 (6 1.0 
“if = 10, 20, 40, 60, 120 min. For comparison Pellini’s 
6.- 0, = [32a] Fig. 9 of Ref. 7 is reproduced as our Fig. 7. Pellini 
BIS ews : determined the cooling curves for a 7 in. by 7-in. sq 
Q 0 steel ingot, poured into sand molds of various wall 
f aa = 5s = 317° [32b] thicknesses. It is noted that 1) Pellini’s ingot 
erf w, 


Thus, the temperature distribution in the three 
media is, by [12], found to be 


= 2539 + 2439 erf ——~___ <0 
= 2539 + 2439 erf < 0) 
x 
= 2539 + 317 exf O<x< 33 
3, ( é) [33] 
2 <x< 
9, = 2538 + 213 erf 


Cooling curves are plotted in Fig. 6 for ¢ = 1, 3, 
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freezes much faster than ours; 2) his mold warms 
up more slowly; 3) his 6; — 6; value is about double 
of ours; 4) Pellini’s tests furthermore indicate that 
there is significant contact temperature drop at the 
mold-ingot interface (which our present theory, 
naturally, does not take into account); 5) an assump- 
tion of 6, being between 100° and 150° is seen to be 
quite reasonable; 6) Pellini’s figure also shows that 
the experimental value of 6; remains reasonably 
constant for a fairly long time. (This confirms the 
validity of our assumption that mold and ingot may 
be regarded as semiinfinite for a fairly long time 
interval). 


In Fig. 7 the near-constancy of 6; is seen to per- 
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sist for about 20 min. The deviation from the 
6; = constant behavior becomes significant* (for the 


*In the sense that the mathematical approximation of semiinfinite 
lengths becomes less and less tenable. In the tests 0; ceases to be 
constant much sooner, but from a practical point of view we may still 
talk in terms of a constant effective 0;.** 


**This statement is somewhat of an oversimplification. While it is 
true that 6; —@, remains essentially constant for a relatively long time, 
it is the ratio (0, — Oy )/(6f —0;) which determines the freezing process, 
and this varies rapidly with small changes in 6; , because Gf — 0; is 
small. 
commonly used superheats) at the lesser of the two 
times: the time for the freezing front to reach one- 
third way to the ingot center, and the double of the 
time required to significantly raise the mold outer- 
surface temperature. For at these times the re- 
flections of the temperature waves from the ingot 
center or mold outer surface begin to reach back to 
the mold-ingot interface, and begin to significantly 
modify the value of 6; which our theory for semi- 
infinite slabs assumes as constant. 

While Figs. 6 and 7 are in qualitative agreement, 
the quantitative agreement appears to be poor, par- 
ticularly, in regard to the freezing time. In fact, it 
is not so poor. Our solidification constant, 
q= 0.115 ft per Vhr tells us that on freezing our 
semiinfinite slab from one end for 1 hr, a 
6 = 0.115 ft = 1.4-in. frozen crust is formed, see 
Fig. 8(a).* When freezing a long slab from both 


*A 3.5«in, crust is formed in (3.5/12 x 0.115)? = 6.6 hr. 


ends, Fig. 8(b), we obtain two 6 = 1¥2-in. crusts, 
but when we freeze a short slab, Fig. 8(c), then the 
crust thickness, 5’, exceeds 1 7/2 in., because freez- 
ing occurs near the center at an accelerated rate 
(cf., Fig. 2). Even more accelerated is the freez- 
ing for a square cross section, cooled from all 
sides, as there is now further overlapping of cooling 
effects; the frozen crusts 6” will now exceed 6’. 
Thus the still-frozen area in a square ingot of 3.5” 

= 12 sq-in. cross section will, after an hour, be cer- 
tainly less than (3.5 — 1.5)” = 4 sq in., probably 
close to nil, in fair agreement with the test results 
which show freezing in about 45 min. The greatly 


2800 


6222750 | — 
MOULD A INGOT 
2000 2750 
/ A_\20MIN. 
400 
— 4 0 2 10 
INCHES 


-8 =4 =2 


Fig. 6—Calculated cooling curves for a semiinfinite steel 
ingot poured into a semiinfinite sand mold. 


accelerated pace of freezing near the center of the 
ingot is evident from Pellini’s test results. 

Less readily explainable is the discrepancy be- 
tween experimental and theoretical 6; (the calcu- 
lated 6, is too high), and the—by calculation—over- 
hasty warming up of the mold. A better agreement 
with test results would be obtained if ky were 
somewhat reduced, while b,/b, were somewhat in- 
creased. This could be achieved by using in the 
calculations a somewhat increased effective (yc) 
say (y C)o eff = 4.5 


*This would improve the agreement of all the portions — 4, 3,,.3, — 
of the temperature curves. 


0,.eff? 


Another observation is the following. Pellini’s 
finite molds behave very much like semiinfinite 
molds, i.e., heat is transferred to the surrounding 
air at about the same rate as if it were transferred 
to additional surrounding mold material. This in- 
sures that the mathematical representation of the 
actual mold by a semiinfinite mold is a good one. 

The present problem is further discussed in 
Section 7. 


410 20 
30_ 20_ 1-20 MIN 
28 2800) 3 2600) 
POURING TEMP » 2800°F 50 
2400 POURING TEMP +2800°F 2400) ORY SAND 2400 POURING 
24 
ORY SAND _ SAND THICKNESS® 4 ORY SAND 
SAND THICKNESS#2 STEEL ANALYSIS |. SAND THICKNESS 7 
THICKNESS=2 2200) 22 STEEL ANALYSIS: 
STEEL ANALYSIS Ad 
c Wn 
2000) 200 si 28 2000 
Si 20 
1800 £ 1800 
\ 
= 1400:—_} 2 w = 1400}—+ 2 1400} 2 
1000 \ \\\\ 1000 4000 
\ L- 50 MIN ' \ 
0 800) 80 
800 \ | | \ \\ he 
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400) + 30) 400 \ 
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Fig, 7—Experimental cooling curves of Pellini for a 20-in. high 7 


are measured at midheight of casting.) 
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-in. sq ingot poured into a sand mold. (Temperatures 
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(a) (b) 


8 
SS 
x 
NS 


interface temperature is 


[35a] 
= 6, — 0.43 (2580 = 100) = 1520° 
and the solidification parameter is 
w, = 0.69 [35b] 


~ Since 0, exceeds 6; by 170°, the interface tempera- 
NN Caan ture 6; will be higher than @;, and the solidification 
parameter w, smaller than w,. 
A We determine the correct values of [ and w, as 
ile 5" in previous example. One finds 
0.425, w,= 0.61 [36a] 
(c) (d) 
Fig. 8—The frozen crust 6 formed in a semiinfinite slab and hence 
(2), or in a wide slab (b) is smaller than the crust 6’ / te ° 
formed in a narrow slab (c), and the latter is again smaller Cease ae 0.425 (2580 - 100) = 1050 
than the crust 6” formed ina square slab (d). 
q = 2w,V«, = 2x 0.61 = 0.61 ft per Vhr 
[36b] 
6) CHILL CASTING w, = w, V0,25/0.10 = 0.96 
Steel at @ = 2750° is poured into a cast iron mold 
which is initially at 6, = 100°. Calculate, as before, 0 = %, V0.25/0.36 = 0.50 
the interface temperature, and the speed of freezing. } 
Calculate also cooling curves, and compare with Correspondingly, by [13] 
Pellini’s experimental results for a 7-in. sq ingot. 
Noting from [22] that = 970 
37 
U = 3.2 [Sta] 3 
= = 1700 
erf Wy 0.61 
we find from Fig. 5 for 
and by | 12 
18.4x460x0.16° & (x, 2) = 1530 + 1430 er ——— 
that when pouring is done at fusion temperature, the (x < 0) 
INCHES 
3 
62+ 2750°—"T_, 
2400 
V/V 60 MINUTES 
| 
INGOT 
A 
1600 
MOULD LT 12 1530° Fig. 9—Calculated cooling curves for a 
FY, semiinfinite steel ingot poured into a 
Lf, MM 1200 semiinfinite iron mold. 
[60 MINUTES 4 800 
4 Me 400 
100¢ 
-10 -8 -6 -4 -2 fo) 
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Fig. 10—Experimental cooling curves of Pellini for a 20-in. high 7-in. sq ingot poured into an iron mold. 


= 1530 + 1700 exf 
2V0.25 ¢ 


(0<x < [38] 


$, (x, t) = 1780 + 970 er f —~—_ 
270.10 


(E<x 


Cooling curves are plotted in Fig. 9 for t = %4, Y%, 
1, 2, 4, 8, 16, 60 min. 

Pellini’s Fig. 6 from Ref. 7 is reproduced, for 
comparison, as our Fig. 10. Except for the airgap 
temperature drop at the mold-ingot interface, which 
the analysis ignores, the approximate theory is 
seen to represent the test results very well, in fact, 
unreasonably well.* Indeed, one may point out that 

*The good agreement is largely to be credited to the low value of 0;. 


This makes the results rather insensitive to moderate variations in Of 
in 0,-0, and in 9; itself. 


the near-agreement of the calculated freezing time 
and the experimental freezing time is fallacious. By 
Section 5—one may argue—the freezing time for a 
3.5-in. length in the semiinfinite bar should be 
greater than that for a square bar by, perhaps, a 
factor of 5 or so. However, there is a vast differ- 
ence between the present case, and the previous one. 
Before we had (0, — 6¢)/(@ — 0:) = 4, now we have 
(0, — — = 0.12. So in the present case 
there is, so to speak, hardly any superheat involved, 
and the square bar does not realize that it is not 
semiinfinite until near the last moments of the 
freezing process. This fact is clearly demon- 
strated—for the finite slab—in Figs. 11 and 12. 
Contrast the separation (in time) of the full line 

and dashed line curves near the end of freezing in 
one case, their closeness in the second case. So the 
gain in freezing time of Pellini’s square ingot in an 
iron mold vs the mathematical semiinfinite ingot 
should be small. This gain should be even further 
reduced (or eliminated) by the retardation of the 
freezing process due to formation of the airgap in 
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the test casting.* There is, though, some doubt 


*The airgap, besides hindering the heat conduction across the inter- 
face, has the additional effect of moving up the ingot interface tempera- 
ture, above the expected 0;, and lowering the mold interface temperature, 
below the expected 0;, so that a finite temperature drop occurs between 
x =0 and y =0. See Ref. 11, 
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PASCHKIS-HLINKA 
2700}-— —-— SEMIINFINITE ANALYSIS —% 
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Fig. 11—Comparison of cooling curves of a semiinfinite 
slab (dashed lines) and a 7-in.-wide slab (full lines), cast 
into sand molds. (The curves for the finite slab were ob- 
tained by Paschkis and Hlinka, assuming a fixed mold- 
ingot interface temperature.) 
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Fig. 12—Comparison of cooling curves for a semiinfinite 
slab (dashed lines) and a 7-in.-wide slab (full lines), cast 
into iron molds. (The curves for the finite slab were ob- 
tained by Paschkis and Hlinka, assuming a fixed mold - 
ingot interface temperature.) 


whether there actually did develop much of an air- 
gap in Pellini’s tests (Pellini tapered his molds from 
7 /,-in. sq at top to 6 %-in. sq at bottom, just for 
the purpose of minimizing airgap formation), or 
whether the large airgap drop which is seen in 
Fig. 10 represents poorly read temperatures in the 
region of very large gradients. 

The present problem is further discussed in 
Section 7. 


7) COMPARISON WITH PASCHKIS-HLINKA 


Compare the calculations of Sections 4, 5 fora 
semiinfinite ingot cast ina sand mold and in an 
iron mold, respectively, with the Paschkis-Hlinka 
results for a 7-in. wide ingot. 


a) Sand Casting—In Fig. 11 we reproduce in full 
lines the cooling curves of Chart 112 of Ref. 12. 
This chart, representing the conditions 


v, = 0.2 [39] 
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approaches closest—among the 132 charts of 
Paschkis-Hlinka—to the conditions of Figs. 6 and 7. 
We are replacing the Ref. 12 symbols and 
1-n by our symbols v,, V2, *,t/L* and x/L, and in- 
stead of plotting nondimensional temperatures v vs 
nondimensional time N;,, (as is done in Ref. 12) we 
plot actual temperatures 


a 40a 
Of + Vv [ 
vs actual times 
K 1 o 


It is to be recalled that Paschkis and Hlinka have 
charts only for cases where C;= C2, ¥1= 7, and 
either k, = k, or k, = 2k,. Correspondingly, the 
constants chosen for the present comparison are 


¥,= = 460, C¢,=¢,= 0.18 
k,= 18.4 K 0.22, k, = 9.2, K, = 0.11 
[41a] 
and 
OF = 2580° [41b] 
It follows that 
126 
3 = 2580 + v= 2580 + 700v [42a] 
0.18 
60 /3.5\? 
t minutes = 0.22 (33) NFo = 23NFo [42b] 


In particular, the interface and pouring tempera- 
tures are found to be 


0; = 0, — = 2580 70 = 2510° 
[43] 
6, = 6, + = 2580 + 140 = 2720° 


as contrasted with the @, = 2539°, 6, = 2750° values 
of Section 5. It may be mentioned, incidentally, that 
the above 6, — 0;, 6 — 0; values [43] are perhaps 
even more representative for Pellini’s tests than 
are the values arrived at in Section 5. 

The dashed lines in Fig. 11 show the cooling 
curves calculated for a semiinfinite ingot, using 
the above constants [39] and [41]. By Fig. 4(c) we 
find for v, = 0.1, v, = 0.2 that 


w,= 0.175, q= 2x 0.175 V0.22 
[44] 
= 0.164 ft per Vhr 


and hence, by [12b,c] and [13b] 
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x 


3, = 2510 + 358 er f O0< 


= 2528 + 192 erf (E <x <@) 


v0.11 ¢ 


Accordingly the time for freezing a 3.5-in. crust in 
a semiinfinite slab is 


-(2) = = 3.15 hr = 190min [46] 


t freezing 
as contrasted with the Pashkis-Hlinka value 


min 23N Fo, freezing 


= 20 X 5.45 = 125 min 


[47] 


Fig. 11 clearly illustrates that very early dur ing 
the freezing process no distinction can be made be- 
tween a Semiinfinite slab and a slab of finite width.* 

*The discrepancy of the ¢ = 2.3 minute curves for x 2 L/2 must be 
attributed to the inaccuracy of the analog method of solution. (The finite 
slab curves should, for instance, be horizontal at x = L, but are not.) 
Comparison in Figs. 11 and 12 of the calculated and “analog-deter- 
mined” cooling curves for the first few minutes provides therefore also 
information on the reliability that may be expected for “analog” solu- 
tions in other problems. 

But fairly early in the process the freezing in the 
finite slab accelerates, and this results (for 

L= 3/2 in.) in a 28 pct gain in freezing time as 
compared with the semiinfinite slab. An appre- 
ciably bigger further gain must be expected when 
the slab is not 7 in. by ~ but 7 in. by 7 in. It is 
likely to bring the freezing time down to about an 
hour. 

b) Chill-Casting— Using the constants listed in 
[41] we now write 


3 = 2580 + 700v 


[48] 
= 23N 
and 
AV ° 
6; = OF - ae = 2580 — 1050 = 1530 
[49] 
AVe ° 
Pert 2580 + 140 = 2720 
where we have adopted for v, and v, the values 
v,= 1.5, Vv, = 0.2 [50] 


of Chart 115 of Ref. 12, which represent the test 
conditions quite well. The full lines in Fig. 12 re- 
produce the Paschkis-Hlinka results obtained by the 
Electrical Analogue, the dashed lines in the figure 
show the cooling curves calculated on the basis of 
constants [41] and [49] for a semiinfinite ingot. 

The pertinent equations for the latter calculations 


are 


q= 2x 0.66 V0.22 = 0.62 
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Fig. 13(¢) top-The temperature %)(Y, ¢) and the heat trans- 
mitted Qin a semiinfinite iron mold, at locations Y = 
2 1/4 in., 4 1/8 in. from the interface. (b) bottom—The heat- 
transfer coefficient A that would be required at the sur- 
face of a mold of thickness Y to maintain semiinfinite 
conditions. 


x 
x 
2V0.11t 


It is seen from Fig. 12 that when L = 3.5 in., the 
finite slab freezes only 4 pct faster than the semi- 
infinite slab (cf., footnotes pp. 269, 271). 
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Table |. Properties 


k y c % b r Of 
Al 120 170 0.26 2.7 73 170 1220 
Cu 224 560 0.10 4.0 1 : : 90 1980 
Solid steel 18.4 (1000°) 460 0.16 0.25 
Liquid steel 9.2 460 0.20 0.10 29 126 2580 
Cast iron 30 (100°) 460 0.15 0.44 45 
20 (1000°) 0.29 37 
Sand 0.90* 94 0.28 
Graphite 19 (500°) 140 0.29 0.4 
67 (1000°) 1.6 52 
*This value, used by Paschkis and Pellini, is appreciably larger than the values listed in Ruddle’s book. 
8) A COMPARISON OF FINITE AND SEMI- ; 
INFINITE MOLDS 0 
From Fig. 7 it is seen that chopping off a semi- f ahs, 
infinite sand mold at 27/2 in. or 47/, in. barely af- j [Ala] 
fects the test results, because air and sand trans- 1 ee z 
mit heat at a—roughly speaking—equal rate. With 1 
an iron mold the situation is vastly different. Iron 1 Vv, 


conducts and diffuses temperature much more ef- 
ficiently than does air, and so if we chop off a semi- 
infinite iron mold at a small distance, say at 

Y = 1% in., or 2% in., or even 47% in., from the 
inner face, then not all the heat can diffuse out into 
the air; much of it becomes trapped in the mold, 
and the mold heats up. 

In the present example we reconsider the semi- 
infinite mold of Section 6 and determine the rate at 
which heat would have to be removed from a 
Y = 2'%-in. or 4¥%g-in. mold, so as to maintain 
semi-infinite conditions. 

In Fig. 13(a) we plot the heat flow 


in the semiinfinite iron mold of Fig. 9 at locations 
Y = 2% in. and 4%, in. The corresponding temper- 
atures 3,(Y, ¢) are also plotted. Assuming that the 
temperature of the ambient air is 6, = 70°, we de- 
termine the heat-transfer coefficient h(Btu per sq 
ft-hr-deg F) required to maintain semi-infinite con- 
ditions from the relation 


(¥,t) - @ [53] 


The values of the required hare plotted in Fig. 13(d). 


If Nayailable required then the iron mold will 
cool off, and the freezing will take place faster than 
indicated in Fig. 10. If hayaiapie falls short of 
Weta then the converse will happen. It is this 
latter case that occurs in practice. 
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APPENDIX 


Calculation of the Nomograms, Fig. 4 


Following in the footsteps of Hampl and Vodicka® 
we write Eq. [13c] in the form 
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f (w) wer erfw; fi = f(w,) 


Eq. [Ala] is the so-called ‘‘basic determinant’’ for a 
nomogvam consisting of two parallel lines—line 

v, along the vertical axis, line v, parallel to it, one 
unit displaced—and a curve whose parametric equa- 
tion is 


(cf., Ref. 13, p. 75). Once the curve is constructed, 
one solves in a given problem for w, by connecting 
the chosen values of v, and v, by a straight line, and 
reading the parameter w, on the intersection with 
the (X, Y) curve. The direct use of [Ala] would, 
however, lead to a very inconvenient plot. We re- 
duce the v, scale by the factor pu = 7/4, and reverse 
the sign of the scale. This transforms Eq. [Ala] 
into the ‘‘constructional determinant’’ (Ref. 13, 

p. 76) 


[Aic] 


X(w,) = Y(w,) = 


0 cD 1 


Uf 


= 0 [A2] 


1 1 


There result now the graphs of Fig. 4(a); we drew it 
for the five cases VK,/k, = 7/4, %, 1, 2, 4. (Note 
that, in constructing the (X, Y) curve, X is meas- 
ured horizontally as before, but Y is measured—in 
units of the v, scale—vertically up from the diagonal 
which connects the 0 point of the v, vertical with the 
0 point of the v, vertical.) 

The lower left-hand corner is the most important 
portion of the figure. It is redrawn to enlarged 
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scales in Figs. 4(b), (c).* 
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*For these cases place p = 1 and 2.5, respectively, in Eq. [A2]. 


AIME Trans., 1957.* 
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H. F. Bishop and W. S. Pellini: Solidification of Metals, Foundry, 1952. 
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H. S. Carslaw and J. C. Jaeger: Conduction of Heat in Solids, Oxford Thermal Contact in a Sheet-Stringer Structure, Journal, Aeronautical Science, 
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: SL. R. Ingersoll, O. J. Zobel, and A. C. Ingersoll: Heat Conduction, Univer- : “H. J. Allcock, J. G. Jones, and J. G. L. Michel; The Nomogram, Sir Isaac 
sity of Wisconsin Press, 1954. Pitman Ltd. 1950, 
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*This is a review article, summarizing the work of Pellini and his associ- 
M. Hampl and V. Vodicka: Graphical Method of Determination of Rate Solidi- . . 


ates in the field of solidification during the past decade. A detailed biblio- 


fication, Brutcher Translation 1902 from original which appeared in Archiv fiir graphy is included. 


Eisenhittenwesen, 1944, vol. 195. 


X-Ray Detection of Dislocation Tilts and Strains 
in Single Crystals of Copper 


A general treatment of the broadening of X-ray double- 
crystal spectrometer rocking curves due to distributions of tilts 
and strains has been carried out. The results of this treatment 
have been applied to the case where dislocations in a crystal 
give rise to both tilts and strains. On this basis it is found that 
the rocking-curve halfwidth due to imperfections in the crystal, 
B,, creases with increasing Bragg angle, 9. These consider- 
ations predict linear relationships between B% and tan” 6, and 
B, and tan 6, for Gaussian and Cauchy distributions of disloca- 
tions, respectively. The zero intercept of the B, vs 6 curve, 
which is a measure of the degree of imperfection of the crystal, 
ts found to depend directly on the distribution rather than the 
number of dislocations. In addition, the slope-intercept ratio 
for the B, — 6 curve has been calculated for both the Gaussian 
and Cauchy distributions. 

Experimental determination of the Bo — 0 curves fora 
series of copper single crystals prepared by the Bridgeman and 


Czochralski methods yields results in agreement with the cal- Larry Kaufman 

culated slope-intercept ratio for a Cauchy distribution of dis- E 

locatiorts. S. Andrew Kulin 
Certain X-ray techniques have been used to sion that the most probable misorientation is given 


study the perfection of single crystals. Gay, Hirsch, by 
and Kelly’ have considered the spreading of spots 


into arcs on Debye-Sherrer rings due to imperfec- +0 +00 Ne P 

tions. The Double-Crystal Spectrometer has also JS J exp[-h* (0°+9°)] do 

been applied to this problem.” The characteristics [1] 

of Double-Crystal Spectrometer Rocking Curves +00 +00 

have been described in the literature by various J J (0°+ ¢°)| 

workers.’ * By assuming a random spacing of dis- Tear 

locations which give rise to a Gaussian distribution 

of misorientations relative to some mean orienta- where h is the spacing between dislocations, and 0 

tion in a crystal Gay, e¢ al.,’ arrive at the conclu- and # are the relative misorientations of neighbor - 
LARRY KAUFMAN, Junior Member AIME, and S. ANDREW KULIN, ing regions. 

Associate Member AIME, formerly associated with Lincoln Laboratory, If 6, is the halfwidth of the rocking curve (the 


Massachusetts Institute of Technology, in He Mass., are presently width at one-half the peak intensity) due to disloca- 
with Manufacturing Laboratories, Cambridge, Mass. 
The research reported in this document was supported jointly by the tions in the crys 
Army, Navy, and Air Force under contract with the Massachusetts B 
Institute of Technology. cee [2] 
Manuscript submitted April 21, 1958. IMD. 2 
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Furthermore, since Ny, the number of random dis- 
locations per sq cm, is given by 


1 
Np = ra [3] 
and 

b 
[4] 
= 40° Np [5] 


Eq. [5] gives the relationship between the number of 
dislocations per sq cm, the halfwidth of the rocking 

curve, and the Burger’s vector, b. Eq. [5] predicts 

the rocking curve halfwidth due to dislocation ‘‘tilt’’ 
for a crystal having a given number of ranean ar- 
ranged dislocations. 

The technique used in obtaining a rocking curve 
involves rocking a specimen crystal in the (1, —1) 
position through an angle B about its reflecting po- 
sition and measuring the intensity of the reflection 
from that crystal as a function of 8. The source of 
X-rays in this case is the reflected beam from a 
similarly oriented crystal of the same material set 
at the identical Bragg angle. The resultant J vs B 
curves are generally Gaussian or Cauchy in nature, 
and the measured halfwidth 6, is defined as the 
width of the J vs B curve ata Value of I ahs 2 where 
I, is the peak intensity. It is necessary to con- 
sider the contributions of natural halfwidth, dislo- 
cation tilt, and dislocation strain to the rocking 
curve obtained with a perfect first crystal and a 
specimen crystal containing imperfections. In order 
to make the foregoing calculation it would be in- 
structive to consider the case of a rocking curve 
obtained from two perfect crystals. 

According to the mathematical treatment of 
Jones’ the J vs f curve resulting from the con- 
volution of two Gaussian, reflections which are 
given by J, = Ip (x? ) and J, = I, exp" 6”) is 
(x"y" )/(x* + The reflections /, 
and ig represent the single reflection curves from. 
each crystal. The halfwidth of the reflection from 
the first crystal is defined as B,, and is equal to 


41n 2 
[6] 
similarly 
Consequently, if 8, is the halfwidth of the rocking 
curve then 
4in 2 = Bm [8] 
or 
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If both crystals are identical then 


[10] 
where* 

By -2 sin 20 1+ cos” 26 


@ is the reflecting angle, A is the X-ray wavelength, 
n is the number of atoms per unit volume of crystal, 
and f is the atomic scattering factor.* £,, has been 


*The derivation of Eq. [11] from Ref. 4 can be carried out as follows: 


Ref. 4 James pp. 54, 55, 58. 


2e2nr2 


f (0) (excluding polarization effects) 
m me2 sin 20 


By = 
Bn= By (P.F.) where (P. F.) takes into account the fact that the radia- 
tion off the first and second crystal in polarized . (P.F.) is equal to 
f(sin @/d)/ f(0) multiplied by a function of cos 20. Guinier (Ref. 4) 
gives this function as (1+ cos* 26)/(1+ cos 62 26). It should be noted 
that although the calculation of By is subject to several uncertain- 
ties, (i.e., absorption is not taken into account) the results are cer- 
tainly of the right order of magnitude. 


determined experimentally for pairs of crystals of 
highly perfect germanium and silicon and the ex- 
perimental results, as well as the calculated values 
of 6,,, are given in Table I.* 


*James’ considers several methods combining single reflection 
curves and finds that 8, = By multiplied by a numerical factor 
between land v2. 


The calculation of By carried out by means of 
Eqs. [10] and [11] and presented in Tables I and II 
are not meant to check theory against experiment, 
but rather to show that the values of Bb. observed 
for the copper crystals, Table III, are "much larger 
than the pertinent values of By. Therefore, in the 
case of the measurements on copper crystals By can 
be safely neglected. 

In order to determine the theoretical rocking 
curve expected with a perfect first crystal and an 
imperfect second crystal, assume that the second 
crystal contains a Gaussian distribution of tilts a 
about a mean tilt a,,, and a Gaussian distribution of 


strains € about some mean strain e,. If the tilt 
distribution is given by 

Z,= exp[-v?(a - a, )?] 
and the strain distribution is given by 

= Ze exp (e- e,,)*] [13] 


then for € = A@/tan 6= ¢/tan 6, from the Bragg law, 
the strain distribution may be expressed in terms of 


Table I. Comparison of Calculated and Measured Halfwidths 
for Highly Perfect Crystals of Silicon and Germanium 


Crystal Pair Radiation V 26 (calc.) Bm (obs.) 
Ge (111) vs Ge (111) CuK 28.6 sec 22.0 sec 
Si (111) vs Si (111) CuK x 12.0 sec 10.0 sec 
Si (11) vs Si (111) MoK 6.1 sec 7.0 sec 
Si (333) vs Si (333) MoK 1.3 sec 3.0 sec 
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an additional angular misorientation as 


2 
7° w 
The J vs 8 curve resulting from the convolution of 
the natural broadening effect of the first and second 
crystals coupled with the strain and tilt contribu- 
tions from the second crystal is given by 


[15] 


where 


2 xy? 2 wv? 
ands“ = 
x2 + y? v2 tan? 0+ w2 


[16] 


Furthermore, since 


2 
Y Ss 
in 2 (Bp) [17] 
4In2tan?6 


An equation similar to [18] has been derived by 
Warren® under similar assumptions. If the con- 
tribution of imperfections to the halfwidth of the 
rocking curve is given by then = — B?, 
Consequently, 


[19] 


tan” 6 
w2 we 


pe = 4in2( 


This treatment is quite general, the limiting as- 
sumption being the Gaussian distribution of tilts and 
strains. Similar equations relating B- to @ can be 
derived using different strain and tilt distributions 
(the result for a Cauchy distribution is derived be- 


Table Il. Calculation of Natural Reflection Halfwidths for Copper 
and Germanium with CuK , and MoK , Radiation 


Cu (111)Mo = 9.0 sec Cu (11) cy = 19.2 sec 


Ge (220)mo = 5.4 sec Ge (220)c,y = 11.1 sec 
Cu (222)mMo = 4.5 sec Cu (222)c, = 8.5 sec 
Ge (333)mo = 1.8 sec Ge (333)cy = 5.2 sec 


low). This simple treatment assumes no interrela- 
tion between the strain and tilt distribution coeffi- 
cients. If dislocations are present in the crystal 
then it is apparent that the dislocations would give 
rise to both tilt and strain broadening in the rock- 
ing curve. The tilt and strain contributions would 
depend upon the distribution of dislocations. If, 

for example, the dislocations were aligned in low- 
angle boundaries they would contribute: very little 
to the strain broadening but a great deal to the 

tilts present in the crystal. If the dislocations are 
aligned the rocking curve is broken up into multiple 
peaks separated by angles of the order of N = b/d, 
where d is the spacing of the dislocations in the 
boundary and 0 is the Burger’s vector. 

On the other hand, when the rocking curve is 
smooth it is apparent that dislocations are not lined 
up in low-angle boundaries. There is at present 

*very little information on the distributions of 
‘‘random’’ dislocations (i.e., those which are not 
lined up in walls or boundaries) in crystals. In 
order to consider the effects of ‘‘random’’ disloca- 
tions it will be necessary to assume models for the 
distributions of these dislocations. The calculations © 
presented below consider Gaussian and Cauchy dis- 
tributions as an approximation to the random case. 
The physical model of the Gaussian distribution is 
as follows: | 

Consider a block of the specimen crystal in the 
form of a cube having a volume of 1 cm*, Next as- 
sume that the singular lines of all the ‘‘random’’ 
dislocations present lie along the principle axes 


Table Ill. Summary of Rocking-Curve Data (in Sec) for Copper Crystals 


0 = 9.79° 19.89° 21.68 47.63 6 = 9.79 19.89 2168 47.63 
Tan 0 = 0.172 0.362 0.398 1.10 Tan 6 = 0.72 0.362 0.398 1.10 
A* 265 270 250 390 Ft 305 400 470 600 

260 300 375 375 325 400 460 580 

200 310 330 415 300 425 500 610 

215 350 385 350 390 470 705 

350 390 300 450 475 575 

B* 260 400 495 335 G* 475 550 635 750 

320 400 470 400 450 500 635 705 

275 375 470 450 410 500 610 750 

350 355 430 550 610 670 

310 400 410 550 635 625 

495 520 705 Ht 365 425 470 610 

= 345 = 450 510 660 360 425 460 665 

400 475 495 660 310 450 445 635 

325 450 510 660 350 370 480 625 

400 475 545 750 360 400 485 595 

325 395 325 Jt 325 515 580 720 

a 75 300 395 320 410 525 590 71S 

275 385 375 425 375 510 570 690 

275 300 330 430 385 520 580 580 

275 300 355 385 400 490 580 705 

*Bridgeman 

¢Czochralski 
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of the cube (i.e., there is equal probability for the 
singular lines to be oriented in any of the three 
principal directions). Consider one face of the 
specimen (on which the X-rays impinge) and mark 
off a square grid of lines separated by a distance 6 
on this face. The specimen face is now subdivided 
into 1/5° squares each of which has an area orev it 
the number of dislocations in the ith square is N; 
and the average spacing between dislocations in the 
ith square is 6/VN;,*= h; then a Gaussian distribu- 
tion of dislocations implies that 


where N,, is the number of boxes in which the dis- 
location spacing is h,, and N; is the number of 
boxes in which the dislocations are spaced h; cm 
apart. 

If a Cauchy distribution of dislocations is assumed 
then 


Nun 
h; 


The number of dislocations per sq cm being 2 7; N; 


in each case, where 2 n; = 1/5*. It should be recog- 
nized that the assumption of either distribution of 
dislocations is only a first approximation to the 
problem of describing a ‘‘random’’ array of dislo- 
cations. 

The square of the radial strain €; around an edge 
dislocation is given by® 


9b? 


128 7 (1 w)2r2 ( 


sin? y cos” 2y 


+2cos y sin? y + 2 sin’ y) [20] 
where y is the angle around the dislocation meas- 
ured from the slip plane, b is the Burger’s vector, 

uw is Poisson’s ratio (u ~ 73), 7 is the radial dis- 
tance from the dislocation core. The mean square 
strain €? is given by 


J x dr dé 

Rom [21] 
J J vr drdo 
Ro 0 

hence 

27 b? In 

= [22] 


296 (1 — )?2 7? R? 


If h is the spacing between dislocations and there is 
a 50 pct chance of finding a negative edge as the 
neighbor of a positive edge then for R = h/2 


h 
27? In 


= 64 (1 h2 
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Since In(h/2R,) is a slowly varying function of h, 
In (h/2R,) may be approximated by In (h,,/2Ro) where 


= [24] 


Np in Eq. [24] may be taken to be the mean number 
of dislocations per sq cm. Substituting* Np ~ 10°” 


*Estimated value of Vp) obtained from intercept of B, vs tan ) 
curves and Eq. [5]. 


7/5, and Ri ~ cm into Eq. [23] yields 


b 


(2) = 0.77 [25] 


Setting a = b/h then Eqs. [12] and [13] may be re- 
written as 


2 
Zr = ZT exp - 


Since Z, and Z; are now represented as distribu- 
tion functions of identical arguments, z.e., disloca- 
tions give rise to both the strain and the tilt, 


[26] 


[27] 


0.60 = [28] 
Hence 

4 In 2 
= 2 [29] 


Note that the angular independent part of Eq. [29] 
indicates that the halfwidth due to imperfections is 
proportional to the reciprocal of the square of the 
tilt distribution coefficient whereas Eq. [5] states 
that the halfwidth due to dislocation tilt is propor- 
tional to the square root of the mean number of 
dislocations per sq cm. An equation similar to 
Eq. [29] can be derived for B - When the distribution 
of tilts and strains are considered to be Cauchy in 
nature. If 


7 

and 

0 10) 

then 
vw 

tan 0 
and 
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h 

[23] 


v [32] 


By using the same arguments carried out previously 
in Eqs. [21] to [28] 


Be (1 + 0.77 tan @) 


[33] 
Here again it is seen that B. is related to the distri- 
bution rather than the number of dislocations. The 
difference between Eqs. [29] and [33] is that the 
former predicts a linear variation of B? vs tan? 6 
while the latter predicts a linear relationship be- 
tween £, and tan @. 


DESCRIPTION OF EXPERIMENTS 


In order to test the dislocation models described 
in the foregoing it is necessary to measure the cor- 
rected halfwidth, 8., as a function of the Bragg 
angle for single crystals. For this purpose single 
crystals of high-purity copper (99.999 pct) were 
grown by the Bridgeman and Czochralski methods. 
Several (111) slices of copper were cut from each 
ingot, mechanically polished, and then electro- 
polished for about 45 min to remove the disturbed 
surface. 8, was then measured as a function of @ by 
using the ‘‘matched crystal’’ technique described 
below. 

The measurements were carried out on a spec- 
trometer having an absolute resolving power of 
1 sec of arc. A line source of X-rays 0.12 mm 
wide by 10 mm long was used. The first crystal 
was set about 15 mm from the target and 15 cm 
from the central axis of the spectrometer on which 
the specimen crystal was mounted. A vertical slit 
1 mm high was positioned 7.5 cm from the first 
crystal together with a lead plate which was used 
to eliminate the a, reflection from the first crys- 
tal. The working portion of the primary reflected 
beam (i.e., that portion of the beam off the first 
crystal which impinged on the specimen crystal) 
was photographed at the spectrometer axis before 
and after each rocking curve to insure elimination 
of a,. The beam impinging on the specimen crystal 
was 2 mm long and about 0.3 mm wide (7.e., the 
width of the a, reflection off the first crystal). 
Consequently the vertical divergence in the primary 


reflected beam was ¢ = 2 x 10-’ radians. The second 


crystal was mounted on a holder which could be 
tilted, with respect to the plane of the crystal about 
an axis perpendicular to the rocking axis. Prior to 
each rocking curve run the peak intensity of the re- 
flection curve from the second crystal was maxi- 
mized by adjusting the tilt. This procedure coupled 
with an additional vertical slit 0.3 mm high which 
was placed directly in front of the Geiger tube 
served to reduce vertical divergence of the beam 
off the specimen crystal.* The distance between the 

*This procedure of adjusting the tilt reduces the R factor referred 
to by Schwarzchild? to zero. 
Geiger tube and the specimen axis was 20 cm. 

If these crystals were to be examined by standard 
double-crystal spectrometry, the first crystal would 
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be a (111) slice of copper. Under these conditions 
Eqs. [29] and [33] would not apply inasmuch as they 
were derived for a perfect first crystal. Since a 
highly perfect copper crystal was not available a 
‘‘matched crystal’ technique was used. Two ger- 
manium crystals having the (220) and (333) orienta- 
tions were cut from a highly perfect germanium 
single crystal and were etched for 2 min in CP-4. 
These orientations were chosen because the ‘‘d’’ 
spacings of these planes correspond very closely to 
the (111) and (222) spacings in copper. These crys- 
tals were measured on the spectrometer and were 
found to have halfwidths which were within a few 
seconds of the theoretical values. In the subsequent 
experiments the appropriate germanium crystal was 
used as the first crystal. 

Since the treatment carried out in the foregoing 
applies to a dispersionless system (i.e., the first 
and second crystals are of the same material and 
have the same orientation) an additional correction 
due to dispersion must be taken into account. The 
increase in £,, due to the geometric dispersion is 
given by”° 


Ag = [tan 6,- tan radians [ 34] 


2 


where AA /X is the dispersion in the primary re- 

flected beam, 6, and 6, are the Bragg angles of the 
first and second crystals, respectively, and ¢ is the 
vertical divergence of the primary reflected beam. 
Since A@ = (Ad/d) tan 6 and A tan 6 = sec” 6A@ then 


2 
AB, = 2.06 x 10° sec [35] 


In these experiments with a, eliminated and 
Ad/d = 0.04, AX/A = 4 x 1077 for CuKg, and MoK, 


the maximum value of Af, is about 6 sec [Cu(111),. 
d = 2.0834; Ge(220), d = 2.007A; Cu(222), d = 1.0424; 
Ge(333), d = 1.089A]. Under these conditions the 
broadening due to dispersion was considered to be 
negligible. 

The Darwin or natural broadening may be calcu- 
lated from Eq. [11] and is given in Table II. Since 
the natural broadening was smaller than the meas- 
ured halfwidths by at least one order of magnitude, 
the measured halfwidth was set equal to B,. The 
rocking curves were measured by step counting on a 
spectrometer having a resolution of approximately 
1 sec of arc. The X-radiation employed was MoK, 


and CuK, and the halfwidth was measured for the 


(111) and (222) reflections from the copper single 
crystals at angles of 9.79, 19.89, 21.68, and 47.63 
deg. The measurements were taken with the [110] 
direction in the copper crystals parallel to the 
rocking axis. Several rocking curves taken about 
the [112] direction in the copper crystals did not 
yield significant differences in 8,,. Several rocking 
curves were run for each crystal at each Bragg 
angle. The experimental results are given in 


Table III. 
In general the individual rocking curves were 
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Table IV. Summary of Least-Square Analysis for the Rocking Curve 
Halfwidths of Cu Single Crystals 
(Cauchy Distribution of Tilts and Strains) 


Xtal B (sec) S/I r2 
A* 241+ 144 tand 0.60 0.58 
Dt 352 + 314 tand 0.89 0.92 
Et 293+ 86 tan9 0.29 0.33 
Ft 299 + 297 tan 0.99 0.84 
G* 444 + 249 tan@ 0.56 0.70 
H* 320 + 285 tan 0 0.89 0.93 
jt 397 + 277 tan0 0.70 0.75 


Mean value of r2 = 0.72 


Weighted mean value of ; = 0.76 


*Bridgeman 
tCzochralski 


found to be quite smooth and seemed to be Gaussian 
or Cauchy in nature. It is not possible to decide 
conclusively whether they were more Gaussian than 
Cauchy or vice versa. No multiple peaks (indicating 
gross misorientations) were observed for the 

6 = 9.79, 19.89, and 21.68 reflections from any of 
the crystals. Curiously enough, however, double 
peaks were observed for some of the crystals for 
the 6 = 47.63 reflection. These peaks were elimi- 
nated by moving to a different position on the speci- 
men crystal. The scatter observed for any given 
crystal at a particular @ value is not surprising in 
view of the fact that no special precautions were 
taken to homogenize the crystals prior to measure- 
ment. Although annealing may have resulted in 
more uniform distributions (and densities) of dis- 
locations it would also have introduced low-angle 
boundaries which would have been undesirable. 

In order to evaluate the validity of the theory 
presented in the previous section linear relation- 
ships between 6“ and tan” 9, and B, and tan 9 were 
assumed for the data. Separate least square anal- 
yses were carried out and the results are given in 
Tables IV and V. In each case the correlation co- 
efficient,“ *, which measures the reliability of the 
least-square line, was also calculated.* The ratio 


*A line is considered to be perfectly capable of prediction when 
r2 = 1. When r2 =0, no physical meaning can be attached to the line. 


of slope to intercept, S/I, was also calculated for 
sie crystal. Finally, the weighted mean value of 
S/I, 


[36] 


was calculated and is given in Tables IV and V. The 
experimental results indicate the following relation- 
ships between Band 


Cauchy 6, =J (1+ 0.76 tan @) [37] 


Gaussian = + 1.12 tan’? 6) [38] 


These results may be compared with Eqs. [29] 
and [33] which predict S/J ratios of 0.77 and 0.60 for 
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the Cauchy and Gaussian distributions, respectively. 
It should also be noted that the calculated values of 
ry? indicate that a slightly better fit is obtained if 
the distribution of dislocation tilts and strains are 
considered to be Cauchy rather than Gaussian in 
nature. 

Since J in Eqs. [37] and [38] is a direct measure 
of the dislocation density of the crystal, it is ob- 
vious that this intercept value of 8, should be used 
in calculations of the dislocation density. Further- 
more, the strain contribution to the broadening or 
the angular dependence of 8, is seen to be impor- 
tant only when the dislocation density is high or 
when measurements are made at large values of 6. 


SUMMARY 


1) A treatment of the contribution of tilts and 
strains to the double-crystal spectrometer rocking 
curve has been performed. The results of this 
treatment indicate that the tilt broadening is inde- 
pendent of Bragg angle whereas the strain contribu- 
tion is a function of tan @. 

2) These considerations show a linear relation- 
ship between the square of the halfwidth, 67, and 
tan“ @ (Gaussian distribution) or between £, and 
tan @ (Cauchy distribution). 

3) If edge-type dislocations are the sole source 
of tilts and strains in the crystal then the measured 
broadening is found to be a function of only the dis- 
location distribution and the Bragg angle. It should 
be noted that B, is related directly to the distribu- 
tion rather than to the density of dislocations. 

4) Because of the angular dependent contribution 
of strains to B,, calculation of dislocation density 
from X-ray data should be based on values of B, 
obtained by extrapolation to zero angle. 

5) The theoretical treatment has been substanti- 
ated by experimental data obtained on a number of 
copper single crystals with a ‘‘matched crystal’’ 
technique. These measurements indicate a more 
probable relationship between 8, and tan @ in ac- 
cordance with the assumption of Cauchy distribu- 
tions rather than between £8.” and tan? 6 which fol- 
lows from Gaussian distributions. In addition, the 
measured slope to intercept ratio yields a value of 


Table V. Summary of Least-Square Analysis for the Rocking Curve 
Halfwidths of Cu Single Crystals 
(Gaussian Distribution of Tilts and Strains) 


Xtal B2 x 10°74 (sec2) S/I r2 
A* 6.9+ 7.4 tan20 1.06 0.61 
Dt 18.2 + 24.4 tan20 1.34 0.87 
Et 10.1+ 3.9 tan20 0.39 0.32 
Ft 14.3 + 19.8 tan2 0.80 
G* 26.1+ 19.9 tan20 0.76 0.63 
H* 14.9 + 20.3 tan20 1.36 0.90 
Ji 22.3 + 20.9 tan2 0 0.94 0.68 


Mean value of r2 = 0.69 


Weighted mean value of 5- 1.12 


*Bridgeman 
tCzochralski 
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0.76 which is in agreement with that predicted by 
theory. 
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Vapor Phase into 


Copper-Zinc and Silver-Zinc Alloys 


Zinc vapor from a reservoir of liquid zinc maintained at lower 
temperatures was diffused into sets of copper-zinc alloys at 759° 
and 870°C and into sets of silver-zinc alloys at 650° and 700° C. 
Each set of four copper-zinc alloys consisted of pure copper and 
90/10, 80/20, and 70/30 brass. Similarly the set of silver-base 
alloys consisted of specimens containing 0, 7, 15, and 20 pct Zn. 
Natural markers at the initial surfaces of the specimens were 
“‘trapped’’ under a thin electroplate and their depth of burying was 
measured after diffusion. The ratio of diffusivities of the two com- 
ponents determined from these data and the chemical diffusion 
coefficient calculated by the Matano method agreed with previously 
reported results. The line of markers was irregular and was often 


discontinuous when a grain boundary was crossed. 


Tecuniques involving the vapor phase have been 
widely employed in studying diffusion phenomena in 
metals.*~’ Many investigators have evaporated the 
more volatile component from an alloy, but it is 
generally believed that the porosity created under 
these conditions interferes with adequate interpreta- 
tion of the experimental results. The extensive work 
of Gertsriken® has been criticized on this score. 
Accary’ found that the diffusion coefficient for de- 
zincification of brass is larger by a factor of five 
than that for zincification, although he attributed the 
difference to a higher vacancy concentration under 
conditions of dezincification. 

Balluffi and Siegle* thoroughly investigated the 
technique of adding a more volatile component to a 
less volatile base metal as a means for studying 
diffusion. They verified that no porosity forms in a 
brass under these conditions and that the diffusiv- 
ities of the two components can be determined from 
observations of the motion of markers originally 
placed on the surface of the specimen. The mathe- 
matical analysis that they developed for treating 
the experimental data was modified in a later note,°® 
but essentially it involved using the graphical 
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Boltzmann-Matano method that is customarily ap- 
plied to solid-solid diffusion couples. 

The experimental method used in the present 
research was similar to that employed by Balluffi 
and Siegle except for two modifications. Balluffi 
and Siegle used alloy chips as the source of metal 
vapor. This procedure has the disadvantage that 
the concentration of solute at the surface of the 
specimen changes during the diffusion experiment as 
the alloy content of the chips is gradually decreased. 
This disadvantage was overcome by employing 
liquid zinc as the source of zinc vapor in a manner 
similar to that described by Herasymenko.® There 
was then no limitation on the amount of solute use- 
fully available, and several relatively large speci- 
mens could be diffused in a given experiment. The 
second modification was the use of natural markers 
on the surface of the specimen rather than larger, 
artificial markers, such as the alumina powder em- 
ployed by Balluffi and Siegle. It was expected that 
the fine, natural markers would permit more pre- 
cise measurement of the buried interface as in the 
case of ordinary sandwich specimens.*° 


EXPERIMENTAL 


The experiments were designed so that zinc from 
the vapor phase would maintain a constant zinc con- 
tent at the surface of pure copper (or silver) and 
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Table I. Summary of Diffusion Experiments 


Increase in 


Temperature, °C Initial of Specimen Markers Ai Coeff. D, 
Composition Diffu- during below Markers De Des 
Expt. Liquid Diffusion of Specimen, sion Diffusion, Surface, 5 n 5 se 
No. Zinc Specimens Wt Pct Hr Cm x 104 Cm x 104 Wt Pct At. Pct Cu Re 
6.2 18 
100 pct Cu 256 55 29.2 28.7 
5 693 870 90 Cu—10 Zn 147 210 44 293 28.8 6.4 “i 
80 Cu— 20 Zn 126 30 29.4 28.9 5.6 
70 Cu—30 Zn -13 - - 
3:3 
100 pet Cu 404 152 29 28.5 28.0 6.9 
4 594 759 90 Cu— 10 Zn 124 22 28.5 28.0 7.4 ie 
80 Cu—20 Zn 75 15 28.5 28.0 6.5 4. 
70 Cu—30 Zn -16 = - 
2.0 
100 pct Ag 224 130 18.0 26.5 
6 700 93 Ag—7 Zn 386 133 96 18.4 15 
85 Ag—15 Zn 57 43 18.6 27.4 L6 - 
80 Ag— 20 Zn -6 
2.4 
7 529 650 100 pct Ag 248 133 18.7 Dies 2.2 
93 Ag—7 Zn 1295 151 Big! 18.9 27.8 15 25 
85 Ag—15 Zn 67 43 19.1 28.2 1.8 - 
80 Ag— 20 Zn -4 - = = = = 


three a solid-solution alloys. The copper was OFHC 
containing 99.99 pct Cu and the copper-zinc alloys 
were commercially extruded rod of 90/10, 80/20, 
and 70/30 brass. The actual zinc contents were 
within 0.1 pct of the nominal analyses and impur- 
ities of lead, iron, and nickel were each less than 
0.01 pct. The silver was 999+ fine and the silver 
alloys were obtained from the Handy and Harman Co. 
with nominal analyses of 7, 15, and 20 pct Zn. Cy- 
lindrical specimens about 4 in. long were machined 
from 1/2-in. bars of thesealloys so that the diameter 
was constant to +0.0001 in. along the length of each 
specimen. The surfaces were polished through 4/0 
metallographic paper, lightly etched in nitric acid 
diluted with three parts of water, and then plated with 
about 0.00002 in. of copper (silver was used for the 
silver-base alloys). The purpose of the plate was to 
trap a layer of natural markers at the surface of the 
specimen. When plating was not used there was no 
trace of a buried interface in the diffused specimens. 

A set of specimens consisting of the pure metal 
and one each of its three alloys was assembled as a 
unit in end pieces made of the metal in question. 
The assembly was held together by wires passing 
through holes in the ends of the specimens. The 
specimens were prevented from welding to the end 
pieces by spacers made from molybdenum foil. The 
specimen assembly was mounted near the top of a 
long, evacuated quartz tube. At the bottom of the 
tube was a cylinder of 99.99 pct pure zinc that 
melted on being heated and served as a reservoir of 
zinc vapor. The vapor pressure data of Herbenar 
et al,”’ and of Birchenall and Cheng” were used to 
determine the temperature at which the liquid zinc 
should be heated to maintain surface concentrations 
of about 30 pct Zn for the copper alloys and 20 pct 
Zn for the silver alloys. These temperatures are 
listed in Table I. The corresponding vapor pressures 
of zinc ranged from 2.5 mm for experiment 7 to about 
50 mm for experiment 5. 

Since the specimens and the zinc reservoir needed 
to be maintained at quite different temperatures, it 
was necessary to have a furnace containing both a 
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high-temperature and a low-temperature zone. The 
furnace employed had six independent windings and 
permitted establishing a temperature distribvtion 
along the length of the furnace such that both tem- 
peratures of interest were ‘‘valleys’’ between re- 
gions of higher temperature. This arrangement al- 
lowed constant-temperature zones of adequate length 
to be maintained when suitable radiation shielding 
was employed. The two main features of the electri- 
cal control of the furnace were the following: 1) The 
temperature of the low-temperature zone could be 
precisely adjusted relative to that of the high-tem- 
perature zone. 2) An automatic temperature con- 
troller varied the current through the furnace as a 
unit so that the temperatures of both zones fluctu- 
ated in parallel. With the latter arrangement, fluctu- 
ations in furnace temperature caused only a neg- 
ligible variation in surface zinc content. During the 
diffusion run the temperatures of the liquid zinc and 
of the specimen assembly were measured using cali- 
brated platinum-rhodium thermocouples in a central 
quartz tube. The specimen temperature varied by 
+2°C during the course of a diffusion run and the 
temperature difference between the specimens and 
the liquid zinc varied by about +1°C. 

During the freezing of the pool of liquid zinc at the 
end of the diffusion run the quartz tube developed 
cracks, and therefore it was not possible to deter- 
mine the degree of vacuum remaining in the tube. 
However, the specimens had a bright clean surface, 
indicating that no serious contamination had occurred. 
As commonly observed under similar experimental 
conditions** ** the surfaces of the specimens had de- 
veloped irregularities. Some of the unevenness was 
within the grains, but the major changes in height 
occurred at grain boundaries where a difference in 
height of as much as 7 was observed. There was a 
common pattern among the four specimens in a given 
run. The richest alloy (30 or 20 pct Zn) had a rela- 
tively smooth surface since its composition was not 
changed appreciably during the diffusion run. In some 
cases this specimen even had a vacuum-etched ap- 
pearance if it had lost much zinc. The two inter- 
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SURFACE OF 90/10 SPECIMEN 
|*— SURFACE OF 80/20 SPECIMEN 
30 Le SURFACE OF 70/30 SPECIMEN 
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Fig. 1—Diffusion-penetration curves for 5 3 
copper-zinc alloys diffused for 147 hr at rs) mene 
870°C. COPPER 
SPECIMEN 
x 
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+| 0.02 om fe DISTANCE BELOW SURFACE 


mediate alloys showed the most pronounced surface 
unevenness; distinctly more than the pure metals even 
‘though the latter had experienced a greater amount of 
diffusion. 

One end of each specimen was reserved for metal- 
lographic examination; the remainder was used for 
chemical analysis. The turnings for chemical analy- 
sis were taken using a precision lathe that permitted 
holding the diamater constant to + 0.0001 in. along the 
length of the specimen. The samples were analyzed by 
electrodeposition of the copper from a sulfate solution 
(a cyanide solution was used for the silver alloys). 
The zinc was determined by difference. The diffusion- 
penetration curves so determined are shown in Figs. 
1 and 2. The specimens for metallographic examina- 
tion were cleaned, lightly etched, and then plated with 
a layer of copper to permit observation of the sur- 
face of the specimen. A cross section was prepared 
and polished through 1-y diamond dust and was lightly 
etched electrolytically to reveal the buried surface 


|*— SURFACE OF 93/7 SPECIMEN 
| i SURFACE OF 85/I5 SPECIMEN 


20 SURFACE OF 80/20 SPECIMEN 4 
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L iL 
+-0.04 


DISTANCE BELOW SURFACE 
Fig. 2—Diffusion-penetration curves for silver-zinc alloys 
diffused for 1295 hr at 650°C. 
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markers. The etching solutions were those customar- 
ily used for electropolishing,” ** but the etching time 
was only 30 sec. The depth of burying of the markers 
was measured using the precision measuring micro- 
scope previously described.*” The depth of burying 
was not constant but varied by roughly one-tenth of 
the total depth. Therefore the values listed in Table I 
were determined as the average of four readings 
evenly spaced along the line of markers. 

The character of the buried markers is shown in 
the photomicrograph of Fig. 3. The section of the 
line of markers in the right-hand third of the photo- 
micrograph is typical in that it is relatively contin- 
uous and straight. At the grain boundary there is a 
sharp break in the line, and a second section con- 
tinues at a different level through this grain. The 
left-hand section of the line of markers is at about 
the same level as the right-hand section but it is less 
regular. The character of the line of markers was 
qualitatively the same in all of the specimens, but the 


MARKERS 


Fig. 3—Photomicrograph showing change in depth of the 
buried markers as a grain boundary is crossed. Specimen 
is 80/20 brass into which zine was diffused from the vapor 
phase for 143 hr at 825°C. The protective copper plate is 
in the lower half of the photomicrograph. Electrolytic plus 
chemical etching. X250. Reduced approximately 24 pct for 
reproduction. 
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discontinuities at grain boundaries were less pro- 
nounced in pure copper and pure silver than in the 
alloy specimens. 


DISC USSION 


One of the requirements for maintaining a constant 
zinc composition at the surface of the diffusion speci- 
mens was the maintenance of a constant temperature 
difference between the specimens and the liquid zinc. 
The observed variation of roughly +1°C during the 
run corresponded to a variation of about 0.5 pct Zn. 
A more serious alteration in the zinc composition at 
the surface occurred at the end of the run as the 
furnace was cooling to room temperature. Since the 
specimens were at a higher temperature than the 
liquid zinc they cooled more rapidly. This change in 
temperature difference caused the zinc content at the 
surface to rise sufficiently that an enriched surface 
layer was produced by diffusion during the time of 
cooling from the diffusion temperature. The chemical 
analyses of the surface cuts show the effect of this 
factor. However, these points were discounted in 
drawing the diffusion-penetration curves. Since de- 
zincification occurred in the high-zinc specimen in 
each group, this specimen was useful in estimating 
the average surface zinc content that had existed 
during the run. 

The ratio of the diffusivities of the two components 
can be determined as the ratio of the number of 
atoms of each component that diffused past the mar- 
kers in opposite directions.” Neglecting the change in 
molar volume, the total number of zinc atoms that 
diffused into a specimen is proportional to the in- 
crease in radius of the specimen during diffusion, 
Table I. However, the number of zinc atoms that 
crossed the line of markers is less than this quantity 
by an amount proportional to the depth of the markers 
multiplied by the average atomic fraction of zinc in 
the region between the markers and the surface of 
the specimen. Correspondingly, the number of cop- 
per (or silver) atoms that crossed the line of mar- 
kers is proportional to the depth of the markers 
multiplied by the average atomic fraction of copper 
(or silver) in the region between the markers and the 
surface of the specimen. This method of calculation 
was used in determining the ratio of diffusivities 
listed in Table I. The values for copper-zinc are 
close to those found in previous investigations.’ 

No previous determination of the ratio of diffusivities 
in silver-zinc alloys was found in the literature, but 
Lazarus and Tomizuka™ reported a similar value for 
the ratio of the self-diffusion coefficients in an alloy 
of silver with 30 at. pct Zn. These two ratios are 
comparable in this case since the thermodynamic 
factors™ for the two components are nearly the 
same. 

The chemical diffusion coefficients, D, were cal- 
culated using the Matano analysis according to the 
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method of Balluffi and Siegle.” The D values were 
calculated for essentially the marker composition, 
although for consistency the copper-zinc values were 
evaluated at 28.5 wt. pct Zn and the silver-zinc 
values at 18.0 wt pct Zn. The principal error in the 
calculation of D was caused by uncertainty in the 
slope of the diffusion-penetration curve. It was as- 
sumed that diffusion was one-dimensional and that 
changes in molar volume could be neglected. The 
calculated values are listed in Table I. The values 
for copper-zinc are in the range reported by pre- 
vious investigators,’ and the values for silver-zinc 
are consistent with the self-diffusion coefficients * 
when the thermodynamic factor is taken into account. 
One of the original aims of this research was to 
obtain precise data on the movement of markers in 
alloys of various compositions. The principal dif- 
ficulties that interfered with the accomplishment of 
this goal were the uneven surface developed on a 
specimen during diffusion and the irregularity in the 
line of markers, Fig. 3. It might be thought that 
surface unevenness would not develop if single 
crystals were employed. However, recent work by 
Doo and Balluffi°on diffusion of zinc vapor into 
copper single crystals showed that surface irregu- 
larities occurred even in this case. This work also 
confirmed the pronounced effect of stresses gene- 
rated during the diffusion process. It is reasonable 
to suppose that these stresses contributed to the 
observed irregularity in the line of markers. 
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CsCl-Type Equiatomic Phases in Binary Alloys 


of Transition Elements 


Lattice parameters were determined for eighteen equiatomic 
alloys of the CsCl-type structure, ten of which were previously un- 
reported. It was found that formation of the CsCl-type structure in 
binary alloys of the transition elements is largely dependent on posi- 
tion of the elements in the periodic table. The relative size of the 


two elements was not found to be a controlling factor. 


A recent paper by Beck, Darby, and Arora’ corre- 
lates the occurrence of CsCl-type ordered struc- 
tures with the position of the constituent elements in 
the periodic table for the first long period. It was 
also suggested that a definite increase in relative 
bond strength between unlike atoms occurred when, 
in binary alloys of iron-group elements, the other 
component is changed from a chromium-group ele- 
ment, to a vanadium-group element, to titanium. A 
later paper by Philip and Beck’ noted that the lattice 
contraction increased in the order CrFe, VFe, and 
TiFe. It was also noted by Philip and Beck? that the 
lattice contractions of CsCl-type alloys decreased in 
the order: TiFe, TiCo, and TiNi, which is an apparent 
reversal of the contractions expected from the posi- 
tion in the periodic table. It was suggested that the 
increasing lattice contraction is an indication of in- 
creased stability, i.e., greater A-B bond strength. 

The present investigation was carried out to de- 
termine whether the relation of the position in the 
periodic table to the formation of the CsCl-type 
structure was also correct for alloys involving the 
second and third long-period elements. A systematic 
search was made for CsCl-type structures among 
equiatomic alloys and for those found, the lattice 
contraction was determined. 


EXPERIMENTAL TECHNIQUE 


The elements Y, Gd, Ti, Zr, Hf, V, and Cb are 
designated the A group and the elements Mn, Re, Fe, 
Ru, Os, Co, Rh, Ir, Ni, Pd, Pt, Cu, Ag, and Au are 
designated the B group. Equiatomic alloys were 
prepared for 57 AB combinations. The alloys were 
arc melted in a multicrucible furnace® in buttons 
ranging from 5 to 20 g. Chemical analyses were not 
made, as the charge weights agreed closely with 
those of the buttons after melting. The alloy buttons 
were homogenized at 800° to 900°C. Metallographic 
and X-ray specimens. were prepared and heat treated 
at temperatures from 600° to 1200°C. Specimens for 
X-ray diffraction were usually ground to a powder in 
an agate mortar; however, needle-shaped solid speci- 
mens were used when the alloy was sufficiently 
ductile to permit their preparation. Diffraction pat- 
terns were taken with a Straumanistype Debye- 
Scherrer camera using filtered Cu or Co radiation. 

A. E. DWIGHT, Member AIME, is associated with the Metallurgy 


Division, Argonne National Laboratory, Lemont, Til. 
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The lattice parameters were obtained in A by plotting 
the calculated do values against the cos*@/sin 0+ 
cos*6/6 function and extrapolating linearly to 6 = 90°. 

Metallographic control specimens were polished on 
cloth wheels with diamgnd paste and etched with vari- 
ous phosphoric and nitric acid reagents. 


RESULTS 


The eighteen equiatomic alloys listed in Table I 
gave evidence of a cubic structure with two atoms in 
the unit cell, although two of these cubic structures 
exist only at elevated temperatures and transform to 
a tetragonal structure on quenching. Nine of these 
eighteen alloys gave diffraction patterns with super- 
lattice lines showing that the structure is of the CsCl- 
type. The lack of superlattice lines in patterns of the 
other nine alloys may be attributed to the small dif- 
ference in atomic scattering power of the components. 
Metallographic study indicates the occurrence of nine 
narrow Single-phase fields at the AB composition. 
Any or all of these nine may also have a CsCl-type 
structure. The VFe alloy was found to have a CsCl- 
type structure by Philip and Beck’ through the use of 
CrKg radiation (for which the scattering factor of V 
is anomalously low), whereas the Cu radiation used 


' Table |. Lattice Contractions in B.C. Cubic or CsCl-Type 
Structures Observed in Present Investiggtion 


(Many of these phases were previously described by other investigators) 


AB D D D 

Yours $3554) £9.50 6-13.02: 314772) 3.012) 
3,14. 2.46 2.80. 3.197-. 2.768 4.032) 1.278 
VOs*'. 266 . 2.64 3.010 . 2.607. .-+.033 1.014 
HfCo* 3,10 2.46 2.78 3.165 2.741 +.039 1.26 
TiNi 2.84 2.44 2.64 2.998 2596 +.044 1.165 
VFe 766 2.48 «2.910 2.520 1.072 
TiRu® 2.84. 2.58 2.71. 3.070 2.659 +,051 1.10 
ZrOs® 3.14 262 2.88 3.263 2.826 +,054 1.20 
HfOe’ 3.10 262 2.86 3.239 2.805 +.055° 1,182 
TiFe 2.48 2.66 2.976 2.577, +.083 1.143 


*CsCl-type superlattice lines were detectable with CuKa radiation. 

*kNot determined since the high-temperature phase, which probably 
has a CsCl-type cubic structure, transforms om quenching into a tetrag- 
onal structure. 
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Table II. Equiatomic Alloys in Which a B.C. Cubic or CsCl-Type Struc- 
ture Was Not Found 


¥Co (3.54 2:46 1.439: 3.10 . 1.157 
YOs 3.54 262 1351 HfRh 3.10 262 1.183 
GdCo 3.50 246 1423 3.10 2.44 1.270 
GdRu 1.356 HfPd 3.10. 268 1.157 
TiPd 2.84 «2.68 2.66 2.70 0.985 
TiPt 2.84 «2.70 «1.052, CbMn. 2.88) 2,56 1.125 
ZMn 3.14 2.56 1.226  CbRe 2.88 2.68 1.075 
3.14 2.68 1.172 CbOs 2.88 2.62 1.099 
2.48 1.266. CbCo "2.88" 1,171 
Zit 3.14. 2.64 1.189 2.88 2.64 1.091 
ZNi 3.14. 2.441.287 2.88) 2.441.180 
ZPt 3.14 «2.70 «1.163 2.88 2.68 
HfMn 3.10 2.56 1.211 


in the present work may not be expected to reveal 
superlattice lines in the VFe alloy. 

Previous investigators had reported the existence 
of the CsCl-type structure in the TiFe, TiCo, TiNi,” * 
TiRu, TiOs,*’® VFe,” * and VRu.” 

The 39 equiatomic alloys in which a cubic phase 
was not found are listed in Table II. The CbRe alloy 
is included in this table, although the equiatomic 
alloy consists of a body-centered-cubic (b.c.c.) 
terminal solid solution based on pure columbium and 
a o phase. 


DISCUSSION 


The present investigation confirms the observation 
of Philip and Beck’ that lattice contractions decrease 
in the order, TiFe, TiCo, and TiNi. Lattice contrac- 
tion is defined as D,,-d,4,, where Dy, is the average 
of the two Goldschmidt diameters for Coordination 
Number 8 and dyz is V3/2 X ao, ao being the measured 
lattice parameter. It was also confirmed that the 
ductility of the three phases increases in the same 
order, TiFe, TiCo, and TiNi. 

A comparison of the TiFe, TiCo, TiNi series with 
a ZrRu, ZrRh, ZrPd series could not be made, since 
no b.c.c. equiatomic structures were found in the 
latter two alloys. The data in Table I do show, how- 
ever, that when-either zirconium or hafnium are A 
elements, lattice contraction decreases in the order: 
HfOs, ZrOs, HfRu, ZrRu, HfCo, and ZrCo. If the 
lattice contraction is a measure of the AB bond 
strength, then the bond strength is greatest for the 
combination of third long-period elements and de- 
creases progressively as second or first long-period 
elements occupy the A or B position, except for the 
apparently anomalous behavior of titanium as an A 
element. 

The data in Tables I and II provide some informa- 
tion as to the nature of the factors controlling the 
occurrence of the CsCl-type (or b.c.c.) equiatomic 
phase. The position of the A and B elements in the 
periodic table appears to be a major controlling 
factor in the occurrence of the CsCl-type structure. 
A compilation was made of all the CsCl-type struc- 
tures known up to 1955° as well as those discovered 
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in the present investigation. From this compilation 
it was noted that no CsCl-type structures have been 
reported in an alloy involving a member of the Cr 
group. It was also noted that the relative size of the 
partner atoms appears not to be a controlling factor, 
as CsCl-type phases were found with the D,/D, ratio 
ranging from 1.014 to 1.416. For the 39 systems in 
which no CsCl-type phase was found, the D,/D; ratios 
also varied in a similar range from 0.985 to 1.439. 
From these observations it is concluded that the 
occurrence of the CsCl-type structure is predom- 
inantly influenced by the position of the partner ele- 
ments in the periodic table, and that the relative 
size of the partner atoms could be a controlling fac- 
tor only in the case of a very large size difference. 

Referring again to Table I, it is seen that, for the 
phases listed, all A elements lie to the left of the Cr 
group in the periodic table and all B elements to the 
right. It is also noted that an A element in a group 
relatively far to the left of the Cr group tends to 
form a CsCl structure with B elements relatively 
far to the right. Examples of this case are GdAg, 
YCu, and YAg. Furthermore, Gd and Y fail to form 
equiatomic cubic phases with Co, Ru, and Os, which 
lie closer to the Cr group. It is also seen from 
Table I that A elements lying close to the Cr group 
tend to form CsCl structures with B elements, which 
also lie relatively close (é.g., V, Cb, and Ta as A 
elements with Ru as a B element). 

To test the validity of the idea that the formation 
of CsCl-type phases depends on the relative position 
of the component elements in the periodic table, a 
survey was made of many such phases reported by 
previous investigators as well as those listed in 
Table I. The survey was restricted to phases in 
which both partners were transition elements. Data 
on earlier work was obtained from the compilation 
by F. Laves.® When these phases are considered in 
addition to the 18 b.c.c. or CsCl-type phases listed 
in Table I, a group of 33 phases is noted in which 
the A element is always electropositive and the B 
element always electronegative. Table III shows the 
frequency of occurrence of CsCl-type of b.c.c. 
equiatomic phases whose component elements are 
various distances away from the Cr group. The 
arrangement of phases in Table II] is useful in pre- 
dicting where more b.c.c. equiatomic phases may be 
expected. Only in the 27 systems between the Ti 
group and Fe, Co, and Ni groups has the possibility 
of finding more b.c.c. equiatomic phases been ex- 
hausted. One would expect more such phases espe- 
cially between the lanthanides and the Cu group. 

There is another group of ten CsCl-type phases of 
the transition elements taken from the compilation 
by F. Laves® in which both component elements lie 
to the right of the Cr group. These include MnRh, 
MnAu, FeCo, NiZn, PdCu, CuZn, AgZn, AgCd, AuZn, 
and AuCd. This group is characterized by relatively 
wide single-phase fields. In contrast, the alloys 
listed in Table III exhibit a narrow single-phase field 
(with the exception of the VRu and CbRu systems). 

A typical example of a narrow phase field is that of 
the Hf-Os system, as shown by the photomicrographs 
in Figs. 1@) and (®). The white major phase in 

each structure is the CsCl-type phase. In spite of the 
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Table III. Occurrence of Certain Cubic Equiatomic Phases in Binary Systems of Transition Elements 


(Many of these were found to have CsCl structure, the others, which did not show superlattice lines, invariably had a small difference between the 
atomic scattering factors of the components.) 


Fe Group 


Co Group Ni Group Cu Group Zn Group 
Sc YCu, YAg LaZn, LaCd, LaHg 
Group LaAg, CeAg CeZn, CeCd, CeHg 
PrAg, GdAg Pr Zn, PrCd, PrHg 
NdHg 
Ti TiFe, TiRu, TiOs TiCo TiNi TiZn 
ZrRu, ZrOs ZrCo 
P HfRu, HfCo HfCo 
Vv VFe, VRu, VOs 
CbRu, 
Group TaRu 
Fe Group Co Group Ni Group Cu Group Zn Group 


small composition difference of only 4 at. pct be- 
tween the two alloys, Figs.1(a), (b), the second phase 
presént in each is different. The VRu equiatomic 
alloy, whose microstructure is shown in Fig. lc, has 
a slightly tetragonal CsCl-type structure as pre- 
viously noted by Greenfield and Beck.’ The micro- 
structure shows transformation markings which indi- 
cate that the tetragonal phase existing at room 
temperature is probably formed on quenching by a 
diffusionless transformation, most likely from a 
cubic CsCl-type structure stable at the annealing 
temperature of 802°C. This conclusion is supported 
by the observation’ that, at a composition somewhat 
deviating from the equiatomic (64 at. pct), the cubic 
CsCl-type structure is retained on quenching from 
1200°C to room temperature. An entirely analogous 
situation exists also in the CbRu and TaRu systems.’ 
In the present investigation, markings indicative of 
a quenching transformation were also observed in a 


CbRu alloy containing 47.6 at. pct Ru. This alloy gave 


a diffraction pattern containing a b.c. tetragonal 
phase with c/a = 1.12, in good agreement with the 
data of Greenfield and Beck.’ Another alloy of lower 
Ru content (42.8 at.pct) exhibited a tetragonal phase 
with c/a = 1.056, and an alloy of still lower Ru con- 
tent (37.8 at. pct) give a b.c. cubic pattern. These data 
indicate a gradual increase in tetragonality with in- 
creasing Ru content. 


Fig. 1—Microstructures of HfOs and VRu alloys. ( 


It may be noted that Raub and Mahler® have identi- 
fied a primitive tetragonal phase (with a distorted 
CsCl-structure) covering the equiatomic range in the 
MnPd, MnPt, and MnIr systems. These authors also 
found evidence of transformation on quenching and 
they showed, by means of X-ray diffraction at high 
temperatures, that the phase stable at high tempera- 
tures in these alloys has a CsCl-type structure. 

The appreciable width of the CsCl-type phase field 
in the VRu, CbRu, and TaRu systems” and in the 
MnPd, MnPt, and MnIr systems? differs sharply from 
the narrow single phase field found in the majority of 
the alloys listed in Table I. 
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a) Hf + 48 at. pet Os water quenched from 900°C. HfOs and second 


phase. (4) Hf + 52 at. pct Os water quenched from 900°C. HfOs and second phase. (c) V “ 50 at. pet Ru water quenched 
from 802°C. VRu and second phase. X500. Reduced approximately 27 pct for reproduction. 
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Orientation Sensitivity of Alpha Titanium to 


Electrostaining 


Large-grain specimens of iodide titanium prepared metal- 
lographically were stain etched using the technique of New York 
University as modified by Watertown Arsenal Laboratories. 
Orientations of grains showing an abnormal response to stain 
etching were determined by back-reflection X-ray techniques. 
X-ray results showed that a-titanium grains, oriented such that 
their basal planes were parallel to the polished surface, have 
a slower reactivity to stain etching than any other orientation. 
Grains oriented such that their basal planes made small angles 
with the polished surface exhibited reaction rates between that of 
the true basal orientation and the normal rate. As the angle with 
the surface increases the reactivity increases up to a maximum 
angle of 14 deg. Basal planes making an angle with the surface. of 
greater than 14 deg show normal reactivity to stain etching. These 


data, plus work on polycrystalline specimens, indicate that the 


R. H. Hiltz 


oxidation rate of titanium might be reduced by correct alignment 


of crystal planes. 


Tue earliest observed phenomenon in the micro- 
graphy of titanium was the occurrence of a grains 
which exhibited no birefringency. Even though @ 
titanium possesses a hexagonal-close-packed struc- 
ture and should be optically anisotropic, it can ap- 
pear optically isotropic, when the crystal is so 
oriented that its intersection with the polished sur- 
face is perpendicular to the axis of symmetry. 

During the development of color staining tech- 
niques for titanium,” it was noted that the a phase 
did not stain uniformly. Staining of specimens of 
commercially pure titanium resulted in a micro- 
structure of blue-colored grains, among which 
were randomly oriented a few grains exhibiting 
colors between the initial yellow and the final blue 
color. Under polarized light, these off-colored 
grains appeared to be optically isotropic. More 
intense study with polarized light, however, showed 
only the yellow grains to be isotropic. The inter- 
mediate colored grains exhibited weak birefrin- 
gency, which at first glance is not detectable due to 
the strong birefringency of the surrounding struc- 
ture. 

Aminoff* and Straumanis® have previously shown 
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that in zinc the basal orientation is less reactive 
than other orientations. Leidheiser* showed the 
same thing to be true for the hexagonal-close- 
packed configuration of cobalt. Thus, it would appear 
that the basal-plane orientation is responsible for 
the abnormality in stained titanium. Later work by 
Leidheiser® on cobalt has shown that other planes 
besides the basal plane exhibited reaction rates 
slower than the normal rate. Reported planes were 
the (1010), the (1011) and several planes making 
small angles with the basal plane. The last observ- 
ance appears not to be due to the reactivity of the 
reported plane but due to the reactivity of the basal 
plane which is very close to being parallel to the 
surface. There are, then, two possible explanations 
for the range of colors observed in stain-etched a 
titanium. 

Since extensive research on the effect of orienta- 
tion on surface reaction has failed to provide any 
definite trend, these two explanations are not ade- 
quate in themselves. Planes showing the retarded 
reactivity differ not only for different crystal 
structures but for metals of the same crystal struc- 
ture and even for different reactions of the same 
metal. Tragert,° Leidheiser,” Tammann,® and 
Wagner? have shown copper to exhibit retarded re- 
activity on the (111) plane. However, Leidheiser?° 
has shown that under other conditions the retarded 
reactivity of copper is associated with the (100) 
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plane. This observation of the retarded reactivity of 
the (100) plane was also made for other face-cen- 
tered-cubic metals, specifically nickel ,*’ cubic 
cobalt,° and silver chloride" which can be treated as 
a metal”. The body-centered-cubic metals investi- 
gated, iron” ** and chromium,° have shown retarded 
reactivity of the (100) face. 

This program was undertaken to establish the 
orientation responsible for the abnormal stain-etch- 
ing reaction occurring in a titanium. 


MATERIALS AND TEST PROCEDURE 


Iodide titanium bar forged down to 1/4-in.-sq rod 
and cut into 2-in. lengths was used for the study. 
Exceptionally large grains encompassing the width of 
the bar and as long as 1 in. were grown by strain- 
annealing techniques. The bars were deformed in 
compression to 2 or 3 pct reduction, using the appa- 
ratus and technique of Burke.** Although these grains 
were sufficiently large for this study, it was impos- 
sible to grow the grains by strain annealing without 
obtaining twins within the grains. For this reason, 
strain annealing was replaced by cycling, using the 
technique of Anderson.” The size of the resulting 
grains was much smaller, 3 to 5 mm in diam, but 
still sufficiently large to be utilized for this experi- 
ment. 

Since the time of staining has always been vaguely 
stated as the first appearance of a uniform blue 
color, it was necessary to establish a definite time 
of staining to eliminate color difference due to time. 
Specimens of the forged iodide bar not subjected to 
grain-growing treatments were stained, using a 
40-v potential, for times ranging from 5 to 120 sec 
in increments of 5 sec each. From these results a 
constant staining time of 20 sec was established. The 
composition of the electro etchant used is given in 
Table I, however, the etchant of Ence and Margolin” 
works as well. The technique of staining has been 
previously déscribed. *° 

The specimens subjected to cycling grain-growth 
treatments were metallographically polished and 
stained. The orientations of all grains, those show- 
ing the normal and those showing an abnormal color- 
ation, were determined by back-reflection X-ray 
techniques. A flat-plate camera was utilized for this 
determination, and patterns were obtained using 
CuKg radiation at 50 kv and 20 ma. The collimator 
passed a beam 0.0250 in. in diam. Exceptionally long 
exposures, up to 20 hr, were required. All grains 
were classified according to orientation and color. 

For the specimens subjected to strain annealing, 
back-reflection patterns were obtained for only the 
largest grain in each bar. These grains were used 
to determine the stain-etching characteristics of the 
major planes, (0001), (1010), (1011), and (1012), of 


Table |. Chemical Composition of Stain Etchant 


5 g oxalic acid 

5 g citric acid 

5 g tartaric acid 

3 ml phosphoric acid 
50 ml distilled water 
20 ml Carbitol 
27 mi ethyl alcohol 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


Fig. 1—Alpha tita- 
nium stain etched 
20sec. Dark gray — ° 
red; light gray — 
blue; white — 
yellow. X250. Re- 
duced approxi- 
mately 25 pet for 
reproduction. 


@ titanium. The specific orientation of each grain 
was determined and the compound angle made by 
each of the above five planes with the surface was 
calculated. These specimens were grouped accord- 
ing to which of the five planes made the least com- 
plicated angle with the surface. The specimens were 
then ground to provide a face on the grain parallel to 
the specific plane. These specimens were stained to 
determine the effect of each orientation on the color 
produced. 


DATA AND DISCUSSION 


The initial study of the stain-etching response 
versus time at 40 v gave the following results: 

1) After 5 sec the surface of a titanium specimen 
is stained a uniform pale yellow color. There are no 
differences of color or shading between grains. 

2) After 10 sec, the majority of grains have taken 
on a pink coloration. A few grains, however, still 
have the pale yellow coloration associated with the 
5-sec etch. Other grains, also few in number, exhibit 
an orange coloration of varying intensity. 

3) After 15 sec the pink grains have changed to a 
deep red color. The abnormal-colored grains still 
persist. Their colors range from the initial yellow to 
a red, just slightly distinguishable from the major 
red color. 

4) After 20 sec the blue color normally associated 
with the end point of stain etching is achieved in most 
grains. The few abnormal grains still remain and in 
one or two grains the yellow color exhibited after 
5 sec still persists. Fig. 1 is typical of such colora- 
tions. 

5) Continued staining up to 40 sec causes no fur- 
ther change in the normal staining areas. Beyond 
40 sec and up to 80 to 90 sec the blue color gradually 
fades and these areas finally become white. During 
this period all semblance of structure, including 
grain boundaries, is lost. The abnormal grains, how- 
ever, do change. These grains can be described as 
following the normal cycle but at a much slower rate 
than normal. Thus, at 40 sec some of the abnormally 
reacting grains, having achieved the blue color, are 
indistinguishable from the normal grains. The re- 
mainder of the grains exhibit colors between yellow 
and blue. After 100 sec when normal areas are 
white, all abnormal grains are distinguishable for 
they are now blue. These abnormal grains gradually 
change to white and at 120 sec only one or two 


VOLUME 215, APRIL 1959-287 


\ 


Fig. 2—Twins in an 
q@ grain whose basal 
plane is parallel to 
the surface. Stain 
- etched 20 sec. 
White — blue; 
gray — yellow. 
-X100. Reduced 
: approximately 25 
pet for reproduc- 
tion. 


" Fig. 4—Alpha tita- 
nium cold-rolled 
23 98 pet and annealed 
~ at 1450°F for 1 hr. 
* Stain etched 20 sec. 
», All grains are ac- 
tually blue. X100. 
Reduced approxi- 
mately 25 pct for 
reproduction. 


grains—those showing the lowest rate of reaction— 
are still distinguishable. 

It appears, then, that the retarded reactivity of 
certain grains is not a short-term phenomenon, but 
an inherent quality of the metal. This is further 
substantiated by the uniform reaction in the first 
short period of staining, which is explainable in 
terms of a tightly bound oxide lattice, strongly re- 
sistant to further oxygen penetration. 

The results from the X-ray analysis of the grains 
of the cycled specimens proved almost conclusively 
that the basal-plane orientation was responsible for 
all abnormal responses. Orientations of blue-stained 
grains encompassed almost the complete range of 
possible orientations. The basal-plane orientation, 
however, was conspicuous by its absence. The 
closest any blue-stained grain came to exhibiting a 
basal orientation was 15 deg. Conversely, the ab- 
normally staining grains all show a true or near 
true basal orientation. The grains exhibiting a yellow 
color after the normal staining cycle possess a true 
basal orientation. The intermediate colors are pro- 
duced in grains whose basal plane makes a small 
angle with the surface. The color is directly re- 
latable to the angle. Grains whose basal plane is 
between 1/2 to 2 deg of the surface exhibit an orange 
coloration, from 2 to 5 deg a pink color is exhibited, 
and so forth. The largest angle made by a basal 
plane with the surface where a difference in color 
can be noted visually is 14 deg. 

The results of the staining of the specifically 
oriented samples proved fairly conclusively that the 
basal plane is the responsible agent. The basal ori- 
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Fig. 3—Ti-8 pct 
Mn—a- structure. 
Stain etched 20 sec. — 
White @ areas ac- 
tually blue. Gray 

q@ areas actually 
red. X100. Re- 
duced approxi- 
mately 25 pct for 
reproduction. 


Fig. 5—Alpha tita- 
nium hot-rolled 
98 pet at 1450° F 
Stain etched 20 
sec. White — 
yellow; light 
gray — reddish 
blue; dark gray — 
red. X100. Re- 
duced approxi- 
mately 25 pct for 
reproduction. 


entation stained a yellow color, but the other four 
orientations stained the normal blue. The presence 
of the twins in the grains complicated orientation, but 
they do serve excellently to show the difference in 
staining response between the basal plane and other 
orientations, Fig. 2. 

These findings serve to intensify the prior warn- 
ings concerning the use of stain etching in metal- 
lographic analysis of titanium. Unqualified use of 
stain etching may result in classification of abnor- 
mally staining @ areas as a different phase. Fig. 3 
illustrates the appearance of orientation sensitivity 
of @ ina two-phase a-f8 microstructure. 

The results also strongly indicate that the basal 
plane is more resistant to oxidation than any other 
plane. Although it has been shown that orientation 
sensitivity can change with a change in the environ- 
ment, it appears reasonably certain that where the 
reaction or reaction products are the same, different 
media will not affect a particular sensitivity. Thus, 
the basal plane, being least reactive under the given 
conditions of oxidation, will be least reactive under 
all conditions of oxidation. This implies that hot- 
rolled titanium, in which the basal plane is aligned 
parallel to the rolled surface, will have better oxi- 
dation resistance than cold-rolled and annealed 
titanium, whose basal plane is rotated 30 deg out of 
the plane of the sheet in the transverse direction. 
Figs. 4 and 5 illustrate this effect of preferred 
orientation on the stain-etching response. Fig. 4 
was taken from a sample of commercially pure 
titanium cold-rolled 98 pct and annealed at 1450°F. 
Fig. 5 was taken from a sample of the same material 
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but hot-rolled 98 pct at 1450°F. 


CONCLUSIONS 


The observed differences in the stain-etching re- 
sponse of a titanium are due to the orientation of 
the basal plane with respect to the polished surface. 
If a grain is oriented such that its basal plane makes 
an angle of less than 15 deg with the surface, that 


grain shows retarded reactivity to staining; the 
smaller the angle the slower the reactivity. No other 
plane shows this effect. 
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Retrogression in Age Hardening ~ 


An aluminum -copper 4 pct Cu alloy aged at room tempera- 
ture for times increasing up to 78,000 hr was annealed at 170°C 
and the hardness and electrolytic potential determined during 
retrogression and subsequent aging. It was found that there is a 
change of behavior with increasing time of aging at room tem- 
perature which indicates that, given sufficient time, retrogres- 
sion disappears and the room-temperature aging tends to progress 


directly into the high-temperature aging. 


Wen an age-hardenable alloy is aged at low tem- 
perature after proper quench, changes of properties 
and structure take place. If this material is then 
heated to a temperature higher than the previous one, 
but still well below the solution-treatment tempera- 
ture, the properties and structure changes produced 
by the low-temperature aging disappear and the ma- 
terial apparently reverts to the as-quenched condi- 
tion, ready to undergo aging from the start. This 
phenomenon is termed reversion or retrogression. 
First discovered by Gayler®’ it has been extensively 
investigated, as shown by the number of publications 
listed in the bibliography. 

From all the information available the following 
facts emerge: 

1) All age hardenable alloys can be retrogressed. 
13, 19, 24, 33, 41, 42, 44, 47, 53, 54, 61, 63, 64, 66, 73, 78 

2) All the properties changes that take place Saas 
i i e retrogressed to 
67, 75, 76 
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3) Retrogression requires that the temperature be 
well above the preliminary aging temperature. If the 
difference between the two temperatures is small, 


20, 32, 33, 41, 48 
little or no retrogression takes place. 
57, 65 


4) The larger the difference between the prelimin- 
ary aging and the retrogression temperature, the 


20, 33. 
faster and more complete is the retrogression. pc ei 
41, 48, 65, 67 


5) Retrogression can be produced several times in 
the same alloy.” 35, 41, 57, 59, 63 

6) The amount of retrogression that can be ob- 
tained depends on the aging temperature. Alloys aged 
at the lower temperatures can be retrogressed the 
most. The higher the preliminary aging temperature 
the less retrogression can be produced.” 
49, 54, 58 ; 

7) Appreciable retrogression after aging at ele- 
vated temperatures is possible only if the prelimin- 
ary aging has lasted a short time. After a certain 
time of aging at high temperature retrogression does 

8) During retrogression the Guinier-Preston zones 
redissolve and disappear. The other precipitate 
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ROCKWELL F HARONESS 


0-01 0-1 | 10 100 
TIME IN HRS 
Fig. 1—Property changes of alloy aged at 170°C without 


delay between quench and aging. The open and closed points 
represent two sets of data obtained at different times. 


structures cannot be redissolved and retrogressed, 

short of a resolution treatment. In aluminum copper 
alloys, in which two types of zones are formed (GPi 
and GPz or 6”) the first type can be redissolved 


more than the second, and the transition 6’ structure 
not at 3% 37 4% 43, 56, 67-69, 74 

9) Retrogression even under the most favorable 
conditions is never a complete return to the as- 
quenched condition, there is always a small amount 
of the properties change that cannot be reversed. a a 


10) In aluminum-copper alloys even under the best 
conditions the GP zones are not completely redis- 
solved during retrogression, but a small amount re- 
mains. *° 

11) Aluminum-copper alloys are susceptible to 
intergranular corrosion after retrogression, whereas 
they are not susceptible to it before retrogression or 
in the equilibrium condition. 

12) After retrogression the material can be aged 
the same as after quench but the rate of aging at low 
temperature is slower than previously, whereas the 


36HRS 


EL-POT: IN MV 


ROCKWELL F HARDNESS 


60 F 
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Fig. 3—Property changes of alloy aged at 170°C after 36 hr 
delay between quench and aging. 
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TIME IN HRS 
Fig. 2—Property changes of alloy aged at 170°C after 2 hr 
delay between quench and aging. 


of aging at elevated temperature is faster. 

15) In retrogressed aluminum copper alloys the 
formation of the GP: is slower, that of GP2 and 0’ 
faster after retrogression. 39, 40 

14) Artificial aging after, cold-work results in 
appreciable retrogression.”? 71» 4% 42 95: 77 

On the basis of this information it appears that the 
disappearance of the properties changes produced by 
aging corresponds to the return to solution of the 
solute atoms that segregated into zones during aging. 
Thus in alloys aged at low temperature, in which the 
zones have progressed less, retrogression is more 
complete, than in alloys aged at higher temperatures 
in which the transition phase is also present. When 
all the precipitating solute is in the form of transi- 
tion phase higher temperature heating cannot redis- 


ay it and retrogression does not take place.” *” *® 
39, 52, 55, 57 


The dissolution of the zones is explained on the 
thermodynamic basis that the size of the zones that 
form at low temperature is small and they become 
unstable when heated at higher temperature and dis- 
perse before they have a chance to grow and become 
stable. 1% 29s 36 46, 48, 52, 55, 7 


Several years ago, T. L. Fritzlen and the author ,*° 
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Fig. 4—Property changes of alloy aged at 170°C after 111 
hr delay between quench and aging. 
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Fig. 5—Property changes of alloy aged at 170°C after 1018 
hr delay between quench and aging. 


working with commercial alloys, noticed that a pro- 
tracted delay between the quench and artificial aging 
resulted in lower tensile and yield strength. The 

work that is reported here is a study of the effect on 


the hardness and electrolytic potential in an aluminum 


alloy containing 4.13 pct Cu by weight, of the time of 
aging at room temperature before retrogression and 
aging at 170°C. 


MATERIALS AND TECHNIQUES 


The material used for the investigation was an 
aluminum alloy containing a nominal 4 pct Cu, which 
was prepared from high-purity materials. After 
homogenization and rolling to sheet the final analysis 
resulted 


Cu 4.13 pct Fe 0.005 pet 
Si 0.014 pct Mg 0.0012 pct 
Other <0.00X pct Al remainder 


This material was cast in 3/4-in. slabs, homogenized 


at 500°C for 20 hr, hot-rolled to 1/4 in., homogenized 


again for 20 hr, then cold-rolled to 0.064 in., using 
two intermediate anneals at 650°F for 2 hr. The 
material was cut in small pieces approximately 3/4 
by 1/2 in. solution treated at 520°C for 1 hr and 
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Fig..7—Property changes of alloy aged at 170°C after 

19,608 hr delay between quench and aging. 
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Fig. 6—Property changes of alloy aged at 170°C after 4024 
hr delay between quench and aging. 


quenched in water at 18°C. 

The low-temperature aging was done at room tem- 
perature (27° + 5°C). The retrogression treatment 
and the high-temperature aging were done at 170° + 
2°C, using an oil bath in which the specimens were 
suspended individually. Hardness was measured on 
a Rockwell F scale, taking at least ten impressions 
for every point plotted. At least one specimen for 
every point was used, very often the readings from 
two different specimens were averaged. 

The potential measurements were done on the 
same specimens used for the hardness tests, using 
a 2 pct Na Cl 0.3 pct H2O2 solution and a Beckman pH 
meter, standardized as usual against a buffer solu- 
tion. As a further standardization, the potential of 
the same piece of pure aluminum was read before 
and after every two or three readings on the alloy 
specimens. The readings on the pure aluminum 
varied within the range —0.790 V to —0.800 V, with 
an average of —0.793 V. All the readings in the alloy 
have been corrected for this value. 

The effect on retrogression on hardness and po- 
tential were measured on specimens aged at room 
temperature for 0, 2, 36, 111, 1018, 4024, 19608, 
52729, and 77849 hr. 
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Fig. 8—Property changes of alloy aged at 170°C after 
52,729 hr delay between quench and aging. 
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Fig. 9—Property changes of alloy aged at 170°C after 

77,849 hr delay between quench and aging. 
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RESULTS AND DISCUSSION 


The results are shown in Figs. 1 to 9. Arrows 
have been drawn to indicate the times at which 
changes take place. In Figs. 2 to 9 two plots are 
shown: the first representing the retrogression and 
showing the change of properties for the first hour 
from the beginning of the heating; the second show- 
ing the property changes starting from the moment 
that retrogression is completed, which has been 
taken as 30 min after the start. This type of plot 
was chosen to distinguish between the retrogression 
proper, and the subsequent aging. The same re- 
sults, although somewhat less evident, can be ob- 
tained by plotting the changes continuously. 

From these results it is evident that: 

1) The hardness before the retrogression treat- 
ment is started increases for the first 100 hr, then 
remains constant. The electrolytic potential re- 
mains constant during all the room-temperature 
aging. This behavior is typical of room-tempera- 
ture aging and does not require further comment. 


2) The time required for retrogression to be 
completed (as indicated by the reaching of the 
lowest hardness) seems to remain constant with 
increasing time of room-temperature aging but the 
hardness level after completion of retrogression 
becomes higher, the longer the room-temperature 
aging time. This finding correlates very well with 
the results obtained with the preliminary aging at 
high temperature that show the longer the aging 
time, the less retrogression can be obtained. 

3) Because no change of potential takes place with 
room-temperature aging, there is no retrogres- 
sion of the potential, on the contrary immediately 
after or even during the retrogression treatment the 
potential moves toward the fully aged value, and this 
movement starts earlier and progresses further the 
longer the room temperature aging time. This ex- 
plains the susceptibility to intergranular corrosion, 
since it is well known that aluminum alloys are 
susceptible to it in the period in which the potential 
is changing. 

4) The rate of the first hardness increase after 
retrogression seems to remain constant and is de- 
cidedly slower than when aging without retrogression. 
The rate of the second increase is faster. This is in 
good agreement with the results in the literature. 

5) The time after which the first peak of hardness 
is reached in retrogressed material increases; the 
time at which the peak ends and the hardness starts 
to increase again remains constant, thus the first 
peak becomes shorter. The hardness level of the 
first peak rises with increasing room-temperature 
aging time. 

6) The time at which the electrolytic potential 
starts to change again after the first change de- 
creases and so does the time at which the potential 
reaches the equilibrium value. The equilibrium value 
is constant, as to be expected, and the same as in 
nonretrogressed material. 

7) The hardness at the second peak seems to in- 
crease Slightly. The times at which the second peak 


Fig. 10—Times of change as function of 
time of delay between quench and aging 
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Fig. 11—Potential and hardness values 
as function of time of delay between 
quench and aging. 
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starts and ends decrease with increasing room-tem- 
perature aging. 

When all these variations are plotted as function 
of time of natural aging, Figs. 10, 11, it is interesting 
to note that when extrapolated, the end of the first 
peak and the beginning of the second peak eventually 
come to coincide at a time somewhere between 10° 
and 10° hr. An extrapolation of the hardness before 
and after retrogression, and of the hardness at the 
first and at the second peak also indicate coincidence 
at the same time. In Fig. 12 are shown the curves 
that would result after aging for 5 x 10° hr at room 
temperature, as obtained by the extrapolations. 

In Fig. 13 are plotted the times required to reach 
the beginning of the second peak, as determined by 
the various authors named in the figure, in the tem- 
perature range from 100° to 200°C. When these 
times are extrapolated to room temperature it is in- 
teresting to note that a value of the same order of 
magnitude results, as obtained by the extrapolation 
of the properties changes during retrogression. 

Although extrapolations of this magnitude must be 
accepted cunt grano salis the coincidence of all 
these extrapolations is more than accidental because 
they give the same information. As it can be seen in 
Fig. 12 after aging for some 5 X 10° hr at room tem- 
perature, no more retrogression takes place and 
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Fig. 12—Properties changes of alloy aged at 170°C after 
5 X 108 hr delay between quench and aging (estimated from 
Figs. 10, 11). 


when the material is heated to high temperature the 
aging at room temperature progresses smoothly and 
rapidly into the high-temperature aging. The same 
meaning is derived from the extrapolation in Fig. 13. 
After some 5 X 10° hr aging at room temperature has 
progressed to the point that the second stage of 
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that change the structure toward that corresponding 
to high-temperature aging. Thus even at room tem- 
perature, given sufficient time, the aging will prog- 
ress past the first peak of hardness. As a further 
conclusion it appears that aging at room temperature 
does not differ basically from high-temperature 
aging, but goes through the same steps. 


hardening can start. 


CONCLUSIONS 


The results reported indicate that, although after a 
relatively short time of aging at room temperature no 
change of the properties can be detected, transfor- 
mations keep on going in the aluminum-copper alloy, 
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A Proposed Mechanism for the Strengthening of SAP-Type Alloys 


G. S. Ansell 


Recentty, in investigating the high-temperature 
creep properties of an aluminum, SAP-type alloy, 
MD 2100, fabricated by Professor F. V. Lenel of 
Rensselaer Polytechnic Institute, Ansell and 
Weertman’* found unusually low creep rates. These 
creep rates are 4 or 5 orders of magnitude lower 
than is predicted by the slowest creep mechanism 
based upon dispersion-hardened alloy theory. They 
ascribed these results to a lack of both normal 
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active dislocation sources and a continuous three- 
dimensional dislocation network. If one couples 
these results with the following factors of produc- 
tion and microstructure: 

1) The compacted and sintered aluminum powder 
sees at is hot-extruded, with an extrusion ratio of 
2) The aluminum oxide particles are approxi- 
mately 140A units thick, and have a spacing varying 

from 0.05 to 1.5 p.? 

3) The alloy has plate- -Shaped grains with minor 
axes of about 5 x 107? mm and major axes several 
orders of magnitude greater than this.* 
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Then the assumption that this alloy is representative 
of SAP-type materials, together with the extension of 
the results of Ansell and Weertman’ and considera- 
tion of the above factors of production and micro- 
structure now lead to a mechanism explaining the 
strengthening of the SAP-type alloys. 


PROPOSED STRENGTHENING MECHANISM 


It is believed that the following factors account for 
the unique mechanical properties of SAP-type alloys: 

1) The fine flake powders provide a means for 
creating both an initially fine-grained structure and 
a finely dispersed, stable, second phase in the alloy. 

2) The hot-extruding of the sintered powder com- 
pact, coupling a large amount of deformation with a 
thermal gradient at the extrusion die orifice, causes 
grain boundary migration in the alloy without signifi- 
cant grain growth. The movement of the grain 
boundaries sweep dislocations and dislocation 
sources through some distance in the alloy matrix. 
These imperfections therefore come into the vicinity 
of the finely dispersed second phase and are anchored 
or pinned in place. The alloy is then left essentially 
free of active dislocation sources and of a continuous 
three-dimensional dislocation network. 

In order to deform, the resultant structure would 
then have to nucleate dislocations from other than 
normal dislocation sources, probably from the grain 
boundaries. This would require large stresses even 
at elevated temperatures. 


DISCUSSION AND CONCLUSIONS 


It is evident that the finely dispersed second phase 
acts only to inactivate dislocation sources in the 
alloy during the manufacturing process. Because of 
this, one would expect that the mechanical properties 
of these alloys should not be as dependent upon the 
spacing of the dispersed second phase as is the case 
in a normal dispersion-hardened alloy where the 
dispersion acts to hinder dislocation movement dur- 
ing deformation. As long as the dispersion is suf- 
ficiently fine so as to provide for the pinning of most 
of the active dislocation sources in the alloy, one of 
the factors necessary for SAP-type properties would 
be met. 

Since the SAP-type alloys would not have many 


normal active dislocation sources and since high 
stresses are required to nucleate dislocations from 
grain boundaries, one would therefore expect to find 
slower steady-state creep rates for these alloys 
coupled with lower ductilities. 

If during the manufacturing process only some of 
the active dislocation sources were pinned, then it 
might be possible to avoid the low ductilities en- 
countered in the SAP-type alloys. One then might 
expect to have an alloy whose tensile and creep 
properties were greater than that of a dispersion- 
hardened alloy but with more ductility than the SAP- 
type alloys. It should be possible to do this either by 
reducing the extrusion ratio during the hot-extruding 
process or by using a coarser second-phase dis- 
persion than is normally used for SAP-type alloys. 
If a fine dispersion is made by some other technique 
than powder metallurgy, such as internal oxidation, 
then the problem is reversed. It would be necessary 
in this case to move the imperfections into the 
vicinity of the second phase in order to reduce the 
number of active dislocation sources and thereby 
strengthen the alloy. 

Since the factors necessary for the production of a 
SAP-type alloy are not unique for a single-metal 
system, one should be able to manufacture similar 
alloys from most metal systems. 

Finally it appears that SAP-type alloys are not 
truly dispersion-hardened alloys in the normal sense, 
Since the dispersed second phase acts only to prevent 
the production of dislocations, whereas in the dis- 
persion-hardened alloy the dispersion acts to hinder 
dislocation movement. One therefore should treat the 
SAP-type alloy as a distinctive type of dispersion- 
hardened metal material. : 
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The Effect of Surface Adsorption of Gas| on Crack Propagation 


M. R. Achter and H. W. Fox 


In a previous study of the effect of atmosphere on 
creep-rupture properties, * it was shown that the 
relative strength of nickel in air and in vacuum may 
be reversed by a change in either stress or tem- 
perature, Fig. i. At low stresses and high tempera- 
tures the metal is stronger in air but stronger in 
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vacuum at high stresses and low temperatures. A 
mechanism to explain this reversal was proposed 
involving two competing processes; oxidation 
strengthens the metal while adsorption of gas 
lowers the surface energy, relative to that in 
vacuum, and reduces the work required to propa- 
gate a crack. The process which controls is de- 
termined by stress and temperature. 

In a number of private communications, however, 
the objection has been made that even in the vacuum 
of 107° mm of Hg used in this study, the surface of a 
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Fig. 1—Influence of temperature and stress on rupture 
life in air and in vacuum. Figures in parentheses are 
elongations at fracture. 


metal may become saturated with a monolayer of 
oxygen in times of the order of seconds. Since these 
tests are of long duration, of the order of hundreds 
of hours at the lower temperature, it is not obvious 
that there should be such an atmosphere effect. 

By means of an approximate calculation, however, 
it can readily be shown that there is insufficient 
oxygen present in the vacuum to saturate the fresh 
metal surfaces as soon as they are exposed and be- 
fore the crack advances further. The time re- 
quired to saturate a surface may be calculated from 
elementary theory of gas kinetics: 


NG, 
[1] 
Var [2] 
where: 


Z = Number of impingements per sq cm sec 
N = Number of oxygen molecules per cm* 

C = Velocity of the molecules in cm per sec 
T = Absolute temperature 
M= Molecular weight 

R = Gas constant in ergs per degree mole 


At 925°K (1200° F) and 107° mm, Z is 4 x 10"* (sq 
-cm sec)’. Taking 10” as the number of sites avail- 


able per sq cm, the time to saturate the surface with 
a monolayer is 10%/Z or 2.5 sec. Similarly, at the 
same temperature and atmospheric pressure, the 
time is 3 X 107° sec. 

To arrive at the time during which the surface at 
the tip of the crack is exposed for adsorption, it is 
assumed that a crack is propagated in discrete 
movements of the order of one lattice constant and 
that it advances halfway through the gage diameter of 
0.6 cm before the specimen fractures. According to 
Fig. 1, at 925°K (1200° F) and 5000 psi, the rupture 
life of nickel is approximately the same in air as in 
vacuum, 300 hr. This represents 10" discrete ad- 
vances of the crack tip or one every 0.1 sec. That is, 
to result in maximum reduction of the energy re- 
quirement for crack propagation, the surface must 
be saturated in less than 0.1 sec. In this example, 
the calculated saturation time in vacuum of 2.5 sec is 
too slow by a factor of twenty-five. Stated otherwise, 


‘only one site in twenty-five is filled with an adsorbed 


molecule before the crack tip moves on. 

These results are for planar surfaces. The re- 
strictive geometry of a crack and the necessity for 
diffusion along a passage of the dimensions of a 
capillary tube certainly decrease the number of 
impingements. Furthermore, it was assumed that 
the sticking probability in every impingement is 
unity and that every impinging molecule finds an 
empty site. In the real situation the rate of 
adsorption would be smaller than that given in the 
above calculation. Therefore adsorption in vacuum 
is probably at least two orders of magnitude too 
slow to saturate the freshly formed surfaces as the 
crack is propagated. Of-course, in shorter tests the 
required saturation time is further reduced, ac- 
counting for the larger differences in strength in 
air and in vacuum. 

This approach suggests that crack propagation 
would be facilitated by increasing the oxygen content 
of the environment up to the critical amount neces- 
sary to saturate the surface at the required rate 
dictated by the creep rate of the specimen. Such 
an experiment is being done as a test of the pro- 
posed mechanism. 
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Preparation of Two Lithium-Arsenic Compounds 


R. E. Tate and F. W. Schonfeld 


In 1899, Lebeau’ reported the preparation of the 
compound LisAs through reduction of lithium arse- 
nate with carbon. Brauer and Zintl? have described 
the preparation of LisAs by combining the elements 
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in liquefied ammonia and by melting the elements in 
a zirconia crucible coated with lithium fluoride. In 
1953, at the Los Alamos Scientific Laboratory, 
LisAs and a previously unreported compound, LiAs, 
were prepared by the reaction of the elements. 


PREPARATION OF THE COMPOUNDS 


Attempts to form lithium-arsenic compounds by 
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induction heating of stoichiometric amounts of the 
elements in ceramic crucibles were unsuccessful. 
The crucibles were too porous to hold liquid lithium, 
and arsenic sublimed from the melt; and when an 
iron crucible was used in a resistance furnace a 
severe reaction occurred between the melt and the 
crucible. It was observed, when lumps of arsenic 
were added slowly to molten lithium in an iron 
crucible and protected by an argon atmosphere, 
that each lump was heated briefly to incandescence 
and then appeared to dissolve. Continued additions 
of arsenic caused the melt to become pasty and, 
finally, a point was reached where arsenic would 
no longer react with the melt. Rabbling the mix- 
ture permitted the reaction to proceed somewhat 
further but not to the point of attaining the com- 
position LisAs. Attempts to form the compound by 
adding molten lithium to arsenic were also un- 
successful, although this latter procedure did lead 
to the discovery of LiAs. However, this method 
produced only a relatively impure compound and the 
search for a better preparation method was con- 
tinued. 

The brief incandescence observed when lumps of 
arsenic were dropped into molten lithium indicated 

‘that the compounds had high heats of formation and 

suggested that a stoichiometric mixture of the ele- 
ments in granular form might react completely if 
the mixture could be suitably ignited. With this 
thought in mind a water-cooled, steel reaction bomb 
containing an ignition device was designed, Fig. 1. 
The ignition device consisted of a 5-turn coil of 
0.030-in. diam Mo wire mounted between two minia- 
ture spark plugs. The bomb was loaded in a helium- 
filled glovebox, with granular arsenic (—20 + 40 
mesh) and with lithium which had been rolled to 
sheet about 0.100 in. thick and clipped to pieces 
0.25 in. sq or smaller. Spectrographic analyses of 
these two metals are given in Table I. The bomb was 
primed by inserting a strip of lithium containing 
some imbedded arsenic within the turns of the 
molybdenum filament, and by taking care to place 
sufficient charge in the bomb so that good contact 
was made between the molybdenum filament and the 
charge. The bomb was fired by passing approxi- 
mately 35 amp of current through the filament. 

Although promising results were obtained when a 
100-g pilot-size bomb was used, the reaction did not 
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Fig. 1—Steel reac- 
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always propagate, and so a larger bomb having a 
1000-g capacity was made. The larger bomb was 
used successfully in making both LiAs and LisAs. 
Successful firing of the charge in the larger bomb 
was obvious; the cooling water turned to steam and 
the bomb wall glowed red between the cooling coils. 

After cooling to room temperature, the bomb was 
returned to the helium-filled glovebox for unloading. 
During firing the charge had become molten and had 
subsequently cooled to form a solid mass. Solidified 
massive LiAs was found to be friable and was easily 
removed from the bomb. Solidified LisAs, on the 
other hand, was removed only with considerable dif- 
ficulty, using a hammer, chisel, and star drill. 

No compounds other than LiAs and LisAs were ob- 
served during the course of the investigation. 


PROPERTIES OF THE COMPOUNDS 


Both LiAs and LisAs, as obtained from the reaction 
bomb, were coarsely crystalline and occurred as 


Table |. Spectrographic Analyses of Arsenic and Lithium 


Impurity Element, Pct 


Metal Be B Na Mg 
As ND* ND ND 0.0005 
Li < 0.005 < 0.01 0.2 < 0.001 

Ni Cu Zn Pb 
As ND 0.0005 ND 0.0005 
Li < 0.01 0.005 < 0.4 < 0.001 


Si Ca Mn Fe Co 
0.0005 0.0005 ND 0.0005 ND 
0.05 1. 0.002 0.2 < 0.01 

Sb Sr Sn Al Cr 
0.05 ND ND 
ND 0.005 0.005 0.01 < 0.001 


NOTE: Impurity elements Ti, V, Mo, Ag, Cd, and In were not detected in either metal sample. Li, P, and Ba were not detected in the arsenic 
sample and were unreported for the lithium sample, and Sc and Bi were not detected in the lithium sample and were unreported for the 


arsenic sample. 
*ND = Not Detected. 
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groups of acicular crystals radiating from nucleation 
centers. Individual crystals were observed that were 
several centimeters long. Freshly prepared LiAs 
was silver-gray and had a metallic luster. LisAs was 
reddish brown, semitranslucent, and had a vitreous 
luster. Both compounds reacted with the laboratory 
atmosphere, LiAs tarnishing in about an hour from 
silver-gray to black and LisAs altering somewhat 
more rapidly to a reddish earthy material. The 
average Dph numbers (25-g load) of polished sections 
of crystalline LiAs and LisAs were 40 and 30, re- 
spectively. 

As previously reported by Brauer and Zintl” the 
crystal structure of LisAs was found to be hexagonal 
(P6/mmc). However, F. H. Ellinger of our labora- 
tory found the unit cell dimensions to be do = 4.377 
and Co = 7.801A instead of the slightly larger dimen- 
sions of do = 4.387 and Co = 7.810A determined by 
Brauer and Zintl. The calculated density, based on 
the more recent unit cell dimensions, was found to 
be 2.46 g per cm® and an experimental density of 
2.31 g per cm* was obtained by weighing a specimen 
in air and in bromobenzene. 

The crystal structure of the compound LiAs has 
been determined by D. T. Cromer® at Los Alamos 


and has been reported by him in another journal. 
This compound was found to be monoclinic (P2,/ c) 
and has the unit cell dimensions: a = 5.79 + 0.014, 

b = 5.24 + 0.01A, c = 10.70 + 0.02A, and B= 117.4 + 
0.02A. From Cromer’s work, the compound has a 
calculated density of 3.68 g per cm*, Experimentally, 
a density of 3.52 g per cm* was obtained. In view of 
the reactivity of the compounds the agreement be- 
tween calculated and experimental densities is con- 
sidered to be reasonable. 

The melting points of the two compounds, as 
determined by visual observation of samples sealed 
in argon in vitreous silica capsules and heated 
slowly in a resistance furnace, were estimated to be 
550°C for LiAs and 1000°C for LisAs. 

From the rise in temperature of the bomb and the 
cooling water during reactions, the heat of formation 
of LiAs was estimated to be between 75 and 100 kcal 
per mole, and that of Liz3As between 100 and 150 kcal 
per mole. 
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Solubility of Oxygen in Alpha Iron: A Revision 


Since the time this topic was originally treated in 1954, more 


3 
vecent French’’ 


work has been published making it advisable to 


repeat the earlier oxygen solubility experiments, but using tron 
of a higher purity. Upon repeating oxygen saturation experiments 
with zone-vefined iron, it was found that the oxygen solid solu- 
bility was at least an order of magnitude less than previously 


observed. 


SINCE the publication of an earlier paper’ (1954) on 
this subject by the present author, several contribu- 
tions on this topic have appeared. Meijering’ in 1955 
attempted to reconcile recent conflicting solubility 
data, without reaching any definite conclusion. 
Sifferlen® (1955) found that iron of high purity ap- 
peared to absorb a quantity of oxygen (0.005 to 0.025 
pct) approximately proportional to the structural im- 
perfections present, such as polygonization and grain 
boundary area. However, he also indicated that 
purity itself was a significant factor. He concluded 
that very pure iron nearly free of lattice imperfec- 
tions would have essentially zero oxygen solubility. 
His second paper* (1957) supported this contention 
since a zone-melted iron containing initially 0.0007 
pet O analyzed only 0.0006 pct O after prolonged 
soaking at 850°C with an FeO layer on the surface. 
Because of the discrepancy between the results of 
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Ref. 1 and those of Sifferlen, it seemed desirable to 
attempt to resolve this disagreement. 


EXPERIMENTAL PROCEDURE AND MATERIALS 


The experimental method used by Sifferlen® * was 
essentially the same as that of Ref. 1. In this tech- 
nique thin iron strip with a surface layer of FeO is 
soaked for prolonged periods at an elevated tem- 
perature in order to saturate the iron with oxygen. 
After two days at temperatures near 800° to 900°C, 
one. would expect that the iron would be in equilibrium 
with the surface FeO. In the work reported in Ref. 1 
there was evidence that two days holding at 800° to 
900°C was more than sufficiently long for saturation. 
Sifferlen used 48 hr at 850°C. 

Because of the evidence presented by Sifferlen that 
the apparent oxygen solubility is a function of iron 
purity, three grades of iron were used as indicated in 
Table 1. The Bureau of Standards wire was used only 
for resistivity tests, while the other two irons were 
used for saturation-analysis tests of the type des- 
cribed above. 
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Table |. Analysis of Pure Irons 


Type of Iron 


Bureau of Standards 


1 of § Cu < 0.002 pct O 0.004 pet | Total identified 
in wire Si 0.001 N 0.0002 impurities: 
i ompson and Be 0.001 H 0.0002 < 0.0 
eaves No. 6) 
(5) Cc < 0.001 
+ 
Johnson and Si 0.0007 Na 0.0001 #4 Total identified 
Matthey Mn 0.0003 C 0.001* inpurities: 
spectrographic Ni 0.0002 N_ 0.0001* ~ 0.007 pct 
standard Mg 0.0002 O 0.0039* 
Cu 0.0001 


Zone-melted 


Same as Johnson and Matthey iron, but given six passes in a vacuum 


iron floating-zone apparatus. No analysis made. 


* Analysis made here after a wet hydrogen treatment. 


tAbout 45 metallic elements looked for spectrographically but not found. 


Saturation Tests—Iron samples (0.020 in. thick) 
were oxidized to form a surface layer of FeO, and 
were then given a standard 48 hr diffusion anneal at 
875°C in vacuum. After this heat treatment, the sur- 
face oxide was carefully removed by either an al- 
coholic HCl pickle, or a combination of this with sur- 
face abrasion. The original oxygen content was then 
compared with the oxygen content after the satura- 
tion test. 

Electrical Resistivity Tests—It was expected that 
if there were an appreciable oxygen solubility it 
would affect the residual resistivity. To be certain 
that no changes in resistivity could be due to changes 
in specimen geometry, the quantity used as a meas- 
ure of specimen purity (oxygen concentration) was 
Rs300/Rz2, ratio of specimen resistance in ohms at 
300°K divided by the resistance at 2°K. The latter 
temperature was sufficiently low so that slight 
changes in the actual cold temperature made no ap- 
preciable change in resistance. The upper tempera- 
ture is room temperature, and here again slight 
changes of a degree or two made very little differ- 
ence in the value of the ratio. From Matthiessen’s 
rule it can readily be shown that the higher is 
Rso0/Rz, the purer is the metal. Ratios as high as 
several thousand have been reported for some 
metals, but even quite pure iron only produces a 
ratio of about 200.° 


EXPERIMENTAL RESULTS 
The results of the saturation tests are shown in 


could be seen. A typical field would perhaps show 
one inclusion of the size shown in Fig. 3. 

Residual Resistivity—A typical value of R300/Re 
for the Bureau of Standards iron was about 125, 
but some lower values (74) were occasionally ob- 
served on some samples. Apparently there was a 
significant variation in over-all impurity content 
along the length of the wire used. However, most of 
the wire yielded a value of close to 125. The 
interesting observation, however, was that whatever 
was the original ratio, its value was not much 
changed by oxygen saturation. The ratio was ob- 
served to decrease somewhat after oxygen satura- 
tion, but it can be seriously questioned if the small 
change (about 3 pct), was significant. Elevated 
temperature (1000°C) treatment in hydrogen to re- 
duce the original oxygen content had no measurable 
effect upon the ratio. 

As expected, the zone-melted iron had a higher 
Rsoo/Re ratio, 189, indicating greater purity. The ef- 
fect of oxygen upon the resistivity ratio for this 
grade of iron was not obtained. 


DISC USSION 


The results cited above appear to indicate that the 
solubility of oxygen in a@ iron is very low, probably 
around 0.002 pct or less. Hence the present find- 
ings essentially confirm those of Sifferlen.* How- 
ever, there must be some finite oxygen solubility, be- 


Table Il. Oxygen-Saturation Tests 


Table II. Oxygen 
Metallography—Fig. 1 shows a typical structure Oxygen Analysis, Pct Gain, Pct 

observed for the oxygen-saturated Johnson and Before O After O 

Matthey iron. A number of small nonmetallic in- Saturation Saturation 

clusions may be observed. However, careful Matthey 9.0039 0.0139 

metallographic work did not show appreciably more _ iron 

inclusions after the oxygen-saturation heat treat- 0.0039 

ment than before. A slight difference could well 

have escaped notice. Zone-melted iron 0.0071 0.0044 ~ 0 
Fig. 2 shows the zone-melted iron after satura- (Guineiee shoul 0.0095 0.0029 aig 


tion at low magnification with its envelope of FeO, 
and Fig. 3 shows a higher power (X1000) picture of 
the same iron. A few, but very few, inclusions 
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Note: Uncertainty in oxygen analysis is ~ 0.0003 pct. 
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‘Fig. 1—J ohnson and Matthey iron. 
5 pet picral etch. X1000. 
lope of FeO). 


Fig. 2—Zone-melted iron. 5 pct 
picral etch. X100. (Shows enve- 


Fig. 3—Zone-melted iron. 5 pet 
picral etch. X1000. (Dark layer 
of FeO at surface). 


All figures show oxygen-saturated iron 48 hr at 875°C. Reduced approximately 43 pct for reproduction. 


cause as shown by Meijering,” subscale formation 
can occur. 

This question of subscalé formation has thrown 
considerable doubt on much oxygen solubility work 
in the past, and it is quite possible that the high re- 
sults (~ 0.03 pct O) reported in Ref. 1 are due, at 
least in part, to this cause. Subscale formation was 
considered in the previous work, but it appeared not 
to be an important factor. As pointed out at that 
time, the total of the reported impurities could not 
have tied up all the oxygen actually found. Even 
rather substantial errors in chemical analysis would 
not have allowed the subscale to account for all the 
oxygen. 

It is of interest to examine the results found here 
on the Johnson and Matthey iron, Table I, in this 
light. This iron was reported to contain a total of 
0.0013 pct of metal impurities less noble than iron. 
Let us assume this is an underestimate by about 
60 pct, making the oxygen-avid impurity level 0.002 
pct. The most probable damaging impurity is silicon, 
since it is of low atomic weight and has a high ratio 
of oxygen to metal, e.g., 32/28 = 1.14. It is obvious 
that if all the silicon in the iron reacts with oxygen, 
each 0.001 pct Si results in 0.00114 pct O as SiOz. 

It might be pointed out that oxides such as MgO, CaO, 
BaO, Al2zOs, TazOs, and so forth are comparitively 
innocuous since their ratios of oxygen/metal vary 
from 0.25 for TazOs to 0.89 for AlzOs. Hence, if the 
ratio 1.14 for silicon were applied to the total of the 
significant metallic impurities, a decidedly high- _ 
oxygen-in-subscale figure should result. Hence, 

in multiplying the 0. 002 pct impurity figure by 1.14, 
one arrives at 0.002* pct O which could be tied up in 
a subscale. Only the assumption of BeO would result 
in a higher oxygen figure, but this seems excessively 
unrealistic. 

Therefore, it appears that if one takes the Johnson 
and Matthey analysis at anything like face value, no 
more than about 0.002 pct oxygen could be tied up by 
impurities as a subscale. As was seen above, three 
to five times this much oxygen was found, Table II. 
It seems necessary to suggest that there is some 
more subtle impurity—oxygen interaction which ac- 
counts for the ‘‘excess oxygen solubility’? in the 
presence of impurities. 

It may be possible for an oxygen-impurity inter- 
action to occur in the iron solid solution, whereby the 
oxygen-avid elements are able to attract an ‘‘atmos- 
phere’”’ of oxygen atoms, without actually separating 
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out a second phase. This seems quite reasonable, and 
in accord with all the known facts. Certainly there 
now appears to be no doubt that the oxygen absorbed 
by the iron during oxygen saturation is a function of 
impurity level. Both the work of Sifferlen® * and the 
present work agree on this point. The question of the 
effect of the perfection of the metal structure, raised 
by Sifferlen, may need some additional attention. 
However, it is hard to see how different samples of 
an iron held for many hours at 850° to 880°C can dif- 
fer very significantly in structural perfection, except 
possibly in grain size. A difference in a factor of 3 
in grain size as observed here, Table II, would not be 
expected to be significant as regards solubility of 
oxygen. Rather, the evidence at hand both here and 
elsewhere points more to the metallic impurity level 
as being more important. The possibility that lattice 
imperfections can play a role, however, can not be 
ruled out. It is also possible that an impurity-imper- 
fection interaction may occur. 

Unfortunately, at the present time there seems to 
be available no obvious critical experiment to check 
the oxygen-impurity ‘‘atmosphere’’ hypothesis. 


SUMMARY 


The true oxygen solubility in very pure a iron ap- 
pears to be very low, probably around 0.002 pet or 
less, as recently indicated by Sifferlen.* * There is 
still some question about the nature of the apparent 
oxygen solubility in the presence of metallic impur- 
ities. This apparent solubility may be due partly to 
the formation of oxides of high free energy of forma- 
tion (subscale formation) as indicated by some in- 
vestigators. However, there is also some evidence 
which suggests that this ‘‘excess oxygen solubility’’ 
as reported in Ref. 1, for example, may be due in 
part to some other, not yet understood cause. 
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A Study of the Peritectoid Transformation 


Six examples of the peritectoid transformation were selected 
from the literature and studied by the method of isothermal trans- 


formation. The kinetics and mechanisms of five of the examples 


R. D. Reiswig 


are presented as TTT diagrams and photomicrographs. The exist- 


ence of a peritectoid in the sixth case is doubtful. 


A.urnoucH the peritectoid transformation per se 
has been known for many years, no precise published 
data exist concerning the kinetics or mechanisms 
involved in transformations of this type, except for 
the brief treatment by Rhines, et al.” *° Bearing in 
mind the fact that investigations of recent years are 
uncovering more and more peritectoids and sus- 
pected peritectoids, a thorough study of the well- 
established peritectoids appeared to be in order. It 
was for this reason that a study of the kinetics and 
morphological mechanisms of six binary peritectoids 
was undertaken. 

The six peritectoids selected from the literature 
for study were those reported at 7.02 wt pct Al-Ag, 
26.0 wt pct Sb-Cu, 30.5 wt pct Sb-Cu, 32.3 wt pct 
Sn-Cu, 8.35 wt pct Si-Cu, and 21.2 wt pct Al-Cu. 
These selections were based on availability and 
purity of components, ease of preparation and heat- 
treatment, and estimated reliability of the available 
equilibrium diagrams in the regions of interest. 


EXPERIMENTAL PROCEDURE 


The alloys used in this investigation were induc- 
tion melted in electrode-grade graphite and chill- 
cast in cast-iron split molds. In all cases, the alloys 
were so brittle that they could easily be broken into 
samples weighing 1 or 2 g. Chemical analyses 
showed that the alloys used were close to the respec- 
tive peritectoid compositions reported in the litera- 
ture and that the impurity levels were low in all 
cases. Metallographic examination showed uniform 
distributions of phases in all samples, indicating 
uniformity of composition in the samples studied. 

Isothermal transformation studies were carried 
out in fused-salt media, using the familiar inter- 
rupted-quench method. Uniformity of temperature 
in the salt baths was maintained by continuous stir- 
ring with a stainless-steel agitator. On the basis of 
actual observations of the temperature fluctuations, 
the estimated temperature control was + 1°C for the 

R. D. REISWIG, Junior Member AIME, formerly Graduate Student at the 


University of Wisconsin, is now a Staff Member, Los Alamos Scientific 
Laboratory, Los Alamos, New Mexico. D. J. Mack is Professor of 
Metallurgical Engineering at the University of Wisconsin. 

Manuscript submitted Suptember 9, 1957. IMD 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


D. J. Mack 


Ag-Al and Cu-Sb alloys and +3°C for the Cu-Sn, 
Cu-Si, and Cu-Al alloys. The accuracy of all tem- 
perature measurements was estimated to be + 1°C. 

It was found necessary to mount metallographic 
specimens of the Ag-Al alloy in cold-curing methyl 
methacrylate, since the temperatures encountered 
in mounting in bakelite or lucite caused an appreci- 
able degree of transformation to the B’ phase. For 
the other alloys, wood-flour-filled bakelite mounts 
were used to avoid extraneous X-ray diffraction 
lines during the later examination of the metal- 
lographic specimens on a Norelco Geiger-counter 
diffractometer. 

_ In the X-ray diffraction procedure, agreement 
between the published diffraction patterns and those 
obtained in this study was good. This was particu- 
larly important for phase identification, since the 
literature contained little in the way of micrographic 
description in some cases. 

Etching of the silver-aluminum alloy for metal- 
lographic examination was done by swabbing with 
either of the following reagents: 1) 10 g CrO,, 

1 g (NH,)2 SO,, 0.5 g NH,NO,, 100 ml H,O, or 2) 
10 ml NH,OH, 1 ml 20 pct KOH, 4 ml 3 pct H,0,, 
5 ml H,O. The other alloys were etched with the 
usual bichromate etchant: 2 g K,Cr,O,, 1.5 ¢ 
NaCl, 8 ml conc. H,SO,, 100 ml H20 (swabbed 
vigorously). 


EXPERIMENTAL RESULTS 


A) The Ag-Al peritectoid at 7.02 wt pct Al—The 
phase equilibrium involved in this peritectoid is 
shown in Fig. 1.” The phase boundaries in the 
vicinity of the peritectoid were most comprehen- 
sively established by Hume-Rothery, et al,* who 
placed the equilibrium temperature at 448°C and 
the equilibrium compositions of the a, f’ and y 
phases at 6.11, 7.02, and 7.24 wt pct Al, respectively. 
The alloy used in this study analyzed* 6.95 wt pct Al, 
making it slightly hypoperitectoid according to the 
accepted equilibrium diagram. 

The rate of the transformation a + y~’ varies 
rapidly with degree of undercooling below the 
equilibrium temperature, passing through a maxi- 
mum in the vicinity of 350°C. Thus the TTT dia- 
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Fig. 1—Partial equilibrium diagram of the Ag-Al system. 


gram, Fig. 2, has the familiar C-shape with the 
time required for complete transformation at the 
350 deg ‘‘nose’’ of the curve being of the order of 
only 5 sec or less. 

Fig. 3 shows the equilibrium mixture of a and y 
prior to the onset of the transformation, and Fig. 4 
shows the structure after the completion of the 
transformation. The excess of a in the latter figure 
demonstrates the hypoperitectoid nature of the alloy 
used. 

Above the nose of the TTT curve, nucleation of 8’ 
was restricted to a-y interfaces. Growth of the 
nuclei occurred along these interfaces, leading to 
the formation of a complete peritectoid wall, as 
shown in Fig. 5. The transformation was com- 
pleted in this temperature range by progressive 
thickening of the 8’ wall until all y and some a 
were consumed. Below the nose of the TTT curve, 
both a and y were so highly supersaturated that 
nucleation of 8’ was random, as shown in Fig. 6. 
The transformation was completed, in this range, 
by the growth of spheroidal nodules of B’ until 


Fig. 3—6.95 wt pet Al-Ag equilibrated at 460°C and water 
quenched. a (elongated grains showing annealing twins) 
in y matrix. CrO3-base etchant. X50. 
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Fig. 2—TTT diagram for the Ag-Al peritectoid at 7.02 wt 
pet Al. 


the equilibrium structure was achieved. 

B) The Cu-Sb peritectoid at 26.0 wt pct Sb— Fig. a 
shows the phase equilibria in the central portion of 
the copper-antimony system. The alloy used in the 
study of this peritectoid analyzed° 25.72 wt pct Sb, 
0.01 wt pct Fe, bal. Cu, indicating a slightly hypo- 
peritectoid composition. In this system, a, y, and 
6 are retained unchanged by a water-quench. £, on 
the other hand, transforms on quenching to a 
metastable transition phase, 8’, which is cubic for 
eutectoid and hypoeutectoid 8. Thus, the presence of 
B at the holding temperature was detected by the 
presence of 8’ in quenched specimens. 

From about 455°C up to the equilibrium tempera- 
ture, the transformation a + B — y proceeds with 
the formation and progressive thickening of a peri- 
tectoid wall of y, as shown in Fig. 8. The TTT dia- 
gram is shown in Fig. 11, which points out that none 
of the transformations were complete after 24 hr. 

By inference from the equilibrium diagram and 
other work,” either y or 5 might be expected to 


form first at the a-68 interfaces below 462°C, since 
both are stable and both have compositions between 
those of the a and 8 phases. At 447°C, it was found 
that a metastable wall of 5 formed first at the a-f 
interfaces and that the formation of a stable y wall 
took place much later as a result of a reaction 
between a and 6, as shown in Fig. 9. 


Fig. 4—6. 95 wt pet 331°C, Residual 
a in matrix of B’ . H,O,-base etchant. X50. 
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Fig. 5—6.95 wt pet Al-Ag transformed 30 min at 440°C, 
Dark-etching wall of 8’ surrounding @ and growing into 
q@ grains and y matrix. CrO3-base etchant. X50. 
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Fig. 7—Partial equilibrium diagram of the Cu-Sb system. 


At still lower temperatures, z.e., below that of the 
B eutectoid, the transformation was further compli- 
cated by the decomposition of 8. Thus, at 425°C, the 
X-ray and microscopic evidence pointed to the pre- 
cipitation of 6 from f in a pearlitic pattern, as 
shown in Fig.10. As the 8 phase was consumed by 
the precipitating 5, stable y was formed by reaction 
at a-5 interfaces, as mentioned previously. At no 
time was there X-ray or microscopic evidence of 
the presence of e. Therefore, the hypoeucectoid f, 
when quenched and held in this range, must trans- 
form to 6 with little or no composition change and 
consequent formation of e€. The plausibility of this 
assumption may be inferred from the accepted 
composition limits of the 8 and 6 phases shown in 
the equilibrium diagram. 

C) The Cu-Sb peritectoid at 30.5 wt pct So— The 
composition of the alloy used in this study was 31.16 
wt pct Sb, 0.06 wt pct Fe, bal. Cu,” indicating that 
the alloy was slightly on the Sb side of the accepted 


peritectoid composition. In this alloy, the a retained 
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Fig. 6—6.95 wt pet Al-Ag transformed 10 min at 175°C. 
Dark-etching B’ nucleated randomly in a -y matrix. 
H,O,-base etchant. X50. 


Fig. 8—26 wt pct Sb-Cu transformed 45 min at 471°C. a 
(light) partially surrounded by slightly darker y in matrix 
of B’. Oblique illumination. Bichromate etch. X500. 


in the cast alloy could be eliminated in a reasonable 
time only by first holding for 96 hr at 435°C to obtain 
homogeneous 56, followed by an 8-hr hold at 475°C 
just prior to isothermal transformation. Fig. 12 
shows the all-6 structure, and Fig. 13 shows the 
structure obtained by quenching from 475°C. As in 
the preceding section, the 8’ shown here is the re- 
sult of quenching f; similarly, no e was detected by 
X-ray diffraction in any samples of this composition. 


Fig. 9—26 wt pct Sb-Cu transformed 2 hr at 447°C. @ 


(light) and B‘ (dark) in 6 matrix. Wall of y surrounding 
a . Oblique illumination. Bichromate etch, X500. 
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Fig. 10—26.0 wt pct Sb-Cu transformed 1 min at 425°C. 
q@ (light) surrounded by B (now #’) precipitating 6 in 
pearlitic pattern. Triangular grain of y growing at a — 6 
interface in center of field. Oblique illumination. Bichro- 
mate etch. X500. 


Fig. 12—30.5 wt pet Sb-Cu. Equiaxed grains of 6. Oblique 
illumination. Bichromate etch. X500. 

Above about 435°C the transformation y + B — 6 
takes place by the formation and thickening of a 5 
peritectoid wall at y-f interfaces. Fig. 14 illus- 
trates this ‘‘ideal’’ peritectoid wall formation. 

As seen from the Cu-Sb equilibrium diagram, B is 
unstable below 436°C and y is unstable below 400°C. 
Thus, upon isothermally transforming at 428°C, 6 
could be seen precipitating in a pearlite-like pattern 


from hypoeutectoid 6 prior to the end of the transfor- 


mation, as shown in Fig. 15. At sufficiently high 
magnification, the 5 precipitated inside the B grains 


rmed 3 min at 442°C. 
Y (light) separated from #’ (dark) by 6 peritectoid wall. 
Oblique illumination. Bichromate etch. X500. 
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Fig. 11—TTT diagram for the Cu-Sb peritectoid at 26.0 
wt pct Sb. 


Fig. 13—30.5 wt pet Sb-Cu quenched from 475°C. y (light) 
and 6’. Oblique illumination. Bichromate etch. X500. 
could be seen to be continuous with the 6 in the 
peritectoid wall. 

At 302°C, y, too, decomposed in a side transfor- 
mation before the transformation y + B > 6 was 
completed directly. Fig. 16 shows the pearlite-like 
decomposition of y observed. Due to the microscopic 
Similarity between the specimen of Fig. 16 and an 
all-y speciinen transformed under identical condi- 
tions, it was concluded that the observed ‘‘pearlite’’ 


Fig. 15—30.5 wt pet Sb-Cu transformed 80 min at 428°C. 
6 wall separating skeletal y (light) and’ (dark). Pearlitic 
precipitation of 6 from f. Oblique illumination. Bichro- 
mate etch. X500. 
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Fig. 16—30.5 wt pct Sb-Cu transformed 11 hr at 320°C. 
Pearlite nodule growing toward lower left in y. 6 
(uneven gray) at top and right. Oblique illumination. 
Bichromate etch. X2000. 


was the result of the eutectoidal decomposition of y, 
although the amount of ‘‘pearlite’’ was too small to 
permit identification of a@ on the diffractometer. 

The TTT diagram is shown in Fig. 17. 

D) The Cu-Sn peritectoid at 32.3 wt pct Sn—Fig. 
18° shows the Cu-Sn equilibrium diagram. In the 
case of the peritectoid transformation y+ € — 6, 
the equilibrium temperature is reported to be 
590+3°C.° The alloy used here analyzed® 32.33 
wt pct Sn, compared with the reported peritectoid 
composition of 32.3 wt pct Sn.° While the 6 and ¢ 
phases are retained to room temperature by a 
water-quench, the y phase decomposes in a manner 
which has not been satisfactorily explained. Thus, 
upon quenching a mixture of y and ¢ from 595°C, the 
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Fig. 18—Partial equilibrium diagram of the Cu-Sn system. 
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Fig. 17—TTT diagram for the Sb-Cu peritectoid at 30.5 
wt pct Sb. 
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resulting microstructure consists of ¢ in a matrix 
of decomposed-y, as shown in Fig. 19. 

The events accompanying the transformation 
y +€-— 6 were essentially the same at all transfor- 
mation temperatures. A peritectoid wall of 6 formed 
between the € grains and the y matrix, while the 
remaining y precipitated proeutectoid 6 along pre- 
ferred crystallographic planes. The last remaining y 
transformed eutectoidally, either at temperature or 
during the subsequent water-quench. This is most 
vividly shown upon transforming at 583°C, as shown 
in Fig. 20. The transformation was ultimately com- 
pleted at all temperatures by growth of 6 at the ex- 
pense of € and y or decomposed y Since it was im- 
possible to resolve the dark matrix formed at lower 
temperatures, it could not be established whether the 
matrix was y which had transformed at the holding 
temperature. or whether it had decomposed during 
the subsequent water-quench. Therefore, the TTT 
diagram, Fig. 21, refers to the dark-etching con- 
stituent merely as ‘‘quenched y’’. 

E) The Cu-Si peritectoid at 8.35 wt pct Si.— Fig. 
227 shows the Cu-Si equilibrium diagram. As seen 
here, the peritectoid transformation «+6 y has 
a reported equilibrium temperature of 730°C. The x 


Fig. 19—32.3 wt pct Sn-Cu quenched from 595°C. Elongated 
grains of ¢ in matrix of transition structure formed on 
quenching y. Bichromate etch. X75. : 
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Fig. 20—32.3 wt pet Sn-Cu transformed 15 sec at 583°C. 
Elongated grains of ¢ surrounded by 6 which is continuous 
with 6 precipitating from y matrix. (Dark transition struc- 
ture formed on quenching residual y.). Bichromate etch. 
X75. 


phase is easily retained to room temperature by a 
water-quench, long times of annealing being re- 
quired to show eutectoidal decomposition. The 6 
phase, on the other hand, is retained only with dif- 
ficulty by a water-quench, even in small specimens, 
a fact probably associated with the fact that 
Cu-saturated 6 need undergo little or no compo- 
sitional change to become Si-saturated y. The alloy 
employed contained 8.08 wt pct Si.® 

As in the case of the Cu-Sn peritectoid, the 
mechanism of transformation of the Cu-Si peritectoid 
was the same at all temperatures, as shown in Fig. 
23, the TTT diagram. Upon quenching to the 
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Fig. 22—Partial equilibrium diagram of the Cu-Si system. 
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Fig. 21—TTT diagram for the Cu-Sn peritectoid at 32.3 
wt pet Sn. 


isothermal holding temperature, the 6 was immedi- 
ately converted to y. The unchanged « then dissolved 
in the y matrix at a rate dependent upon the holding 
temperature, the minimum time for the disappear- 
ance of x being about 5 min and occurring between 
680° and 710°C. The appearance of the y matrix and 
the remaining «x is shown in Fig. 24. 

F) The Cu-Al peritectoid at 21.2 wt pct Al—The 
Cu-Al equilibrium diagram is reproduced in Fig. 25.” 
The peritectoid transformation yz + €2 ~ 6 shown 
herein is the result of the work of Hisatsune,’ who 
reported the horizontal on the basis of thermal analy- 
sis and electrical resistivity measurements, and who 
published photomicrographs demonstrating the co- 
existence of the y, and 5 phases. 

It was not found possible to confirm either the 
thermal analyses or the microscopic work of 
Hisatsune in the present work. Therefore, a diffusion 
couple was prepared by immersing a specimen con- 
taining 23.35 wt pct Al in a chloride-containing bath 
at 675°C for 24 hr and water-quenching from that 
temperature. Sufficient dealuminization occurred on 
the periphery of the specimen that the metallographic 
composition ranged from a #’-martensite rim to a 
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Fig. 23—TTT diagram for the Cu-Si peritectoid at 8.35 
wt pct Si. 
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Fig. 24—8.08 we pet § Si-Cu transfor ned 5 sec at 595°C. 

K (light) in y matrix. Bichromate etch. X250. 
core of eutectoidally decomposed €,, only a single 
intervening phase being visible. After reheating to 
520°C for 48 hr, the only changes observed were a 
tempering of the martensitic rim to a@ + y2 pearlite 
and a coarsening of the decomposed-e, core. It could 
be seen that one phase of the decomposed-e 2 core and 
the yz lamellae of the pearlitic rim were continuous 
with the same columnar grains in the intervening 
layer in some cases. Thus, it was concluded that 6 
may not exist as a separate phase, distinct from 

Y2, lending further credence to the work of Stockdale® 
and of Bradley, e¢ al.° It is obvious from the present 
work that further clarification of this portion of the 
Cu-Al diagram is necessary. Unfortunately, the 
preparation of diffusion couples by dealuminization 
resulted in specimens with some degree of porosity. 
The etchants, creeping into these pores, quickly dis- 
integrated the specimen, preventing the taking of 
satisfactory photomicrographs. 


CONCLUSION 


1) It is concluded that the peritectoid transforma- 
tion takes place ideally by the formation of a 
peritectoid wall of the low-temperature phase at the 
interface separating the high-temperature phases and 
the lateral growth of this wall at the expense of the 
high-temperature phases. It is not known how other 
factors such as crystallographic orientation affect 
the reaction rate. 

2) At temperatures sufficiently far removed from 
the equilibrium temperature, the mechanism of the 
peritectoid transformation is likely to be compli- 
cated by any of several side-transformations, making 
microscopic identification of a peritectoid transfor - 
mation difficult, if not impossible. 


A New Etchant for Zinc Alloys 
R. J. Gennone and E. C. Kersey 


MetTALLoGRAPHIC investigations of composites of 
zinc alloys and aluminum have been made to study the 
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Fig. 25—Partial equilibrium diagram of the Cu-Al system. 


3) Serious doubt is cast upon the existence of the 
peritectoid reported at 21.2 wt pct Al-Cu. 
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Technical Note 


effects of various thermal treatments on the zinc- 
alloy grain size and diffusion of zinc into the core 
material. The use of various alloys of zinc has neces- 
sitated the development of a universal etchant which 
will allow microscopic examination of the zinc grain 
size regardless of the composition. 
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Zinc 


Diffusion 
Band 


Aluminum 


Fig. 1—Composite of zinc and aluminum etched with 

15 pet HySO,-1 pet HF for 10 sec at 100°F. Magnification 
is X500 with bright field illumination. Reduced approxi- 
mately 35 pct for reproduction. 


Previous etchants used to reveal the grain size of 
zine were not satisfactory for use in diffusion studies. 
After etching with the CrO3-NazSO. solution and rins- 
ing in CrOs3, a second etchant of HNO3-HF must be 
used. Using this technique, three distinct etchants 
must be employed with undesirable staining usually 
resulting. To observe the zinc after etching with 
these solutions, microscopes with polarized light or 
sensitive tint illumination must be used. 

The H2zSO4-HF mixture is a simple one-step 
etchant which will reveal the zinc grain size for a 
variety of zinc alloys, the interface of zinc and 
aluminum and the depth of diffusion with bright field 
illumination. 

Previously, the procedure used in preparing a com- 
posite sample of zinc and aluminum has been one of 
repeated polishing and etching. During the final 
polishing, etching with CrOs-NazSO, and repolishing 
must be done in order to remove the relief between 
the zinc and aluminum. After final polishing, the 
composite must be etched in CrOs3—Naz2SO4 and rinsed 


Porosity in Formed Titanium 


Strain-induced porosity has been found to occur in titanium 
and other materials at tensile strains greater than the uniform 


Fig. 2—Zinc metal etched with 15 pct H,SO,-1 pet HF for 
10 sec at 100°F. Magnification is X250 with bright field 
illumination. Reduced approximately 20 pct for repro- 
duction. 


in a CrOs solution to reveal the zinc grain size. In 
order to reveal the diffusion depth into the core 
material and to reveal the interface a second etching 
in HNO3-HF must be used. 

With the new etchant the polishing of the composite 
is no problem since relief between the zinc and 
aluminum is removed during the etching. The 
polished composite is immersed in an aqueous of 
sulfuric and hydroflouric acid. The solution contains 
15 ml concentrated H2SO., 1 ml 48 pct HF and diluted 
with distilled water to 100 ml volume. Temperature 
may vary from 100° to 160°F. Time etching will vary 
with temperature of the etchant. Excellent results 
have been obtained with 10 sec at 100°F. After etch- 
ing, the composite is flushed in hot water and dried. 
Microscopic examinations are made with bright field 
illumination. Excellent results with sensitive tint 
illumination have also been obtained. 


x 


R. A. Wood 
D. N. Williams 


elongation of the material. Porosity in titanium increases with 


increasing strain and temperature, being most severe at 300° 


H. R. Ogden 


to 800°F. Strain-induced porosity is believed to be a normal 


part of the mechanism of deformation in ductile materials. 


Durtnc the past few years there have been numer- 
ous references to the occurrence of voids in labora- 
tory test specimens of metals subjected to strain.*~" 
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These voids have been referred to as intercrystalline 
cracking, strain-induced porosity, intergranular cav- 
itation, voids, and porosity. They appear to occur at 
grain boundaries or interfaces, and are generally as- 
sociated with large amounts of strain and have been 
found mostly in creep specimens and to a lesser ex- 
tent in tensile specimens. Because the phenomenon 
does not occur unless the material has been strained, 
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it will be designated in the following as strain-in- 
duced porosity. 

Recently, a defect in commercial-purity titanium 
sheet after forming was observed by personnel at the 
Columbus Division of North American Aviation, Inc.® 
The-defect was described as pitting on the sheet sur- 
face in areas exposed to high tensile strains during 
forming. Metallographic studies disclosed that pitting 
was the surface manifestation of internal porosity 
which extended quite deeply into the sheet. Labora- 
tory experiments reported by Bomberger® showed 
that strain-induced porosity could occur in unalloyed 
titanium. He found that in both bend and tensile sam- 
ples strain-induced porosity only developed just prior 
to visible fracturing. Bomberger indicated that the 
development of porosity was common in the fracture 
of most ductile metals. 

It seemed likely that the surface pitting observed in 
titanium after sheet forming was identical in origin to 
the porosity reported to develop in other metals dur- 
ing tensile or creep testing. The present study was 
undertaken to determine the cause of the phenomenon 
and how best to control surface pitting during the 
forming of titanium components. 


EXPERIMENTAL PROCEDURE 


Most of the experiments were conducted using 
three different lots of titanium (two of grade A-55 and 
one of grade A-70) supplied by North American Avia- 
tion, Inc. The hydrogen content of all three lots was 
within specification (less than 150 ppm), a fact which 
was substantiated by the lack of visible hydride par- 
ticles in the microstructure. Two of these lots (A and 
B, both A-55) exhibited considerable surface pitting 
during forming. Tensile properties of these three lots 
of titanium over the forming temperature range are 
shown in Fig.-1. Bend and tensile specimens were 
cut from each of the above lots of titanium and used 
to investigate the effects of amount of strain, strain 
rate, and temperature on the formation of strain-in- 
duced porosity. 

A number of tensile samples from previous in- 
vestigations were also used in this study. Metallo- 
graphic examination of the deformed areas near 
longitudinal sections of the fracture was the method 
of estimating porosity in these samples. 
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Samples were prepared for metallographic exami- 
nation by polishing with a slurry of aluminum oxide in 
water which contained about 3 pct chromic acid. 
Samples were examined in the as-polished and in the 
polished and etched (1.5HF, 3.5HNO;, balance H2O) 
conditions. 


RESULTS 


It was apparent that the porosity observed in fabri- 
cated titanium parts, tensile samples, and bend sam- 
ples was directly related to the amount and type of 
deformation of the material during forming. In all 
instances, the porosity was noted only in areas where 
tensile strains were involved, usually in the region of 
the necked-down area. The two most important fac- 
tors were forming temperature and amount of defor- 
mation or strain. Other factors which also appeared 
to influence porosity were strain rate, notches or 
state of stress, impurities in the metal, and alloy 
content. The influence of each of these factors on 
porosity is discussed separately. 


EFFECT OF TEMPERATURE 


The degree of porosity for a given amount of 
strain was found to be greatly dependent on the tem- 
perature at which deformation takes place. Gener- 
ally, the amount of porosity increased with increas- 
ing temperature to a maximum between 300° and 
800°F. At very low temperatures (-320°F), porosity. 
was greatly reduced. 

The photomicrographs shown in Fig. 2 are typical 
examples of strain-induced porosity developed in 
tensile samples tested at different temperatures at 
a strain rate of 0.01 per min. Practically all of the 
strain-induced porosity occurs near the fracture. 
However, in rare, inconsistent instances, some 
porosity was observed elsewhere throughout the re- 
duced sections. 

Bend specimens tested at temperatures between 
room temperature and 1000°F also showed the tem- 
perature dependence of porosity. The bend data 
summarized in Fig. 3 for lots A and B show that the 
amount of porosity for a given bend radius is ata 
maximum between 600°and 800° F, about the same 
temperature range found for the tensile samples. 
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212° F 


e) 570° F 


The tension surface of the bend samples, when 
examined at 1 to 50X magnification, showed pitting 
at the same bend radii that porosity was first ob- 
served in the cross section of the sample. This is 
understandable since the greatest strain in a bend 
sample is in the outer fibers. Also, it was observed 
that surface roughening (orange peeling) generally 
occurred as a prelude to pitting. 


EFFECT OF STRAIN 


Although the strain required to produce porosity 
varied greatly with deformation temperature, the 
severity of the porosity appeared to be directly re- 
lated to the amount that the sample had been 
strained. This is shown by the photomicrographs in 
Fig. 4 for titanium samples deformed by bending at 
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Fig. 2—Microstructures of the fracture region of com- 
mercial-purity titanium tensile samples tested at various 
temperatures. Etchant: 1.5HF, 3.5HNO3, balance H,O. 
X100. Reduced approximately 15 pct for reproduction. 


Test Uniform Reduction 

Temper- Elonga- in Area, 
No. ature, °F tion, Pct Pct 
a -100 9 33 
b 75 10 45 
c 212 13 50 
d 390 15 60 
e 570 14 70 


700°F. Porosity increased in severity and was 
present at an increasing distance from the tension 
surface with increased deformation. 

The critical amount of strain required to nucleate 
porosity may be related to the uniform elongation 
in tensile specimens. Tensile specimens which had 
been strained at 75°, 400°, and 800° F to maximum 
load (maximum uniform elongation) and at increas- 
ing increments of strain up to and including fracture 
were sectioned and examined metallographically for 
porosity. As shown in Fig. 5, only slight porosity 
occurred at maximum uniform elongation, and the 
porosity increased with increasing strain up to 
fracture for the samples tested at 800°F. 

Fig. 6 shows the effect of temperature on the uni- 
form elongation of the three lots of titanium used in 
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Fig. 3—Effect of temperature on the bend severity required 
to produce strain-induced porosity in titanium. 


this study. With the exception of two points, which 
appear anomalously high, the uniform elongation 
Stays about constant with increasing temperature up 
to about 600°F. This is consistent with the data re- 
ported by Holden e¢ al*° also shown in Fig. 6. Above 
600° F the uniform elongation decreases fairly 
rapidly. Superimposed on this plot is the curve for 
the minimum strain to cause porosity in bending. 
About the same amount of strain is required to cause 
porosity in bending as in tension at temperatures 
below 800°F. Above 800°F a greater amount of strain 
is required to cause porosity in bending than in ten- 
sion. 


EFFECT OF STRAIN RATE 


Although not investigated extensively, sufficient 
data were obtained to indicate that strain rate had an 
effect on the severity of porosity. Tensile samples of 
titanium tested at a slow strain rate (0.005 in. per 
min) had a greater amount of porosity near the frac- 
ture than samples tested at impact speeds (18.1 ft per 
sec). 


EFFECT OF NOTCHES 


The condition of triaxial state of stress appeared to 
favor the formation of strain-induced porosity. 
Several notched tensile specimens were examined in 
which the strain-induced porosity was found to occur 
most heavily at the root of the notch. The tendency 
for strain-induced porosity to concentrate under 
notches has also been observed for zirconium.” 

Additional evidence that a triaxial state of stress 
promotes porosity was observed in North American 
forming experiments. The end of the structural rib 
shown in Fig. 7 was formed under conditions of : 
triaxial state of stress, and many failures occurred 
at this point. Strain-induced porosity in this part was 
eliminated by redesigning the part to eliminate the 
triaxially deformed area. 
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EFFECT OF IMPURITIES 


Hydrogen, oxygen, nitrogen, carbon, and iron are 
common impurities in titanium. Since each of these 
impurities affects the mechanical properties of 
titanium, it was of interest to look into the effects of 
these impurities on porosity. 

A series of tensile specimens was examined which 
included iodide titanium and commercial-purity 
titanium with controlled hydrogen additions. Micro- 
structures of fractured tensile samples from this 
series are shown in Figs. 8 and 9. 

Porosity was evident even in low-hydrogen-content 
iodide titanium. The severity of the porosity in- 
creased with increasing hydrogen content in iodide 
titanium, comparing Fig. 8(a) with 8(6), and in com- 
mercial-purity titanium, comparing 9@) with 9(6). 
Also, increasing impurity content appeared to in- 
crease the severity of porosity, as can be seen by 
comparing iodide titanium, Fig. 8, with commercial- 


a) 4.6 T Bend 


b) 2.3 T Bend 


ce) 0.8 T Bend 


d) 0 T Bend 


Fig. 4—Microstructures of bend samples of commercial- 
purity titanium showing effect of increasing amount of 
strain on strain-induced porosity. Not etched. Cross 
section of bend specimens tested at 700° F. X100 Re- 
duced approximately 23 pct for reproduction. 
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‘a) Strained to maximum uniform elongation, 10 pct 6) Strained to 46 pct reduction in area 
reduction in area 


% 
e 
c) Strained to 58 pct reduction in area d) Strained to failure, 72 pet reduction in area 


Fig. 5—Effect of increasing amounts of strain in excess of maximum uniform elongation on porosity developed in com- 
mercial-purity titanium tensile specimens tested at 800° F. Not etched. X100. Reduced approximately 23 pct for repro- 
duction. 


purity titanium, Fig. 9. However, this difference Iodide titanium can exhibit extensive strain-in- 
might also be influenced by the grain-size variation duced porosity under suitable conditions. Impurities 
between the two materials. in titanium appeared to increase the severity of 

The effect of carbon in titanium was not studied in porosity whether in solid solution such as oxygen or 
detail. However, a Ti-8Mn alloy containing carbide nitrogen or present as impurity phases such as car- 
particles was examined. In the tensile specimens of bides or hydrides. However, if the impurity content 
this material, the strain-induced porosity was con- is great enough to cause brittle failures in tensile or 


fined to the interfaces between the carbide particles bend tests, strain-induced porosity does not show up. 
and the matrix. Most of the strain-induced porosity 
was found in the region adjacent to the tensile frac- ‘ 
tures, as shown in Fig. 10. 
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a fabricated com- 
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Temperature, F 
Fig. 6—Effect of temperature on the uniform elongation 
of three lots of titanium. Dotted line is minimum strain 


b) Cross-section view through de- 
in-outer fibers of bends to cause porosity. : 


formed area showing pitting. X100. 
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a) Hydrogen content 25 ppm, 85 pct reduction in area 


Fig. 8—Microstructures of the fracture region of iodide titanium at two hydrogen levels. Etchant: 1.5HF, 3.5HNO3, balance 
H,O. Tensile specimens tested at room temperature. X100. Reduced approximately 23 pet for reproduction. 


POROSITY IN TITANIUM ALLOYS had been tested in a manner to permit flow before 


The strain-induced porosity in the Ti-8Mn alloy pace: 
(mentioned previously) was confined to the boun- 


i EFFECT OF CHEMICAL 
daries between the carbide particles and the alloy gee AI 


matrix. In another a-8 alloy, Ti-2.5Mo-2.5Cr, Since all of the parts showing surface pitting at 
strain-induced porosity was observed at the a-f North American Aviation® had been given a chemical 
interface. As in unalloyed titanium, strain-induced pickle following forming, a possibility existed that 
porosity increased in severity with increasing test pitting was originating from chemical attack (prefer- 
temperature for this alloy. Also, increasing the tem- __ entially in strained areas) rather than during strain- 
perature resulted in increased strain-induced ing. Metallographic examination was not considered 


porosity in a Ti-7.5Mo-7.5Cr beta alloy. There was adequate to disprove this possibility since the etch- 
less strain-induced porosity in the 6 alloy thanin the polish technique necessary to avoid smearing in com- 


a-B alloy, however. mercial-purity titanium might also lead to pit forma- 
Strain-induced porosity was also observed in an tion. 

o@ alloy, Ti-5A1-2.5Sn, and in @ alloys having com- A tensile specimen strained to fracture at 800° F 

pound-forming additions, Ti-7Cu and Ti-4Al-7Cu. (26 pct elongation at fracture); a condition in which 


Strain-induced porosity in Ti-5Al-2.5Sn and Ti-7Cu strain-induced porosity was known to occur, was 
compositions is shown in Fig. 11. Generally, porosity ground to produce parallel surfaces and examined by 
was found in any titanium alloy which was ductile and radiography. The microradiograph shown in Fig. 12 
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a) Hydrogen content 25 ppm, 48 pct reduction in area b) Hydrogen content 425 ppm, 57 pct reduction in area 


Fig. 9—Microstructures of the fracture region of commercial-purity titanium at two hydrogen levels. Etchant: 1.5HF, 
3.5HNO3, balance H,O. Tensile specimens tested at room temperature. X100. Reduced approximately 23 pct for repro- 


duction. 
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b) Hydrogen content 425 ppm, 79 pct reduction in area 


‘a) Cross-section view of fracture of Ti-8Mn alloy tensile 
specimen. X100 


b) Detail of part of same field shown in (a). X500 


Fig. 10—Occurrence of strain-induced porosity in a Ti-8Mn alloy containing carbides. Etchant: 1.5HF, 3.5HNO3, balance 
H,O. Tensile specimen tested at room temperature. Reduced approximately 23 pct for reproduction. 


proves that the porosity observed by metallography, 
see Fig. 5, is not caused by chemical attack. Similar 
results were reported using microradiography to 
examine aluminum. ° 


DISCUSSION OF RESULTS 


It appears that the formation of internal voids dur- 
ing tensile testing and surface pits during bending are 
different examples of the same phenomenon, strain- 
induced porosity. The development of porosity is a 
normal part of the deformation process in titanium 
(and in other metals and alloys, also). As such, the 
amount of porosity is extremely sensitive to the 
amount of strain. No porosity appeared in titanium 
until strains of about the maximum uniform elonga- 
tion were reached, beyond which the amount of 
porosity increased with the amount of strain. It is 
probable that the formation of porosity requires a 
triaxial stress distribution. Thus, in the absence of 
local stress risers, strain-induced porosity does not 


a) Ti-5A1-2.5Sn. Not Etched 


Fig. 11—Occurrence of strain-induced porosity in titanium alloys 


Reduced approximately 23 pet for reproduction. 
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develop until necking starts (until maximum uniform 
elongation is exceeded). 

Temperature also appeared to affect the tendency 
toward the development of porosity. Porosity was 
most severe in both unalloyed and alloyed titanium 
at 300° to 800°F. Less porosity was observed both at 
lower and at higher temperatures. The tendency 
toward decreased porosity at lower temperatures has 
been observed previously.” 

Some alloys, such as brass* and zirconium, ap- 
pear to show strain-induced porosity only when an 
impurity phase is present. Presumably, this phase 
serves as a nucleating point for void formation. In 
titanium a number of factors appeared to be capable 
of nucleating voids, such as soluble impurities, in- 
clusions, a-8 interfaces, and grain boundaries. No 
titanium alloys were free from porosity except those 
which were so brittle that failure occurred without 
appreciable neck-down. 

Strain-rate effects similar to those reported for 
lead* were observed, with the tendency toward 


6) Ti-7Cu. Etchant: 1.5HF, 3.5HNOs;, balance H,O 


. Tensile specimens tested at room temperature. X100. 
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porosity formation increasing as the strain rate de- 
creased. 

The occurrence of surface pitting during forming 
indicates that the strain in the outer fibers of the 
formed part has exceeded a critical value, quite 
closely related to the maximum uniform elongation 
of the material. Since the uniform elongation may 
vary in different directions in a sheet, pitting may be 
highly localized, appearing, for example, in low- 
strain transverse bends, but being absent in high- 
strain longitudinal bends. 

The mechanism by which porosity forms in highly 
strained metals has been described in detail by Nield 
and Quarrell® and Chen and Machlin.” The formation 
of voids appears related to crack formation at brittle 
areas. In the present work, all of the effects of strain 
strain rate, and temperature on porosity discussed 
previously can be correlated with their effects on 
cracks formed in areas which are less ductile than 
the surrounding metal. A microcrack generally will 
form as a result of stresses normal to a brittle 
interface, grain boundary, or adjacent to an impurity 
or second phase. The microcrack will either propa- 
gate along the brittle interface, or, if the metal sur- 
rounding the brittle region is ductile, will open up and 
appear as a rounded void. This can be seen by ob- 
serving the behavior of a slit in a sheet of rubber 
when tensile stresses normal to the slit are applied. 
The slit opens up into a circular hole because the 
surrounding material elongates with no slit propaga- 
tion. 

There is a distinct similarity between the strain- 
induced porosity observed in this research and the 
formation of intercrystalline fissures and voids found 
in tertiary creep. A. H. Sully,** in summarizing ter- 
tiary creep and fracture, points out that segregation 
of vacant lattice sites at grain boundaries leads to 
the formation of microcracks which propagate along 
grain boundaries or interfaces. This mechanism 
depends on diffusion of vacancies to grain boundaries 
before brittle interfaces and microcracks are 
obtained. However, in the present study, it must be 
assumed that the brittle (or at least less ductile) 
areas are present and are not diffusion dependent. 
Porosity has been observed in specimens fractured 
at very low temperature and very high strain rates. 
However, the degree of porosity can be related to a 
diffusion mechanism, which would account for the 
greater degree of porosity at slow strain rates and 
elevated temperatures. The high degree of porosity 
observed in the temperature range of 300° to 800°F 
can be related to diffusion of impurities to grain 
boundaries or interfaces, which enhances the weak- 
ness of these areas. At lower temperatures, diffu- 
sion rates are too low, while at higher temperatures, 
they are too high to permit concentration of impur- 
ities in critical areas. 

Two approaches to the removal of the pitting 
problem are apparent. Either the material used in 
forming could be more closely controlled, or the 
forming procedure could be modified. Among the 
material properties which might be controlled to 
minimize pitting are purity, surface finish (to re- 
move surface notches), uniform elongation, direc- 
tionality, and grain size. This approach, with the 


? 
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Fig. 12—Micro- 
radiograph of an 
area near the frac- 
ture in a commer- 
cial-purity titanium 
tensile specimen 
tested at 800° F. X25. 
Reduced approxi- 
mately 21 pet for 
reproduction. 


possible exception of better control of directionality, 
would probably be of only moderate assistance. 
Factors in the forming process which might be con- 
trolled include strain rate, forming temperature, 
the use of intermediate anneals, and die design. 

As shown by aircraft shop experience, modifications 
in die design are probably most beneficial. Thus, 
triaxially strained regions should be avoided as 
much as possible, and the maximum strains im- 
posed during forming should not exceed the uniform 
elongation in the direction of straining. In border- 
line cases, the use of a lower forming temperature 
(400° to 500°F) and impact forming may also be 
beneficial. 
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Activation Energies for Creep of Single Aluminum 
Crystals Favorably Oriented for Cubic Slip 


Creep activation energies for single aluminum crystals favor- 
ably oriented for shear by (010) [101] glide were determined over 
the temperature vange from 78° to 900°K. Observations of slip 
bands on the specimen surface were made in conjunction with the 


investigation. 


From 78° to 780°K, the activation energies obtained in this 
investigation agreed closely with those previously found for creep 
by (111) [101] slip. Between 78° and 140°K, the activation energy 
was identified with the Peierls process, while between 260° and 


780°K the activation energy was close to that for cross-slip. The 


Y. A. Rocher 


coarse wavy slip bands nominally parallel to the (010) plane ob- 


served above 260°K were attributed to fine cross-slip. 

From 800° to 900°K, unusually high apparent activation energies 
ranging from 28,000 to 54,000 cal per mole were obtained. These 
apparent activation energies were attributed to recrystallization. 


As illustrated in Fig. 1, a recent investigation’ has 
shown that creep of aluminum single crystals by the 
(111) [101] mechanism is controlled by three unique 
processes, each of which is characterized by a single 
activation energy which is independent of the applied 
stress and the creep strain. A comparison of the ob- 
served activation energies with theoretically calcu- 
lated values permits a fairly clear identification of 
the three operative creep processes. Below 450°K, 
where the activation energy for creep is 3,400 cal 
per mole, the deformation is controlled by the 
Peierls process, the activation energy for creep 
agreeing well with that calculated by Seeger” for the 
energy required to nucleate the motion of a dislo- 
cation loop against the atomic forces of the lattice. 
Between 590° and 750°K, the observed activation 
energy for creep of about 28,000 cal per mole agrees 
well with the energy necessary to induce cross-slip. 
Seeger and Schoeck® estimate that the activation 


energy is about 24,000 cal per mole whereas Friedel? 


recently calculated this activation energy to be 
28,000 cal per mole. Above 800°K the activation 
energy of 35,500 cal per mole that was observed for 
creep agrees well with that estimated for self-dif- 
fusion in aluminum.” In this range the operative 
rate-controlling slip process has been clearly iden- 
tified as that arising from the climb of edge dislo- 
cations. 

The objective of this investigation is to ascertain 
whether a single crystal of aluminum favorably 
oriented for simple shear in the [101] direction on 
the (010) plane might exhibit uniquely different ac- 
tivation energies for creep from those obtained 
previously for (111) [101] slip. Whereas the exis- 
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tence of such unique activation energies would con- 
stitute incontrovertable evidence for new mechan- 
isms of slip, the absence of any new activation 
energies might suggest that slip of aluminum is con- 
fined to the (111) [101] mechanism. Several factors 
prompted the selection of the (010) [101] orientation 
for study. First, there are more reported observa- 
tions of (010) [101 slip than of any other nonoctahe- 
dral mechanism.*~°Secondly, Chalmers and Martius” 
have concluded from considerations of the energies 
of dislocations that (010) slip is the second most 
favored mechanism in face-centered-cubic metals. 
Finally, favorable orientations for simple shear by 
the (010) [101] mechanism provide the least favored 
orientation for slip by the (111) [101] mechanism. 


EXPERIMENTAL PROCEDURE 


The high-purity aluminum stock, specimen prepa- 
ration, shear fixture, extensometry, and experimental 
technique used in this investigation were the same as 
those previously reported.* Single-crystal spheres 
grown from the melt of 99.995 pct pure Al* were 


*The high-purity aluminum used in this investigation was graciously 
given by the Aluminum Company of America. 


oriented, carefully machined into dumbbell-shaped 
shear specimens, annealed, and chemically polished. 
The finished specimen had a central reduced section 
0.190 in. wide and 0.590 in. in diam and 1/4-in. grip 
sections at both sides, 0.690 in. in diameter. The 
specimen was oriented in the stainless steel grips of 
the shear fixture with the (010) plane perpendicular 
to the dumbbell axis and the [101] direction parallel 
to the stress axis within 2 deg. 

Creep activation energies were calculated in the 
previously described manner’ from determinations 
of the instantaneous change in shear strain rate pro- 
duced by an abrupt 15 to 20 deg increase or decrease 
in test temperature. If y,, is the instantaneous strain 
rate at strain y and temperature T,, and y, the in- 
stantaneous rate at yand a5 
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40,000 


3Q,000 
Fig. 1—Activation energies for creep of = 
aluminum single crystals oriented for a eee 
(111) [101] slip. o 
o 
10,000 
(e) 100 200 300 400 500 600 700 800 900 1000 
= EXPERIMENTAL RESULTS 
Y e 1 
we = 7 [1] The test results on the observed activation energy 
- Se for creep are summarized in Table I where 7 is the 
resolved shear stress for (010) _[101]slip. Since the 
where Q is the activation energy for creep at the previous investigation on (111)[101] slip” had already 


mean temperature, T, defined by 


[2] 


Creep rates after the temperature change were 
graphically extrapolated back through the approxi- 
mately 3-min transient temperature interval to de- 
termine the rate at strain y at the instant of the 
change. 

Two constant temperature baths were used to 
change the temperatures below 800°K, and an air 
furnace was used at higher temperatures. The ac- 
curacy of the activation energies obtained in the in- 
vestigation is about +10 pct for values less than 
10,000 cal per mole, and +5 pct for the higher values. 


confirmed that the observed activation energy was 
insensitive to the applied stress and the creep strain 
at which it was measured, these issues were not 
elaborated upon in this study. 

The observed activation energies for creep on 
single crystals favorably oriented for (010) [101] 
slip are compared with the previously obtained values 
for creep of single crystals favorably oriented for 
(111) [101] slip’ and with the values previously re- 
ported for polycrystalline aluminum’ in Fig. 2. 


DISC USSION 


I. Activation Energies—A comparison of the acti- 
vation energies for creep of single aluminum crys- 
tals favorably oriented for (010) [101] slip with those 


Table | 
Creep 
Activation Mean 
Shear Shear Energy, Test 
Spec Stress, Strain, Temp, Y1 Y2 

No. T Psi y per Mole T °K Hr! Hr} Tack T2 °K 
18 2,100 0.0237 > 2,950 83.6 0.0008 0.0108 78 90 
18 2,300 0.0563 3,500 83.6 0.0012 0.0232 78 90 
24 1,700 0.0245 3,500 140.3 0.0121 0.0389 134.2 147 
24 1,900 0.0437 3,600 138.9 0.0137 0.0363 133.3 145 
15 1,300 0.0253 12,800 202.8 0.0065 0.0789 195 211 
15 1,500 0.0318 13,600 202.2 0.0067 — 0.0842 195 210 

8 1,400 0.0054 10,500 199.1 0.0033 0.0126 194 204.5 

8 1,700 0.0300 11,000 198.7 0.0143 0.0553 194 203.7 
18s 1,540 0.0043 22,600 230.7 0.0030 0.0763 223 239 
13 1,730 0.0095 25,700 245.8 0.0034 0.0747 239 253 
13 1,730 0.0142 31,000 261.0 0.0025 0.1132 253 269.5 

6 1,100 0.0452 30,400 320.2 0.0700 0.1374 310.4 330.8 

9 780 0.010 32,000 394.4 0.0053 0.1211 380 410 

9 850 0.0495 29,500 394.4 0.0171 0.2842 380 410 

9 850 0.1026 29,100 394.4 0.2079 0.0126 410 380 

9 850 0.1153 29,700 394.4 0.0126 0.2210 380 410 

4 630 0.0683 30,000 443.9 0.0182 0.1289 431.4 457.2 

if 275 0.0270 27,800 481.4 0.0038 0.020 468 495.5 
11 110 0.1616 29,100 687.7 0.1450 0.40 671.4 704.8 

7 95 0.1924 31,700 692.9 ‘0.2089 0.40.67 682.6 703.5 
oa 60 0.0438 31,200 775.8 0.098 0.2174 758.8 789.4 
19 44 0.0776 50,000 819.8 0.1473 0.4132 806.5 833.5 
22 19 0.1880 48,000 823 0.2021 0.0974 834.3 813 
22 19 0.2143 46,000 824 0.0974 0.1974 813 835.3 
23* 19 0.076 53,000 860 0.1021 0.2084 851 871 
23* 12 0.137 54,000 880 0.0379 0.0778 871 891 
23* 12 0.155 38,000 900 0.0778 0.1252 891 911 
23* 12 0.296 43,000 900 0.1242 0.0732 911 891 


*Specimen (23) showed evidence of recrystallization after the test. 
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for polycrystalline aluminum and with single alumi- 
num crystals favorably oriented for (111) [101] slip 
provides the following interesting deductions: 

A) From 78° to 140°K—In this range of tempera- 
tures the activation energy for creep of single alumi- 
num crystals favorably oriented for (010) [101] slip 
is 3,400 cal per mole in agreement with the activa- 
tion energy for the Peierls process for creep of 
single aluminum crystals by the (111) [101] mechan- 
ism. Since, as shown by Chalmers and Martius,™ 
the Peierls energy for cubic slip should exceed that 
for octahedral slip, it is necessary to conclude that 
the (111) [101] mechanism of slip operates even 
under the most unfavorable conditions of orientation. 
This conclusion was completely verified by obser- 
vations on slip bands: Only fine duplex (111) and 
(111) slip was observed. 

B) From 260° to 780°K—Over this range, the ac- 
tivation energy of 30,000 cal per mole for creep of 
single aluminum crystals favorably oriented for (010) 
[101] slip agrees, within the experimental error, with 
the previously obtained value of 28,000 cal per mole 
for cross-slip in single aluminum crystals favorably 
oriented for (111) [101] slip. 

Since dislocations on the (010) planes are unex- 
tended they have higher energies than extended 
Schockley partials on the (111) planes. Consequently, 
cross-slip by the mechanism 


+ [112] (111) 


will take place almost spontaneously, without requir- 
ing thermal activation. Thus an a/2 [101] (010) dis- 
location in the screw orientation is unstable and 
would not exist under equilibrium conditions; if it 
could be produced under certain nonequilibrium con- 
ditions it must indeed have a very transient lifetime. 
Of course, segments containing edge components will 
remain on the (010) plane. 

On the other hand, there is a possibility of produc- 
ing an a/2 [101] (010) dislocation by the reverse of 
the above-mentioned process, namely by the reaction 
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[211] (111) + - [112] [101] (111) 


~ + [101] (010) 


The activation energy for this process is estimated 
to be only slightly higher than the energy required to 
accomplish the coalescence of the Shockley partials, 
as given by the first reaction of the sequence, the 
second reaction perhaps requiring only the Peierls 
energy to move the dislocation on the (010) plane. 

Similarly the reaction for (111) to (111) cross-slip 
is 


[811] (111) + [112] (111) [701] (111) 


~ (111) [112] (vi1)+ [211] (111) 
6 


Since the last reaction in the sequence occurs with a 
reduction in energy, it requires no thermal activa- 
tion, and the activation energy for (111) to (111) 
cross-slip is estimated to be only slightly greater 
than that required to accomplish the coalescence of 
the Shockley partials, as given by the first step of 
the reaction sequences, by the amount of the small 
Peierls energy for starting slip on the (111) cross- 
slip plane. Therefore the activation energy for (111) 
to (010) cross-slip is estimated to be only slightly 
greater than that for (111) to (111) cross-slip by the 
difference in the Peierls energies for the (010) and 
(111) planes. Similar arguments would also apply to 
other possible cross-slip planes providing the 
Peierls energy for motion of dislocations on these 
planes is low. 

These arguments are consistent with the experi- 
mental observations that the activation energy for 
cross-Slip when the crystal is favorably oriented 
for (010) slip is about the same as that for a crystal 
favorably oriented for (111) slip. 

C) From 140° to 260°K—Over this range the acti- 
vation energies for creep of single aluminum crys- 
tals favorably oriented for (010) [10 1] slip increases 
from 3,400 cal per mole to 30,000 cal per mole ina 
manner that roughly parallels that for the polycrys- 
talline aluminum. This same trend was observed in 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


single crystals of aluminum favorably oriented for 
(111) [101] slip when strained beyond about 0.20. At 
these strains the shear specimens undergo appreci- 
able bending which undoubtedly introduces Cottrell- 
Lomer barriers to the Peierls process and thus pro- 
motes introduction of cross-slip processes. Thus 
early introduction of Cottrell-Lomer barriers to 
(111) slip accounts very well for the lower tempera- 
tures at which the transition from the (111) Peierls 
process to the cross-slip process occurs in crys- 
tals favorably oriented for (010) [101] slip as com- 
pared with those for crystals favorably oriented for 
(111) [101] slip. 

D) Above 780°K—The increase in the activation 
energy for single crystals of aluminum favorably 
oriented for (111) [101] slip at about 780°K has been 
shown to result from the fact that recrystallization 
occurred. Consequently the activation energy ob- 
tained agreed with that for polycrystalline aluminum 
for all temperatures above about 790°K.* The maxi- 
mum activation energy of 35,500 cal per mole agrees 
with that for self-diffusion and has been shown to 
arise from the climb process. Single crystals favor- 
ably oriented for (010) [101] slip also exhibit a simi- 
lar increase in activation energy at the same tem- 
perature. But in this case the activation energy con- 
tinues to increase to a maximum value of about 
54,000 cal per mole at 870°K, above which the ac- 
tivation energy decreases toward the value of 
35,500 cal per mole for climb. Metallographic 
studies have shown that this increase in activation 
energy is also associated with recrystallization. 

The intrusion of the abnormally high activation 
energy of 54,000 cal per mole for crystals favorably 
oriented for (010) [101] slip might be rationalized in 
terms of orientation effects. If slip occurs only on 
the (111) planes the original orientation of the crys- 
tal is most unfavorable for slip. Consequently, the 
recrystallized grains are generally more favorably 
oriented for slip. Thus, as the temperature is in- 
creased to obtain the activation energy for creep, the 
rate of recrystallization under appropriate conditions 
also increases, producing more favorable orienta- 
tions for creep. Consequently, the abnormally high 
experimentally determined values for the activation 
energy for creep in the region of recrystallization 
are believed to be indicative of the effects of recrys- 
tallization on the creep rate rather than any true ac- 
tivation energy for creep itself. 

It is the authors’ concept that as recrystallization 
becomes more complete at the higher test tempera- 
tures the activation energy should begin to approxi- 
mate that for climb in harmony with the actual ob- 
servations. 

II) X-Ray and Metallographic Examination— 

A) Laue Asterism—A series of back-reflection Laue 
diffraction studies was made on the crept specimens 
with various orientations of the Laue beam to the 
crystal axes. The observed asterism revealed that 
dislocations were arrayed on not one, as would be 
expected for exclusively (010) slip, but on several 
planes. This technique, however, could not be used 
to identify the active slip planes. 

B) Etch Pitting—A series of crept specimens were 
sectioned along two intersecting crystallographic 
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Fig. 3—Sketch illustrating the various planes and direc- 
tions involved. 


faces and etched with La Combe and Beaujard’s 
etch® in an attempt to reveal the position of disloca- 
tions in the crystals. Approximately equal numbers 
of etch pits appeared on the (100) and (010) planes, 
indicating that the majority of dislocations threaded 
the (010).plane rather than lying parallel to it. By 
this technique, a number of dislocations were shown 
to lie in (111) planes. But since it was not possible to 
associate each etch pit on, e.g., a (100) face with a 
corresponding etch pit on the (010) face, the active 
slip plane for the majority of the dislocations could 
not be identified. This difficulty, of course, is ex- 
pected for duplex slip and more pronouncedly for 
cross-slip. 

C) Slip Bands—The most definitive information 
relative to the operative mechanisms of slip in 
single crystals favorably oriented for slip by the 
(010) [101] mechanism was obtained from metal- 
lographic observation of slip bands on the specimen 


surface. Octahedral slip lines appearing on the 


surface arose from the four (111) planes shown in 
Fig. 3. They can be discussed in terms of two pairs 
of slip planes. The first pair consists of the (111) 
and the (111) planes which contain the [101] direction 
of stressing, whereas the second pair consists of the 
(111) and the (111) planes, which do not contain the 
[101] direction. 

a) From 78° to 140°K—In this range prominent slip 
occurred on the (111) and (111) planes that contain the 
[101] direction. The traces were sharp and well-de- 
fined. A small amount of slip was also noted to have 
taken place on the (111) and (111) planes which might 
have arisen from slight misalignment of the testing 
fixture. No (010) slip bands could be detected. Con- 
sequently the metallographic evidence in this range 
is in complete harmony with deductions based on the 
activation energy that slip took place exclusively on 
(111) planes. 

This evidence is most striking in view of the fact 
that the (010) glide ellipses would have traversed the 
minimum section of the specimen whereas the (111) 
glide ellipses extended into the heavy grip sections 
of the specimen. Undoubtedly the extensive amount 
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PS 


of creep recovery that was noted upon unloading in 
this range was attributable to the reversed motion of 
arrays of piled up dislocations on the (111) planes 

in the grip section of the specimens. 

b) From 260° to 780°K—The most striking metal- 
lographic feature in this temperature range was the 
presence of wavy, ill-defined, and discontinuous 
traces of slip bands which roughly paralleled the 
(010) plane. This is in accord with the observations 
of previous investigators.” * ° Not one slip band was 
found which coincided exclusively with the trace of 
the (010) plane over the entire section of the crystal. 
Consequently, if any (010) slip occurs, it must result 
from cross-slip from (111) or (111) planes. This is 
consistent with the observation that the activation 
energy for creep in this region coincides with that 
for cross-slip from the (111) and (111) planes. 


CONCLUSIONS 


1) Creep activation energy determinations for 
aluminum single crystals oriented for shear by (010) 
[101] glide were made over the range from 78° to 
905°K. 

a) From 78° to 140°K, an activation energy of 
3,400 cal per mole was found in agreement with the 
Peierls energy for octahedral slip. Only (111) and 
(111) slip bands were noted. 

b) From 260° to 780°K, the activation energy was 
constant, averaging 30,000 cal per mole in good 
agreement with the 28,000 cal per mole value pre- 
viously found for (111) to (111) cross-slip. No 
clearly defined (010) slip bands were noted; wavy 


bands nominally parallel to the (010) traces sug- 

gested participation of (111) or (111) cross-slip. 

2) Above 800°K, an unusually high activation 
energy of a maximum of 54,000 cal per mole was ob- 
tained. This high activation energy was attributed to ~ 
recrystallization. 
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Observations on the Recrystallization of a 


Silicon-Iron Crystal in a Polygonized Matrix 


Observations were made on the recrystallization of a 70 pct 
cold-rolled silicon-iron crystal with an initial orientation of (113) 
[332]. Its polygonization and recrystallization characteristics 
were studied. Results indicated that recrystallization tendency of 
the deformed crystal is much weakened by the polygonization of 
the matrix. Complete recrystallization in such specimens is 
achieved by the growth of recrysiallized grains of sufficient size 
and of the right orientations in relation to the matrix. Evidence 
was also furnished which suggests that the difference in the re- 
crystallization tendency is a result of the difference in the 
severity of lattice bending rather than the difference in orienta- 


tion of the deformation texture. 


Dounyn and Koh” * have made an extensive study on 
the rolling and annealing textures in silicon-iron 
crystals. Their results indicated that the recrystal- 
lization tendency can be widely different in crystals 
with different orientations. A particularly interest- 
ing example of their results was a crystal with an 
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initial orientation of (113) [332], which developed a 
deformation texture of (001) [110] after 70 pct cold- 
rolling. Recrystallization in this crystal took long 
time anneals at high temperatures. Other crystals 
having different orientations recrystallized very 
rapidly. Wiener and Corcoran® have observed the re- 
tention of the (100) [011] deformation texture ina 
low-temperature annealed specimen of a commercial 
silicon-iron alloy, corresponding to areas of light- 
etching low-angle boundaries in the annealed struc- 
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ture. In a previous study on the cross-rolling and 
annealing textures in high-purity iron, * the differ- 
ence in the recrystallization tendency among de- 
formation texture components was also observed. It 
was found that upon annealing the (100) [011] main 
deformation texture largely polygonized,* while the 


*Polygonization and recrystallization are here to be distinguished 
in the following way: The formation of strain-free elements without 
considerable change in orientation is defined as polygonization: the 
formation of strain-free grains involving large amounts of reorientation, 
recrystallization. 


minor deformation texture components of the (111) 
[110] or (111) [112] - type orientations recrystallized 
rapidly into fine-grained aggregates. These obser- 
vations indicated that upon annealing a deformed 
sample, some parts of the material may recrystal- 
lize earlier than others, and complete recrystalliza- 
tion of the whole specimen may be eventually reached 
by prolonged annealing. But the mechanism of com- 
plete recrystallization in such specimens has never 
been studied closely. The present investigation was 
undertaken in an attempt to obtain direct evidence in 
connection with the mechanism of complete recrystal- 
lization in a polygonized matrix. A silicon-iron 
single crystal with an initial orientation of (113) [332] 
was selected, since it has the desired rolling texture 
and a very weak recrystallization tendency. Hence, 
the structural changes during complete recrystalli- 
zation can be closely followed. 


MATERIAL AND METHOD 


A high-grade commercial silicon-iron alloy was 
obtained in the form of hot-rolled band of 0.100 in. 
thick. The chemical analysis of the as-received 
material was: 3.00 pct Si, 0.06 pct Mn, 0.008pct C, and 


Fig. 1—Annealed at 800°C — 30 min. Macroetched with 
ferrous sulfate-sulfuric acid solution, 1/16 in wide of the 
four edges were removed and thickness reduced from 
0.010 in. to 0.006 in. by etching before annealing. Rolling 
direction vertical. X8. Reduced approximately 23 pct for 
reproduction. 
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etched in chromic- 
acetic acid solu- | : 
tion after the spec-| 
imen was carbu- } 
rized for 1 hr at 
750°C in a hydro- 
gen bubbling 
through n-Heptane 
atmosphere. 
X1000. Reduced 
approximately 23 
pet for reproduc- 
tion, 


Fig. 2—Polygo- 
nized matrix of 
Fig. 1. Electro- 


0.013 pct S. The band was hot-rolled after heating up 
to 1000°C toa thickness of 0.040 in., and was cut into 
5/8-in. wide strips of about 8 in. long. A seed crystal 
was reoriented to the (113) [332] orientation and al- 
lowed to grow in the strip following the technique 
used by Dunn and Nonken.° The grown crystal was 
found actually 2.5 deg from the (113) plane, and 2 deg 
from the [332] direction, as an error resulted from a 
slight nonflatness of the strip after critical stretch- 
ing. The crystal was then anriealed 4 hr at 1200°C, 
and was cold-rolled from 0.034 to 0.010 in. in a 5-in. 
diam rolling mill. Both sides of the crystal were 
lubricated with Vaseline during rolling. There was 
very little widening after this total reduction of 

70 pct. Specimens were carefully cut from the rolled 
crystal strip with a jeweler’s saw along the trans- 
verse direction. The sawed edges, as well as the 
strip edges, and the surfaces of the specimen were 
etched before annealing treatments. All annealings 
were done in a constant-temperature tube furnace 
with a purified hydrogen atmosphere. 


RESULTS AND DISCUSSION 


The texture developed in the cold-rolled crystal 
was so sharp that a normal back-reflection Laue 
photograph could be used for accurate orientation 
determination purpose. In confirmation of the results 
of Dunn and Koh,” the orientation of the as-rolled 
specimen was very close to (100) [011] with a devi- 
ation of 2 to 5 deg from the exact (100) [011] orien- 
tation from one edge of the rolled strip to the other 
edge. 

When normally etched specimens (i.e., about 1/16 
in. removed from the four edges and 0.002 in. thick 
from each of the rolling surfaces) were annealed, it 
was observed that recrystallization had always taken 
place quite extensively in the strip edge regions. 
This is shown in Fig. 1, which was taken of a speci- 
men annealed for 30 min at 800°C. The central por- 
tion of the specimen had mainly undergone polygoni- 
zation as evidenced by the retainment of its deforma- 
tion orientation and the presence of polygonized cells, 
Fig. 2. It was found necessary to carburize the speci- 
men before electrolytic etching in order to reveal the 
substructures and the dislocation etch-pits readily. 
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Fig. 3—Same specimen as of Fig. 1, taken from a spot near 
one large grain, before the specimen was carburized. 
X150. Reduced approximately 32 pct for reproduction. 


This indicates that the carbon content in the prepared 
crystal was probably too low, and confirms the find- 
ings of Suits and Low.° The average size of the 
polygonized cells as determined by the linear-inter- 
cept method was 3x 10°*cm. Within-the polygonized 
matrix, however, there were a number of very small 
and scattered recrystallized grains about 0.04 mm in 
diam, which were observable at a higher magnifica- 
tion, Fig. 3. These grains did not grow upon further 
annealing at even much higher temperatures. Instead, 
only some of the innermost grains formed in the edge 
regions grew to quite a large size at the expense of 
the-polygonized matrix. Figs. 4 and 5 show another 
two specimens which were etched differently before 
annealing, but heat-treated side by side in the fur- 


Fig. 4—Annealed first at 800°C —30 min then at 800°C — 

4 hrs, 850°C —1hr, 950°C — 1hr, 1000°C — 1hr, and finally 
1100° C—1hr. Specimen was etched only on the surfaces and at 
the saw-cut edges (top and bottom) before annealing. Elec- 
tro-polished and etched after each anneal for examination. 
Thermally etched in the final anneal at 1100°C. Boundaries 
after 1000°C anneal are seen. Two white areas near the top 
are stains. X9, Reduced approximately 37 pct for repro- 
duction. 
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nace at a series of increasing temperatures from 800° 
to 1100°C in six anneals. In Fig. 4, the specimen was 
etched only on the surfaces and on the saw-cut edges. 
The recrystallized grains formed within the strip- 
edge regions were fine and numerous. Among these 
grains, a number of the innermost ones had grown 
inwards to the half-width of the strip. But, as shown 
in Fig. 5, no such phenomenon was observed even 
after the final anneal of 1 hr at 1100°C, when 1/8 in. 
was removed from the strip-edges by etching prior 
to annealing treatments. The polygonized cells had 
grown to about 29 x 10-* cm after the final anneal of 

1 hr at 1100°C. 

The repeated polishing and etching for examination 
after each anneal cannot be blamed for having im- 
peded the growth of those very small grains formed 
away from the edge* regions of the specimen. Fig. 6 

*From hereon, “edge” will be used as referring to the strip-edge, 
not the saw-cut edge. 
is the photograph of another specimen, which was 
first annealed for 30 min at 800°C, and then annealed 
again directly at 1100°C for 2 hr. The entire matrix 
was absorbed by the grains grown from the edge re- 
gions. There were only a few grains formed at a dis- 
tance away from the edge regions that had grown ap- 
preciably. But they were much smaller compared 
with most of the grains grown from the edge regions. 
It seems apparent that most of those very small 
grains formed away from the edge regions must have 
stopped their growth as soon as the matrix was poly- 
gonized during the first anneal of 30 min at 800°C. 
They were then absorbed by the grains growing from 
the edge regions during subsequent anneals at higher 
temperatures. 

The orientations of twenty-four such large grains 
in two partially recrystallized and one completely re- 
crystallized specimens were determined by the back- 
reflection Laue method. Two of the three specimens 
are shown in Figs. 4 and 6. Since the matrix orienta- 
tions were determined from the unrecrystallized 
areas of the partially recrystallized specimens, a 
very accurate orientation relationship between the 
grains and the matrix could be obtained. Fig. 7 is the 
stereographic projection of the cube poles of these 


Fig. 5—Another 
specimen an- 
nealed side by 
side with the spec- 
imen of Fig. 4 
after 1/8 in. wide 
of the strip edges 
(left and right) 
were removed be- 
fore annealing. 
Macroetch. X8. 
Reduced approx- 
imately 23 pct 
for reproduction. 
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large grains, marked as block dots, and the {100} and 
{110} poles of the polygonized matrix, marked as open 
squares and lens-shaped figures respectively. Solid 
squares are the cube poles of the undeformed crystal. 
The orientations of these large grains show consider- 
able scatter, but that they tend to cluster in certain 
areas of the projection is obvious. In fact, they are 
all well related to the matrix orientation by rotations 
of from 20 to 40 deg around <110> axes.* This is very 

*Among the 24 grains, the occurrence of each one of the six {110} 
poles of the matrix as a rotation axis is as follows: Pole No. 1, one 
grain; pole No. 2, three grains; pole No. 3, five grains; pole No. 4, 
four grains; pole No. 5, three grains; and pole No. 6, eight grains. 
nicely shown in Fig. 8, where the axis of rotation was 
plotted at the center of projection. The open squares 
are the {100} poles of the matrix and the black dots, 
that of the recrystallized grains. The arrows indicate 
the direction of rotation with an amount of rotation of 
25 deg. In cases where the direction of rotation was 
reversed, the poles are indicated by open circles. 

All the above observations indicated that complete 
recrystallization was achieved by the growth of cer- 
tain grains formed in the edge regions. These grains 
have a unique orientation relationship with respect to 
the polygonized matrix, i.e., a rotation around an 
<100> axis of 20 to 40 deg. Simultaneous recrystal- 
lization in both the edge regions and the central por- 
tion of the specimen, however, can be obtained by 
rapidly heating the specimen directly at a high tem- 
perature. Fig. 9 shows the structure of another 
specimen, which was etched on the surfaces and the 
saw-cut edges only, and was directly heated toa 
temperature of 1100°C for 1 hr. Many of the grains 
grown entirely within the central portion of the 
specimen were quite large. The orientations of 
these central grains were found to be related to the 
(100) [011] matrix orientation in an exactly similar 
way as those grown from the edge regions in the 
other specimens, Fig. 10. 

The observed effect on the recrystallization be- 
havior of annealing directly at a high temperature 


Fig. 6—Annealed at 800°C —30 min. Then 1100°C —2 hr. 
Specimen similarly etched as that of Fig. 4 before an- 
nealing. Macroetch. X10. Reduced approximately 37 
pet for reproduction. 
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Fig. 7—Stereographic projection of the crystal orienta- 
tions. BH— (100) poles of the undeformed crystal. O, 

Q — (100) and (110) poles, respectively, of the polygon- 
ized matrix. @-—(100) poles of the large recrystallized 
grains. 


with a rapid heating rate may perhaps be explained 
as follows. Polygonization and recrystallization are 
two competitive processes in the softening of a metal 


Fig. 8—Stereographic projection showing the relative 
orientations of the large recrystallized grains and the 
polygonized matrix after the <110> axes of rotation 

of the matrix are plotted at the center of projection. 

The cube poles of the polygonized matrix are indicated 

by O, that of large recrystallized grains, @ and O. Arrows 
indicate the direction of rotation of 25 deg. Grains rela- 
ted to the matrix by rotations in the reversed direction 
are distinguished by O. 
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Fig. 9—Annealed directly at 1100°C —1 hr with a rapid 
heating rate. Specimen was etched only on the surfaces 
and the saw-cut edges (top and bottom) before annealing. 
Grains formed completely within the two vertical lines 
are numbered for identification. Macroetch. X8. Re- 
duced approximately 32 pct for reproduction. 


upon annealing.’ As soon as the matrix is polygonized, 
recrystallization tendency in the specimen is mucn 
reduced, because the driving force then available 

for nuclei growth is reduced to a much lower value. 
Consequently, the already formed recrystallized 
grains cannot continue to grow unless they are above 
a certain critical size, which depends upon the net 
free energy available for growth in the polygonized 
matrix. At a high temperature the growth rate of 
recrystallization nuclei is fast. Hence, by annealing 
the specimen directly at a high temperature with a 
rapid heating rate these nuclei probably can grow to 
above critical size before the matrix is polygonized. 
Thus, they can continue to grow after polygonization 
has taken place in the matrix. Machlin,® and Semmel 
and Machlin® have shown that the growth rate of a 
recrystallized grain is 


0 
m 


dT R}? 
where 2 is the radius of growing grain 


a 
Ag 


is the grain boundary mobility 

is the net free energy per unit volume 
for growth 

is the recrystallized grain boundary 


N,, is dislocation density within subgrains 
in the polygonized matrix 

N, is dislocation density in the recrystal- 
lized grains 

S; is subboundary surface area per unit 
volume 

o. is the subboundary surface energy per 
unit area 


The dislovation densities in a partially recrystal- 
lized specimen, as after the 800°C anneal, measured 
over a total of 45 sq cm at 1000X taken at random 
were: * 


*It is to be noted that these values correspond respectively to the 
dislocation densities of the primary and the secondary grains in a 


‘recrystallized polycrystalline Si-Fe alloy as reported by Dunn and 
1 


Koch. * 


Nm = 2.4 10" lines per sq cm for the polygonized 
matrix and, 

N, = 2.7x 10° lines per sq cm for the recrystal- 
lized grains. 
The subboundary energy was calculated by the equa- 
tion given by Read and Shockley*® 


6 
Om 


Taking E,, = 10° ergs per sqcm, 9, = 25°, and = 


2.5’ for the average angular misfit of the subboun- 


daries as given by Dunn ef a we have a specific 


subboundary surface energy, 


E, = 11.8 ergs per sq cm 


energy per unit area 
Thus, for growth the nuclei radius must be greater 
than a critical value of 


R. = 22 
c Ag 


In the present case, the net free energy per unit 
volume available for growth will be 


Ag=E(N,-N,) +S, 


where E 1 is the energy per unit length of disloca- 
tion in a random array 
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Fig. 10—Stereographic projection showing the relative 
orientations of the recrystallized grains formed entirely 
within the two vertical lines of the central portion of the 
specimen, Fig, 9, and the polygonized matrix. Numbers 
correspond to grains identified in Fig. 9. Same symbols 
are used as in Fig. 8, 
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With an average size of the polygonized domains as 
3 x10" cm, the total subboundary surface area per 
unit volume according to Smith and Guttman, “ will be 


f N 1 3 2 
S, 2 = 6.6 x 10° cm’, 
where N is the average number of intercepts of sub- 
boundaries in an average traverse length of L and 
V =1cm*. Using Dunn and Koch’s™ value of E, = 
14 x 10 *ergs per cm for the energy of a single edge 
dislocation, and a volume correction factor of 2, the 
critical radius of recrystallized grains for growth 
will be 


2 10° 


R= 
© 2(14 x (2.4 x 2.7 x 10°) +11.8 (6.6 x 10°) 


=0.015 cm, or 0.30 mm in diam. 


The average size of those very small recrystallized 
grains formed in the polygonized matrix is 0.04 mm 
in diam which is about eight times smaller than the 
calculated critical size. In spite of this discrepancy 
between experimental and theoretical values, it does 
explain well why those small grains could not grow. 
In the edge regions, as mentioned previously, it was 
found necessary to remove 1/8 in. of the material in 
order to prevent recrystallization entirely from tak- 
ing place. If we roughly assume that, at 1/8 in. from 
the extreme edges of the strip, recrystallization 
takes place predominantly on one side and polygoni- 
zation on the other, then the average diameter of 
the recrystallized grains just before their invasion 
into the polygonized matrix is about three times 
larger than the calculated critical diameter. See, 
é.g., Fig. 1. The average diameter of the growing 
grains at 1/16 in. from the specimen edges (as the 
specimen edges were etched off 1/16 in. before 
annealing) is about 1 mm. 

From the orientation studies of the present work 
showing that all successfully grown grains, regard- 
less of whether they were nucleated in the edge 
regions or in the central portion of the specimen, 
were related to the matrix orientation by <110> 
rotations of 20 to 40 deg, it appears that growth 


(2) (0) 


selectivity is still the final governing factor in the 
formation of an annealing texture. The critical size 
requirement defines whether a nucleus can or can- 
not grow from the driving energy considerations. 
But those nuclei that do grow successfully are the 
ones having the right orientation relationship with 
respect to the matrix. Such orientation dependence 
of the rate of growth was seemingly indicated in 
Figs. 9 and 10. For example, grains 4 and 9 are 
considerably smaller than others. Their orienta- 
tions are rather far off from the <110> rotational 
relationship as compared with other more success- 
fully grown ones, like grains 1 and 3. Furthermore, 
as growth rate is orientation dependent, a nucleus 
having the right orientation can grow to above a 
critical size earlier than others having less favor- 
able orientations. 

The causes of the marked difference in the re- 
crystallization tendency between the central portion 
and the edge regions of the specimen were explored 
by X-ray techniques. These transmission Laue 
photographs were taken from an as-rolled specimen 
after its thickness was reduced to 0.003 in. by 
repeated polishing and etching. Prolonged etching 
was avoided in order to keep the material near the 
edges from being excessively dissolved. In Fig. 11, 
B was taken at the center of the specimen, and A and 
C were taken as close to the two edges as possible. 
Both A and C show greater asterisms than B. This 
finding is in good agreement with the results of 
Burgers, Liu, and Tiedema,” who found that a de- 
formed aluminum crystal, which exhibits no pro- 
nounced asterism, polygonizes much more readily 
than those which show asterism. It is also to be 
noted from Fig. 11, that B and C have very similar 
orientations, but A has an obviously different one. 
In fact, A has an almost exact (100) [011] orientation, 
yet its recrystallization tendency is much stronger 
than B. These observations indicate that the differ- 
ence in the recrystallization tendency is a result of 
the difference in the severity of lattice bending 
rather than the difference in orientation of the de- 
formation texture. In this respect, evidence was also 


i issi f ith unfiltered Rh radiation, a) —near 
Fig. 11—X-ray transmission Laue photographs of the deformed crystal, taken wi é i 
ri left see does b) —at the center of the specimen, c) —near the right strip-edge. Rolling direction vertical. 
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obtained on a (100) [001] cube crystal, which has a 
similar (100) [011] deformation texture after 70 pct 
cold-rolling. This crystal, however, recrystallized 
rapidly at temperatures as low as 700°C. 


SUMMARY AND CONCLUSIONS 


1) Observations were made on the recrystalliza- 
tion of a 70 pct cold-rolled Si-Fe crystal with a (113) 
[332] initial orientation. The recrystallization ten- 
dency was found to be very weak in the central por- 
tion of the rolled crystal, where polygonization took 
place predominantly. While in the edge regions of the 
rolled strip, recrystallization proceeded very rapidly. 

2) In the polygonized matrix, recrystallization 
nuclei were not entirely absent. They appeared as a 
few very small grains, and remained so even upon 
subsequent annealings at higher temperatures, where- 
as many of the recrystallization grains formed in the 
edge regions grew to large size at the expense of the 
polygonized matrix. Simultaneous recrystallization 
in both the edge regions and the central portion of 
the specimen could be obtained by annealing directly 
at a high temperature with a rapid heating rate. An 
explanation was presented to interpret these facts, 
based on the driving energy for nuclei growth associ- 
ated with dislocations and subboundaries. 

3) The orientations of all successfully grown 
grains, regardless of whether they were nucleated 
in the central portion or in the edge regions of the 
specimen were found to be related to the polygonized 
matrix by <110> rotations of 20 to 40 deg. Qualita- 
tive indications of the orientation dependence of the 


rate of growth among the recrystallized grains were 
also noted. These facts suggest that selective growth 
is the final governing factor in the formation of an- 
nealing texture. 

4) X-ray evidence was furnished, which suggests 
that the difference in the recrystallization tendency is 
a result of the difference in the severity of lattice 
bending rather than the difference in orientation of 
the deformation texture. 
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An Investigation of the Effects of Variables 
on the Stored Energy of Cold Work 


The stored energy of cold work was investigated in drawn 
gold-silver wires by tin-solution calorimetry as a function of 
strain, strain rate, initial grain size, and temperature of de- 
formation. The energy expended in the deformation process 


was measured. Hardness was also measured and was corre- 


A. L. Titchener 


lated with the stored energy as a function of strain and strain 


vate. Mechanisms of energy storage are discussed. 


Tue variables which determine the amount of 
energy stored in a metal during cold work are of 
two kinds: those involving the metal and its con- 
dition and those involving the process of deforma- 
tion. For example, the stored energy differs be- 
tween one metal and another and between different 
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degrees of purity of a single metal. It also depends 
on the nature of the deformation process and par- 
ticularly the extent, rate, and temperature of 
deformation. 

Most investigators have reported the stored en- 
ergy as a function of strain (or some similar ge- 
ometric parameter) or of the energy expended 
during deformation. In general the stored energy 
increases with strain, rapidly at first, but more 
slowly at large strains until a saturation level is 
reached. Information about the effects of other 
variables, however, is limited. Some data are 
available on the dependence of the stored energy 
on the purity of a metal’ and on the composition of 
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solid-solution alloys.” * Grain size as a variable 
is only beginning to receive systematic attention. 

Concerning the effects of the rate of deformation, 

high strain rates have been found to lead to larger 
amounts of stored energy than low rates.°® 

The processes of deformation used in investigat- 
ing the stored energy include extension, compres- 
sion, torsion, wire drawing, rolling, filing, grinding, 
drilling, and orthogonal cutting. These processes 
clearly differ in strain and strain rate. The effect 
of the temperature of deformation on the amount of 
energy stored has also been investigated. In gold- 
Silver alloys the energy stored at -195°C was 
strikingly larger than that stored at room 
temperature.” °7 

In the earliest reported investigation of the 
stored energy the ratio of the stored to the total 
expended energy was determined.® Since then, 
many investigators have reported this ratio. In 
general, it is highest at small strains and de- 
creases rapidly with increasing strain. A problem 
yet unsolved is the value of the ratio at very small 
plastic strains. 

The investigation reported here was concerned 
with the effects of variables on the stored energy. 
These were the strain, the strain rate, the grain 
size before cold working, and the temperature of 
deformation. The saturation of a metal with 
stored energy and the ratio of the stored to the ex- 
pended energy were also investigated. Hardness 
measurements were made to correlate changes in 
the stored energy with changes in mechanical 
properties. 

Gold-silver alloys were used and the energy 
was measured by tin-solution calorimetry. The 
deformation process was wire drawing, which was 
chosen for the following reasons. The attainable 
strains are large and known, at least as mean 
values. The drawing speed can be controlled and 
varied over a wide range. Wire drawing produces 
a finished sample suitable for calorimetry. The 
energy expended in deformation can be measured. 
The process can be carried out under liquid nitro- 
gen. On the other hand, there are disadvantages 
associated with wire drawing. The strain is not 
uniform over the cross section of the wire and the 
strain rate is uniform neither over the cross section 
nor longitudinally through the die. Furthermore, 
reduction is not continuous, but takes place in steps 
through a sequence of dies. The total expended en- 
ergy includes the work against friction and the work 
of the shear done in the die (redundant work), neither 
of which can be readily determined. The frictional 
work does not contribute to the stored energy and 
may even tend to reduce it, while the redundant 
work contributes to the stored energy. 


EXPERIMENTAL PROCEDURES 


The alloys contained 82.6 +0.1 wt pct Au and 75.0 
+0.1 wt pet Au, balance silver. They were pur- 
chased in several batches from Handy and Harman 
Co., N.Y., as annealed rod, 7 in. diam. 

Calorimetry—The calorimetric method consists 
in measuring the heat effect associated with the 
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dissolution of a known weight of alloy in molten tin.” 
If annealed and cold-worked samples are added in 
succession from the same standard temperature, 
and suitable corrections are made for the change 

in the heat of solution with changing composition of 
the tin bath, the difference between the two heat ef- 
fects represents the difference in enthalpy, and, 

with negligible error, the difference in internal 
energy of the two samples, 7.e., the stored energy 

of cold work. 

In most experiments an ‘‘unknown’’ was run 
against annealed material, and annealed and un- 
known samples were added to the bath alternately. 
The nominal weight of samples was usually 4 or 5 g. 
In a few instances, two different ‘‘unknowns’’ were 
run against annealed material. 

The calorimeter was operated at temperatures 
close to 250°C. The temperatures from which the 
samples were added were —195°C for the 82.6Au- 
17.4Ag alloy and 0°C for the 75.0Au-25.0Ag alloy. 
These temperatures in conjunction with the bath 
temperature of 250°C produced the ‘‘thermal com- 
pensation’’® necessary for success in measuring 
the stored energy. 

The calorimeter was calibrated by adding a 
known weight of tin from 0°C. In early runs the 
calibration was made before addition of the alloy 
samples. In later runs the calibration was left 
until the end, so as to avoid disturbing the temper- 
ature of the tin bath. When the heat capacity of the 
calorimeter was measured both at the beginning and 
end of runs, the values agreed within the expected 
experimental error. 

The values of the stored energy obtained as the 
difference between the average heat effects of an- 
nealed and cold-worked samples are estimated to 
be accurate within 3 to 5 cal per g-atom. 

Wire Drawing at Room Temperature—Preparation 
of Annealed Samples-—The alloy rod was swaged 
from its initial diameter to 0.042 in. It was then 
drawn in a single pass to a final diameter of 
0.0359 in., cleaned with ethyl ether, cut into lengths 
of % to 72 in., and annealed at 550°C for 1 hr. After 
heat treatment and a second cleaning, the cut wire 
was stored at room temperature until required. 
Departures from this standard practice were oc- 
casionally necessary, particularly with respect to 
the final diameter, and will be mentioned later. 

Preparation of Cold-Worked Samples—The pro- 
cedure was similar to that used in preparing an- 
nealed samples. The operations were planned so 
that cold- worked wires had, as nearly as possible, 
the same dimensions as annealed wires used in the 
same calorimetric run; in general, these were 
0.0359 in. diam by 7% to 7 in. long. The ‘‘starting 
size,’’ that is the diameter of the wire at the start 
of a chosen program of cold work, was selected 
accordingly. 

The rod as received was swaged and drawn to the 
starting size, cleaned, and annealed at 550°C for 
1hr. This annealed wire was drawn at a pre- 
determined speed through a standardized sequence 
of dies to the final diameter of 0.0359 in. This se- 
quence is shown in Table I, together with the true 
strain produced in drawing from a given diameter 
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Tabie 1. Sequence of Dies and Resulting Strains 


Die Diam, True 
in. Strain? 

0.250> 3.88 
0.202 3.46 
0.170 3.11 
0.140 2.72 
0. 120 2.41 
0.100 2.05 
0.090 1.83 
0.0808 1.62 
0.071 1.36 
0.064 1.16 
0.055 
0.048 
0.043 0.36 
0.0403¢ 0.23 
0.03594 0.0 
0.032 
0.0285 
0.0254 - 
0.0226 - 


aWhen drawn from die diameter shown to 0.0359 in. diam. 
bDiameter of wire as received. 

©This die omitted in drawing at room temperature. 

dUsual final diameter. 

eFinal size of wire drawn from 0.250 to a strain of 4.81, 


to 0.0359 in. 

A tip was swaged on the wire to permit its entry 
into each die. The wire was lubricated with a me- 
dium grade of mineral oil. A multispeed straining 
head permitted a wide range of drawing speeds. 
Except in the investigation of the effects of strain 
rate, a speed of 5.92 in. per min (nominally 6 in. 
per min) was used. 

After the wire had passed through the final die, 
any material that had been part of a swaged or filed 
tip was discarded. Cleaning, cutting, and rinsing of 
the finished wire followed the procedure for an- 
nealed wire. As far as possible, cold-worked wires 
were used in calorimetric runs within 30 hr of their 
preparation. 

Departures from the above practice were some- 
times necessary. One departure was required in 
straining samples beyond 3.88. A strain of 4.81 
was obtained by cleaning, annealing, and tipping the 
rod as received and drawing it to a final diameter 
of 0.0226 in. (See Table I). 

Samples for Investigation of Effects of Grain 
Size—To determine the effect of initial grain size 
on the stored energy of cold work, samples differ- 
ing widely in grain size, but otherwise identical, 
were prepared. Fine-grained samples were made 
by annealing for 20 min or 1 hr at 550°C and coarse- 
grained samples by annealing 12 or 18 hr at 900°C; 
at a given temperature, differences in annealing 
time within these limits had little effect on the grain 
size. 

The grain size of the fine-grained wire was 
measured by making, under the microscope, axial 
and radial traverses 1 mm long, and counting the 
number of grain boundaries intersected. The grain 
size of the coarse-grained wire was of the order of 
the diameter of the wire. Axial traverses of about 
1 cm were made. Radial traverses were made 
right across the wire. 

Samples of coarse- and fine-grained wires were 
given identical drawing treatments. The stored 
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energies were compared directly by adding samples 
of both kinds in the same calorimetric run. 

Samples for Investigation of Effects of Strain 
Rate—Samples were prepared by the same proce- 
dure as that previously described, except that the 
drawing speed was varied from a nominal Yee in. 
per min to a nominal 1296 in. per min. At speeds 
above 6 in. per min the temperature of the wire 
rose appreciably, but no attempt was made to cool 
the wire or dies. 

Wire Drawing under Liquid Nitrogen—The meas- 
urement of the energy stored by a metal worked 
under liquid nitrogen posed a number of problems. 
The most important was that of preventing exposure 
of the material under investigation to temperatures 
above that of liquid nitrogen after plastic deforma- 
tion began. Further problems were introduced by 
the process of wire drawing, namely, producing 
suitable tips on the wires, changing from die to die 
under liquid nitrogen, and providing lubrication 
without fouling the surface of the wire for calor- 
imetry. These difficulties were overcome by the 
procedure described below. 

Annealed samples were prepared in the same way 
as those used in the investigation of wire drawing at 
room temperature. 

Preparation of Cold-Worked Samples—The initial 
operations of swaging, drawing to starting size, 
cleaning, and annealing were the same as those by 
which samples for drawing at room temperature 
were prepared. The wire of starting size was cut 
into three (sometimes four) predetermined equal 
lengths. Each length was such as to provide metal 
for one addition to the calorimeter plus the amount 
required for the necessary stepped tips as explained 
below. 

In order to allow the wire to be entered under 
liquid nitrogen into all dies of the sequence through 
which it was to be drawn, it had to have a set of 
stepped tips. For example, a wire to be drawn 
from 0.071 to 0.0359 in. diam was provided with 
four swaged tips of 0.035, 0.042, 0.050, and 0.062 
in. diam (see Table I). To accommodate die, die 
holder, and grips, a length of about 2 in. was re- 
quired for each step. These tips were formed at 
room temperature. 

In deformation at —195°C, once a wire was en- 
tered in the first of a sequence of dies and lowered 
into liquid nitrogen, it was lost to all normal manip- 
ulation. For this reason, the wire had to be given 
its final cleaning before immersion in liquid nitro- 
gen, and had to remain free of contaminants that 
would have affected the results of the calorimetry. 
Drawing a clean wire through a clean tungsten 
carbide die under liquid nitrogen led to partial 
seizure and the wire often broke. This difficulty 
was met by lubricating the wire with powdered 
graphite, reducing the drawing speed to 2.4 in. 
per min and introducing an additional die (0.0403 
in. diam) into the sequence. The graphite was ap- 
plied by rubbing it over the surface of the wire. An 
additional supply was provided by a graphite-im- 
pregnated felt pad clipped over the wire on the 
entrance side of the die. Most of the graphite was 
scraped off the wire by the die; after a typical 
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drawing operation the weight of graphite ona 
sample weighing 4 g amounted to about 0.0001 g. 
Two calorimetric runs were made to find the effect 
of the graphite film on the energy measurements. 
The results of one of these are shown in Fig. 1. 

It is apparent that the presence of the film had no 
detectable effect on the energy values. The results 
of the other run confirmed this. 

The arrangement of the apparatus used for draw- 
ing under liquid nitrogen is shown schematically in 
Fig. 2. Miniature wedge-type grips having a load 
capacity of 750 lb were built for this low-tempera- 
ture work. 

When the wire had been reduced to final size, the 
portion intended for addition to the calorimeter was 
cut into pieces about 7% in. long, washed in clean 
liquid nitrogen, and stored. From immersion as 
annealed wire at the beginning of the drawing opera 
tion until addition to the calorimeter, all samples 
were under liquid nitrogen. 

The weight of the offcut from each sample, sub- 
tracted from the initial weight of the annealed wire, 
gave the weight of the sample added to the calo- 
rimeter. 


Measurements of Drawing Load and Expended 
Energy—Drawing loads were measured by pulling 
samples through the appropriate dies at 6 in. per 
min. With the larger diameter wires, involving 
loads in excess of 350 lb, the measurements were 
made on a Baldwin hydraulic testing machine, 
Model S-10. In the range used the machine was 
accurate to approximately 2 pct. The rate of travel 
of the straining head could be set to the required 
speed. Wires of small diameter were drawn with 
the multispeed straining head and loads were 
measured with a Baldwin ‘‘SR-4’’ load cell, Type U, 
connected to a Baldwin ‘‘SR-4’’ strain indicator, 
Type L. Calibration up to 200 lb by means of dead 
weights indicated an accuracy within 1 pct. 

To calculate the expended energy per g-atom of 
alloy from the drawing loads, it was necessary to 
know the density of the alloy. One specimen of each 
composition was drawn through the 0.0359-in. diam 


Run No. 257 =| 
82.6 Au-|l74Ag 
{ep O With Graphite 
4 Clean Surface 
5 ad 
o 
O 4 8 12 16 20 24 


Mean Weight of Alloy in Bath (gq) 


Fig. 1—Typical results showing the inappreciable effect of 
graphite lubricant on the heat effect in the calorimeter. 


die, and a length of approximately 10 in. was cut off, 
cleaned, and weighed to 0.0001 g. The length was 
measured to the nearest sixty-fourth of an inch, and 
the diameter to 0.0001 in. The densities of the 
samples taken are, therefore, correct to within one 
quarter of one pct. 

Measurements of Hardness—Hardness measure- 
ments were made on samples of both compositions 
and representing all strains investigated in the 
calorimetric measurements. The hardness was 
also measured on specimens drawn to a strain of 
0.58 at speeds ranging from 7/6 to 1296 in. per min. 
The hardness of the annealed alloys was also 
measured. 

Samples were mounted on a steel plate with a 
cold-setting cement which had a low heat of 
setting. Specimens were polished to expose an ap- 
proximately diametral section, but were not etched. 

Measurements were made with a Wilson Tukon 
testing machine. The long diagonal of the Knoop 
indenter was parallel to the axes of the wires. Ten 
indentations (13 in annealed samples) were made at 
approximately equal intervals along the center of 
each specimen. The reported hardness values were 
obtained with a 100-g load. Measurements with a 
500-g load on samples covering all strain rates 
confirmed the trends observed with the 100-g load. 
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Fig. 2—Schematic arrangement of ap- 
paratus for wire drawing under liquid aa 
nitrogen. / 
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Fig. 3—Stored energy as a function of strain at room tem- 
perature. 


RESULTS 


Stored Energy as a Function of Strain—The energy 
stored by the 82.6Au-17.4Ag alloy drawn at room 
temperature was determined at seven strains in the 
range 0.35 to 4.82. The nominal drawing speed was 
6 in. per min. The energy stored by the 75.0Au- 
25.0Ag alloy was determined at four strains ranging 
from 0.58 to 3.65. The results are shown in Fig. 3. 

Wires of the 82.6Au-17.4Ag alloy were also drawn 
at a drawing speed of 2.4 in. per min under liquid 
nitrogen to strains ranging from 0.36 to 2.05. The 
results are shown in Fig. 4. 

Stored Energy as a Function of Strain Rate—The 
effect of drawing speed on the energy stored at 
room temperature was investigated in the 82.6Au- 
17.4Ag alloy. Drawing speeds were varied by a 
factor of almost 50,000; the strains were 0.58 and 
3.46. In Fig. 5 the stored energy is plotted against 
the nominal drawing speed on a logarithmic scale. 
The local strain rates in a wire passing through a 
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Fig. 4—Stored energy as a function of strain in 82.6Au- 
17.4Ag alloy drawn at —195°C. 
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Fig. 5—Effect of drawing speed on energy stored in 82.6Au- 
17.4Ag alloy at room temperature. 


die are unknown, but they are approximately linear 
functions of the drawing speed (see Appendix, 
Section 1). 

Fig. 6 shows the effects of drawing speed, and 
therefore of strain rate, on the energy stored in 
wires drawn at -195°C. Two results for the 
82.6Au-17.4Ag alloy drawn at 6 in. per min are 
plotted as a function of strain, and may be com- 
pared with the results obtained with a drawing 
speed of 2.4 in. per min. The figure also shows 
two points representing the energy stored ata 
strain of 0.62 with a drawing speed of 2.4 in. per 
min. These values were obtained from samples 
drawn from 0.055 to 0.0403 in. diam. Although the 
dies used were those of the standard sequence 
listed in Table I, the strain rate was less than that 
obtained in drawing at the same speed to a strain of 
0.62 and a finished size of 0.0359 in. diam (see 
Appendix, Section 1). 

Stored Energy as a Function of Initial Grain Size— 
Five calorimetric runs were made with the 82.6Au- 
17.4Ag alloy in order to determine the effect of the 
initial grain size on the energy stored. The average 
grain diameters were approximately 0.018 and 0.75 
mm in the fine- and coarse-grained samples, 
respectively. 

The first of the runs suggested that grain size 
might have a measurable effect on the stored en- 
ergy, but subsequent runs failed to bear this out, 
as shown in Table II, which reports the heat effects 
of each addition, corrected to infinite dilution. The 
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Table Il. Stored Energy in 82.6Au-17.4Aq Alloy as a 


Function of Initial Grain Size 


Table Ill. Expended Energy and Ratio of Stored to Expended Energy 
as a Function of Strain in Gold-Silver Alloys Drawn at 
Room Temperature 


True aft Heat Effect, AH, 
Run No Strain, © cal per g-atom Heat Treatment Nominal Drawing Speed 6 in. per min 
Fine- Coarse- Expended Stored 
Grained Grained True Energy, Ey, Energy, E, 100 
Strain, € Composition cal per g-atom cal per g-atom E,/E 
230 0.85 183* 159 Fine-grained: —— 
1 hr at 550°C 0.36 82.6Au-17.4Ag 290 11.9 4.10 
0.58 750 18.7 2.49 
168 163 0.85 1300 23.8 1.83 
Coarse-grained: 1.36 2140 25.9 
: 12 hr at 900°C 2.05 3820 27.0 0.71 
158 165 2.72 5390 27.8 0.52 
3.46 6660 28.5 0.43 
Ave. 163 162 4.81 9970 28.8 0.29 
0.58 75.0Au-25.0A: 820 26.6 3.24 
243 0.58 158 165 Fine-grained: 1.36 : : 2280 37.7 1.65 
20 min at 550°C 2.72 5580 40.0 0.72 
0.5 
134% 150 65 7440 40.2 4 
Coarse-grained: 
18 hr at 900°C Pe 
156 156 In addition to the expended energies, Table III 
presents the corresponding values of stored energy, 
161 154 &,, read from Fig. 3 and the percentage, 100 E,/E,,, 
of the expended energy that is stored. This quantity 
“Le is plotted as a function of strain in Fig. 7. A cor- 
responding plot against expended energy showed 
ue: similar curves. 
Relation of Hardness to Strain and Strain Rate— 
244 0.58 130 130 pee. The results of Knoop hardness measurements on 
eines samples of the 82.6Au-17.4Ag and 75.0Au-25.0Ag 
129 132 alloys are shown as a function of strain in Fig. 8. 
Coarse-grained The standard deviations of these values ranged 
oe re 18 hr at 900°C from +2.5 to +4.8 Knoop numbers. Fig. 9 shows 
the hardness of the 82.6Au-17.4Ag alloy asa 
a function of strain rate. The standard deviations 
116* a ranged from +1.8 to +3.0 Knoop numbers. 
Ave. 132 131 


*Value judged erroneous. Omitted in calculating the average. 


fifth run was rejected because of excessive scatter. 
It is evident that any difference that existed between 
the energies stored by fine- and coarse-grained 
wires was smaller than could be detected. 

Energy Expended in Wire Drawing—The Ratio of 
Stored to Expended Energy—The energy expended in 
drawing wires to various strains was measured with 
alloys of both compositions. Summaries of the 
values are presented in Table II. The energy, 5£,,, 
expended during the passage of a wire through a 
single die was calculated from the relation 


F 
= 


where 5E,, is the energy in cal per g-atom of wire, 
F the drawing load in lb, d the diameter of the die in 
in., and C a Coefficient having the values 0.0213 for 
82.6Au-17.4Ag and 0.0212 for 75.0Au-25.0Ag. A de- 
rivation of this relation is presented in Section 2 of 
the Appendix. The total energy, E,, , expended in 
reducing a wire from initial to final diameter is the 
sum of the individual values determined for each 
pass 


= 
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DISCUSSION 


Effect of Variables on the Stored Energy—In this 
section the results are discussed in terms of the 
functional dependence of the stored energy on the 
variables introduced in the working process. The 
next section will deal with the mechanisms of 
energy storage. 

Strain and Strain Rate: Saturation— An initial 
increase of the stored energy with strain was found 
in both alloys (Fig. 3). Similar increases have been 
reported in other investigations’"* * and undoubt- 
edly take place in all metals and alloys that can be 
cold worked appreciably. At large strains, the 
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Fig. 7—Ratio of stored to expended energy as a function of 
strain. 
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Fig. 8—Hardness as a function of strain at room tempera- 
ture. 


stored energy increases at a progressively lower 
rate, and finally approaches a saturation value. The 
existence of a saturation level of the stored energy 
was first demonstrated for copper by Taylor and 
Quinney”** in 1934. With gold-silver alloys a tend- 
ency toward saturation has been reported for the 
processes of rolling’” and orthogonal cutting.” 

The energy stored by the 82.6Au-17.4Ag alloy 
drawn at —195°C shows a dependence on strain 
qualitatively similar to that found at room. temper- 
ature (Fig. 4). The initial increase of energy is 
almost linear, but the values at a given strain are 
four to five times greater than those obtained after 
working at room temperature. The tendency toward 
saturation appears at larger strains and is more 
gradual. The value of the stored energy at satu- 
ration may be expected to be 180 to 200 cal per 
g-atom. This compares with a value of 206 cal 
per g-atom stored in chips of the same composi- 
tion formed by drilling at -195°C.” 

The dependence of the stored energy on strain 
rate has a bearing on the problem of saturation. 
This dependence follows the same pattern at both 
moderate (€ = 0.58) and high (€ = 3.46) strains 
(Fig. 5) and probably exists at all strains within 
the range investigated. The saturation level of the 
stored energy, therefore, is a function of strain 
rate. 

Fig. 10 is a composite plot showing the results 
obtained with the 75.0Au-25.0Ag alloy worked by 
wire drawing and by other processes.*2?)13;17 In 
this figure the curves for rolling and wire drawing 
have been plotted against shear strain according 
to the relations developed in Section 3 of the Ap- 
pendix. They are, therefore, comparable with the 
curve for orthogonal cutting. The results for 
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Fig. 9—Hardness as a function of drawing speed for 82.6Au- 
17.4Ag alloy drawn at room temperature. 


332—VOLUME 215, APRIL 1959 


Stored Energy (cal/g-a) 


If T T T 
Drilling - Greenfield & Bever (4) 


_ Filing - Averboch et als! ) 


Approx. Expected Maximum for Wire 
Drawing Drawing Speeds 


6 O;— 


Orthogonal Cutting - Bever, Marshall 
& Ticknor 


Wire Drawing (6in/min )- 
Present Investigation 


Rolling ~Bever & Ticknor 


| | | | 
0 2 4 6 8 


Shear Strain 


Fig. 10—Comparison of energies stored by a 75.0Au- 
25.0Ag alloy during different cold-working processes con- 
ducted at room temperature. 


drilling and filling are represented by dashed lines. 
In both of these processes the strains were unknown 
but were certainly large. The different processes 

clearly have different levels and rates of saturation. 

The processes fall into two distinct groups: 

1) Drilling, filing, and orthogonal cutting, in 
which the action is predominantly one of shearing, 
and the worked material is obtained as small chips 
having a large ratio of surface to volume. 

2) Rolling and wire drawing, in which the action 
is predominantly compressive; and the worked 
material is obtained as a massive sample having 
a small ratio of surface to volume. 

While it is not known whether the effect of shear 
on the stored energy differs from that of compres- 
sion, something can be said about the effect of the 
surface-to-volume ratio. Fig. 5 shows that at room 
temperature the stored energy decreases with the 
drawing speed at speeds above 216 in. per min. The 
temperature of the wire passing through dies at 
1296 in. per min was estimated to have risen to 
100° to 150°C. The rise in temperature differed 
from die to die. The lower values of the energy 
stored during drawing at high speeds are undoubt- 
edly related to the relatively high temperatures at- 
tained by the wire and its slow rate of cooling. The 
formation of chips, on the other hand, promotes 
cooling of the worked material, and for a given 
strain and strain rate, one may expect the stored 
energy to be higher in chips than in strip or wire. 

From the results obtained with the 82.6Au-17.4Ag 
alloy, it is estimated that the saturation level of the 
energy stored in the 75.0Au-25.0Ag alloy strained 
at 216 in. per min would be approximately 60 cal 
per g-atom, as indicated in Fig. 10. A combination 
of higher strain rate and faster cooling of the wire 
may be sufficient to raise the value of the energy 
stored in wire drawing to the level of that stored in 
drilling. As conventionally carried out, however, 
different working processes produce different sat- 
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uration levels of the stored energy. The conclusion 
can be drawn that these differences result, at least 
in part, from differences in strain rate, rise of 
temperature, and rate of cooling. 

The results obtained with wires drawn at -195°C 
show that the stored energy is sensitive to strain 
rate at this temperature also, as shown in Fig. 6. 
At a given strain appreciably less energy was 
stored when a drawing speed of 6 in. per min was 
used than when the drawing speed was 2.4 in. per 
min. Fig. 6 includes two points representing the 
effects of drawing at 2.4 in. per min to a strain of 
0.62 from an initial diameter of 0.055 to a final 
diameter of 0.0403 in., that is, of using a larger 
initial and final diameter than usual. The strain 
rate, even under ideal conditions, varies greatly 
through a die, but may be crudely approximated 
(see Appendix, Section 1) by the expression 


where € is the true normal strain in the direction 
of the wire axis, v the drawing speed, 2a the die 
angle, 7 the radius of the die at the exit, and ¢ the 
time. According to this expression, the strain rate 
is inversely proportional to the diameter of the die. 
For a given drawing speed and die angle and equal 
reductions per pass, the use of larger wire and dies 
to produce a given strain involves lower strain 
rates. Thus the increase in stored energy observed 
under these conditions is consistent with the de- 
crease observed with material drawn at 6 in. per 
min. At —195°C, then, the stored energy is a de- 
creasing function of strain rate at drawing speeds 
in the neighborhood of 2 to 6 in. per min. This de- 
crease is in contrast to the relation of stored en- 
ergy to strain rate at room temperature over the 
same range of drawing speeds. It will be dis- 
cussed further in the next section. 

The Ratio of Stored to Expended Energy— The 
ratio of the stored to the expended energy, when 
plotted against strain or expended energy, decreases 
continuously, Fig. 7. The curves are hyperbolic in 
form and asymptotic to the x-axis. This is a re- 
flection of the onset of saturation. Similar curves 
have been reported for other metals. Khotkevich 
et al.*® suggested that the ratio approached unity as 
the strain tended to zero. The present results are 
compatible with, but do not prove this contention. 

Temperature of Deformation— With the 82.6Au- 
17.4Ag alloy, the energy stored in wires drawn at 
-195°C was from four to five times greater than 
that stored in wires drawn to the same strain at 
room temperature. This behavior was similar to 
that observed by Leach e? al. with drillings of 
75.0Au-25.0Ag alloy,° and by Greenfield and Bever 
with chips formed by drilling gold-silver alloys 
ranging in composition from 99 to 45 pct Au.* 
Neither of these investigations, however, gave in- 
formation on the strain-dependence of the energy 
stored at —195°C. 

Grain Size—The difference between the energies 
stored in fine- and coarse-grained 82.6Au-17.4Ag 
alloy was less than the sensitivity of the calori- 
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metric method (Table II) that is, it was perhaps as 
small as 3 cal per g-atom and certainly less than 

5 cal per g-atom. By contrast results for copper 
have shown an appreciable dependence of the stored 
energy” on the grain size. 

Correlation of Hardness with Stored Energy— 
Comparison of Fig. 3 and Fig. 8 shows that stored 
energy and hardness increased in a generally paral- 
lel manner with increasing strain. The first attempt 
to relate the stored energy to mechanical properties 
was that of Taylor and Quinney, * who found that 
strain-hardening and the storage of energy ceased 
at about the same stage of the deformation process. 
The correlation of hardness or strength properties 
with the stored energy is approximate only. This 
question will be discussed from the standpoint of 
mechanism in the final section. 

Since the stored energy is, in part, related to the 
work hardening of a metal, the effect of strain rate 
on the stored energy (Fig. 5) is not unexpected. In 
general, the stress-strain curve is raised by in- 
creasing the rate of straining. The energy curves 
show a distinct change in slope at drawing speeds 
close to 6 in. per min, at which there is also a 
change in the curve of hardness vs drawing speed 
(Fig. 9). At slow and moderate drawing speeds the 
correlation is close, and the parallel changes of 
both properties are undoubtedly due to the depend- 
ence on strain rate of the substructural changes 
introduced by deformation. At drawing speeds 
above 216 in. per min the stored energy decreases, 
whereas hardness continues to rise. As already 
noted, the temperature of the wire when drawn at 
1296 in. per min probably lay between 100° and 
150°C. For the same alloy Greenfield and Bever’ 
reported some X-ray line sharpening after an- 
nealing for 1 hr at 195°C but stated that higher 
temperatures were necessary for recrystallization. 
The decrease in energy at the high strain rate evi- 
dently represents the results of recovery. 

Mechanisms of Energy Storage—Titchener and 
Bever™ have discussed the mechanisms by which 
energy may be stored in cold-worked metal. Ina 
face-centered-cubic alloy the energy may reside in: 

1) Elastically distorted regions 

2) Dislocations 

3) Point defects (especially vacancies) 

4) Stacking faults 

5) Twins 

6) Regions of reduced order 
Of these, elastic distortion, although always present, 
does not make more than a minor contribution. Va- 
cancies and stacking faults may produce small but 
appreciable increments in the stored energy, if 
they reach high densities. On a metallographically 
resolvable scale, twins do not sensibly increase the 
stored energy, but may do so if present as faults at 
densities comparable with those of stacking faults. 
The reduction of short-range order may also make 
a sizeable contribution. The major fraction of the 
stored energy, however, arises from the generation 
of dislocations during cold work. These may have 
various arrangements; in particular, they may form 
subgrain boundaries. 

In 75.0Au-25.0Ag filings prepared at room tem- 
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dt 


21,22 
perature, according to a recent interpretation™ ’ 


of values reported by Averbach et al.,*"” about 63 pct 
of the stored energy can be accounted for by the en- 
ergy of the boundaries of subgrains formed during 
deformation, about 32 pct is attributable to the de- 
struction of short-range order, and elastic strain 
energy amounts to about 5 pct. Averbach ef al. be- 
lieved the concentration of stacking faults to be low, 
and assumed that vacancies made no appreciable 
contribution to the stored energy. This partition of 
the stored energy may be accepted as a reasonable 
approximation for the 82.6Au-17.4Ag alloy heavily 
drawn at room temperature. 

Strain hardening arises primarily from the mul- 
tiplication of dislocations during deformation. This 
is reflected in the decreased size of subgrains. In- 
sofar as the energy of subgrain boundaries is the 
predominant factor in the stored energy, there will 
be a correlation between hardness and the stored 
energy. Defects such as vacancies, however, con- 
tribute little to the strength, but may raise the 
stored energy. The conjoint increase of stored en- 
ergy and hardness in room-temperature drawing at 
speeds ranging from 6 to 216 in. per min may be 
explained by the formation of high-energy configu- 
rations of dislocations, or by a reduction in the size 
of the subgrains. 

The contrast between the dependence of the stored 
energy on the strain rate at room temperature and 
at —195°C has already been noted. No contradiction 
is involved, since different mechanisms of energy 
storage are operative at the low temperature. Pre- 
sumably the smaller amount of energy stored at 
higher strain rates in the low-temperature drawing 
results from the disappearance of mobile defects 
such as vacancies or stacking faults. Defects of 
this type make no appreciable contribution to the 
energy stored in these alloys when they are drawn 
at room temperature. 

Greenfield and Bever*’ discussed possible ex- 
planations for the increase in the stored energy in 
gold-silver alloys when cold work was performed at 
-195°C. They pointed out that the role of vacancies 
was probably restricted to low temperatures.* The 
recovery of the electrical resistivity in gold worked 
below room temperature, which occurs in two dis- 
tinct stages, suggests the annealing of more than 
one type of lattice defect. The calorimetric experi- 
ments of Greenfield and Bever’ did not reveal such 
two-stage annealing, but the existence of two stages 
in the release of the stored energy could have re- 
mained undetected because annealing was not car- 
ried out at close temperature intervals. 

Wagner”™»** showed that copper and silver filed 
under liquid nitrogen contained a high density of 
stacking faults. Twins have also been observed in 
gold-silver alloys following their deformation at 
—195°C,””»** and Wagner has reported the presence 
of twin faults in filings of copper and silver formed 
at -195°C. It is likely that in gold-silver alloys 
worked at -195°C, both vacancies and stacking 
faults and perhaps twin faults were present in num- 
bers sufficient to make an appreciable contribution 
to the stored energy. Part of the increase, however, 
must be attributed to dislocations,’ present either in 
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greater numbers or in configurations of higher en- 
ergy, or both. 


SUMMARY AND CONCLUSIONS 


The stored energy of cold work has been meas- 
ured in drawn gold-silver wires as a function of 
several variables. The results have been compared 
with the results of other investigations of the energy 
stored in the same alloys. The results and conclu- 
sions are summarized as follows: 

1) In wires drawn at room temperature the stored 
energy increases with strain, and approaches a sat- 
uration value at large strains. 

2) In wires drawn at —195°C the stored energy 
shows a similar increase with strain, but at a given 
strain the amounts are four to five times greater 
than those stored at room temperature. There is 
probably a saturation value of the stored energy at 
—195°C also. 

3) In wires drawn at room temperature the en- 
ergy stored at a given strain is a function of the 
strain rate, and passes through a maximum. 

4) In wires drawn at —195°C the energy stored 
at a given strain is a decreasing function of strain 
rate in the range of drawing speeds investigated. 
The contrast in behavior at low temperature with 
that at room temperature is probably due to the 
contribution which relatively mobile defects such 
as vacancies and stacking faults make to the energy 
stored at —195°C. 

5) In wires drawn at room temperature the effect 
of the grain size of the annealed material on the 
stored energy was less than the experimental error, 
that is less than 3 to 5 cal per g-atom. 

6) The saturation level of the stored energy de- 
pends on the process of deformation. Part, at least, 
of this dependence is due to differences in strain 
rate, rise of temperature, and rate of cooling of the 
worked material. 

7) In deformation at room temperature, the ratio 
of the stored to the expended energy is a decreasing 
function of the strain and of the expended energy and 
tends toward zero at large values of the strain (and 
of the expended energy). The value of the ratio at 
very small strains is not known. 

8) There is a general correlation between the de- 
pendence of hardness and the dependence of stored 
energy on strain in deformation at room tempera- 
ture. The probable reason is that most of the stored 
energy arises from the generation of dislocations, 
which also accounts for strain hardening. 

9) In deformation at room temperature, the hard- 
ness, unlike the stored energy, does not pass through 
a maximum when plotted against strain rate, 
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APPENDIX 


1) Strain Rate in a Wire Passing through a Die— 
If it is assumed that the wire in the die is a frustum 
of a right circular cone, an infinitesimal movement, 


dx, through the die produces an axial strain, dé, in 
the wire 


where y¢ is the radius of the wire at any position 
through the die. The strain rate is therefore 


dé_2tana 
dt 


where 2a is the die angle. The volume of the wire 
remains constant, and the angle, a, may be taken as 
small. Consequently, to a first approximation 


where rv; is the radius of the finished wire and v its 
velocity at the exit. The maximum strain rate oc- 
curs at the exit of the die, and is given approxi- 
mately by 


2) Energy Expended in Wire Drawing—The work, 
w, done in drawing unit mass of wire through a die 
is 


4F 


W= 


where d is the diameter of the die, F the drawing 
load, and p the density of the wire. If F, d, and p 
are in cgs units, w is in ergs per g. The expended 
energy, 5F£, in cal per g-atom is therefore given by 


“ \nd?p/ \4.18 x 10" 


where M is the gram-atomic weight of the material. 


If F is in lb force and d in in., the expression 
becomes 


MF 
6 E,, = 0.00210 pd: 


The gram-atomic weights of the 82.6Au-17.4Ag and 
75.0Au-25.0Ag alloys are 172.4 and 163.4, respec- 
tively; their measured densities were 17.03 and 
16.15. Substitution of these values gives the ex- 
pressions used in calculating the total expended 
energies in Table II. 

3) Relation between Normal and Shear Strains at 
Large Plastic Strains—If the Prandtl-Reuss equa- 


tions for an increment of plastic strain, namely 


dr + 
2G 


where the notation follows that of Hill,” are 
adopted, and elastic strains are neglected, it can 
be readily shown that the Mohr circles for plastic 
strain are proportional to the Mohr circles for 
stress. Therefore, 


Y = — 


where y,, is the engineering shear strain, and has 
twice the vaiue of the ‘‘natural’’ shear strain, €,.. 

In rolling, the principal normal strains are €,,, 
€22 = —€43;, €33 = 0, and the maximum shear strain 
is therefore given by 


= 


In wire drawing the principal normal strains are 
€11) €92 = €33 = — Yo €,,- The maximum shear strain 


is therefore given by 


These two relations were used in converting the 
normal strains obtained in rolling” and wire draw- 
ing (Fig. 3) so that the stored energy could be 
plotted as a function of maximum shear strain 
(Fig. 10) and hence compared with the results ob- 
tained with orthogonal cutting. * 
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The Immiscibility Limits of Uranium 


with the Rare-Earth Metals 


The limits of miscibility in some of the uranium rare-earth 
alloy systems have been determined in the temperature vange 
1000° to 1250°C. The solubilities of lanthanum and cerium in 
uranium are greater than those of the remaining rare earths by 
a factor of more than two. The solubility of uranium ts greater 


in cerium, praseodymium, and neodymium than in the other rare- 
earth metals studied. The values found in this study are in qual- 
itative agreement with those which might be expected if the solu- 
bility rules of Hildebrand and Scott are applicable. 


As interest in nuclear reactors intensifies, many 
new types of fuels are being suggested in attempts 
to improve the economics of some of the proposed 
reactor schemes. To remove some of the difficul- 
ties inherent in the use of solid-fuel elements and 
their reprocessing, many types of liquid-metal re- 
actors have been suggested. One of the more attrac- 
tive features of several of these reactor concepts 

is that they include a continuous or semicontinuous 
process for the extraction of fission products and 
‘“‘bred’’ fissionable materials from the fuel, utilizing 
immiscible metal extractants. This would enable a 
much higher burn-up of fissionable material to be 
achieved and would present a very attractive eco- 
nomic picture. Several studies have been reported 
on equilibrium systems in which there exists a high 
degree of immiscibility between uranium and another 
metal that might be used as an extractant in such a 
processing scheme.’ Two of these systems in which 
a high degree of immiscibility exists are those of 
uranium with the two rare-earth metals, lanthanum, 
and cerium. 

Since the rare earths constitute a significant 
fraction of the fission products, their removal is of 
prime importance. It is reasonable to believe that 
this might be accomplished by equilibrating a rare- 
earth phase with the contaminated uranium fuel in 
the liquid state. In order to make a more complete 
study of those systems which would be of interest 
either as extractants in a liquid-liquid extraction 
process, or as fission products formed in the fuel, 
the alloy systems of uranium with lanthanum, ce- 
rium, praseodymium, neodymium, and samarium 
were studied in some detail in the temperature 
range 1000° to 1250°C; less detailed studies were 
made with the other rare earths. 

In addition to being of value to the reactor pro- 
gram, the data obtained in this study should be of 
help in making a study of the role played by the 
electronic structures of metals in determining the 
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nature of metallic solutions. The unique electronic 
structures of the rare-earth elements make them 
particularly interesting in this respect. 


EXPERIMENTAL 


The usual procedure for a solubility determination 
was to seal equal volumes of uranium and the partic- 
ular rare earth in a tantalum crucible under an at- 
mosphere of helium; this crucible was then sealed 
in a stainless steel jacket in an atmosphere of he- 
lium. These samples were equilibrated by repeated 
inverting of the crucibles in a furnace for 15 min at 
the desired temperature, left in an upright position 
for 15 min to permit separation of the two phases, 
and then quenched under a stream of water. In some 
runs the temperature of the furnace was held 50° to 
100°C above the desired quenching temperature 
while inverting in order to insure good mixing. 
However, it was found that above 1200°C the cru- 
cibles were subject to failure and for these runs the 
furnace temperature was not raised above the de- 
sired quenching temperature. A small amount of 
tantalum was dissolved in the uranium and the rare 
earths in these runs, a maximum of 3 wt pct in the 
uranium phase at 1250°C and up to 1 wt pct in the 
rare-earth phase at this temperature. On cooling, 
the major portion of this tantalum precipitated as 
primary tantalum crystals. Any residual tantalum 
would probably have a negligible effect on the mutual 
solubility of uranium and the rare earths in each 
other. Samples for analysis were cut from each 
phase with an abrasive cutting wheel; the region 
near the interface between the two metals was care- 
fully avoided. 

In the case of the rare earths with melting points 
above 1250°C no solubility data were taken on the 
rare-earth phase since this phase could not have 
achieved equilibrium in a reasonable length of time. 
(For the same reason no data were taken on the ura- 
nium phase below its melting point of 1132°C.) 
Equilibrium appeared to have been reached in the 
uranium phase in these cases although the rare- 
earth phase had not melted. To verify this, samples 
were melted together in an arc furnace similar to 
that described by Kroll.” These samples were sub- 
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Table I. The Solubility of Uranium in the Rare-Earth Metals in Wt Pct 


1050°C 


1100°C 150°C 1200°C 12256 1250°C 
La 0.422 0.579 0.585 0.684 0.823 0.787 1.022 
Ce 1°28 1* 2.407 2.484 2.888 3.608 3.006 3.599 
Pr 1.063* 1.189 1.555 1.506 1.987 1.746 2.028 
Nd 1.30 0.99 1.68 IES) 1.99 1.65 176 
Sm 0.76 0.76 0.76 1.0 1.35 1.35 1.10 
Eu 1.12 
Yb 0.180 0. 417 0.711 0.310 

*t = 1000°C. 


sequently sealed in tantalum crucibles and allowed 
to equilibrate at the desired temperature and then 
quenched. The agreement in analytical data from 
these two methods was very satisfactory. Metal- 
lographic examination of these samples showed no 
isolated, trapped areas of either phase in the other, 
which also indicated satisfactory equilibrium con- 
ditions between the two phases. Large differences 
in density between the two liquid layers undoubtedly 
prevented spurious mixing of these two phases, 
which is sometimes a problem in equilibrium studies 
of this type. 


RESULTS 


Analytical data were obtained by chemical and 
spectrographic methods developed at this labora- 
tory.” These results are tabulated in Tables I and 
II and are presented graphically in Fig. 1. The non- 
linear trends in the data are believed to be due to 
the limitations of the analytical methods used; the 
plots in Fig. 1 represent smoothed data. 

Metallographic studies were made on samples of 
the uranium-rich phases of uranium alloys with 
yttrium, cerium, and neodymium and on the yttrium- 
and neodymium-rich phases of these alloys. The dif- 
ficulty in etching the cerium-rich phase of these 
alloys prevented their study. 

In these studies, it was found that a eutectic existed 
in the U-rich phase of the U-Y alloy and monotectics 
existed in the U-Ce and U-Nd systems. No eutectic 
was found in the rare earth-rich phases. The remain- 
ing uranium-rare earth systems were not studied 
metallographically but all are believed to be similar 
to the above; that is, those rare-earth metals with 
melting points above 1132°C probably form a eutec- 
tic on the uranium-rich side similar to that found in 
the U-Y system, and those with a melting point be- 


Table II. The Solubility of the Rare-Earth Metals in 
Uranium in Wt Pct 


1150°C 1175°C 1200 °C 1250°C 
Y 0.086 0.12 0.14 0.11 
La 0.77 0.76 0.81 0.84 - 
Ce 1.16 1.25 1.15 10 1.50 
Pr 0.22 0.27 0.30 0.32 0.39 
Nd 0.14 0.16 0.18 0.12 0.19 
Sm 0.20 0.21 0.25 0.25 0.21 
Eu 0.21 
Gd 0.10 
Tb 0.32 
Dy 0.19 
Ho 0.05 
Er 0.18 
Tm 0.04 
Yb 0.22 0.13 0.22 
Lu -40 
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low 1132°C probably form a monotectic as in the 
U-Ce system. 

Cooling curves were run on a 0.7 wt pet Ce in U 
alloy. Thermal arrests indicated the monotectic 
temperature to be 1106°C. The y— £ transition was 
lowered to 752°C and the 6 — a transition was 
lowered to 636°C. The extrapolated solubility curve 
for this system indicates the monotectic composition 
to be approximately 1 wt pct Ce. 

The solid solubility of cerium in uranium at 
1106°C was determined by annealing and quenching 
studies. Samples containing 0.25 wt pct Ce and 
0.15 wt pct Ce were examined before and after an- 
nealing at 1100°C for 4 hr and quenching. Both 
alloys consisted of two phases before annealing. 
After the anneal the 0.15 wt pct Ce alloy was one 
phase while the 0.25 wt pct Ce alloy was still of two 
phases. The relative amount of the second phase in 
this alloy indicated the maximum solubility to be 
near 0.18 wt pct Ce. 


DISCUSSION 


The formation of a solution requires the introduc- 
tion of a foreign atom into the array of solvent 
atoms. Certain conditions must be satisfied to ac- 
complish this; among them are the following: 

1) The relative sizes of the solute and solvent 
atoms must be such that the solvent lattice will not 
be unduly strained by the presence of the foreign 
atom. This size criterion requires that for a sub- 
stitutional-type solution, the solute and solvent 
atoms be nearly the same size while for an inter- 
stitial-type solution the solute atoms must be much 
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W/o RARE EARTH IN URANIUM W/o URANIUM IN RARE EARTH 


Fig. 1—The mutual solubilities of uranium and the rare- 
earth metals. 
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Table Ill. Data Used for the Calculation of the Solubility 
Conditions between Uranium and the Rare-Earth Metals 


AH 


Vap’ 
Metal Mole 298 ° 298° x(6,—-5, )2 

Y (94)* 19.90 68.5 14,650 
La 92 22055 63.7 21,300 
Ce 91 20.70 66.1 17,550 
Pr 79 20.82 61.0 23,550 
Nd 69 20.60 57.6 27,900 
Sm (46) 19.95 47.6 40,750 
Eu 40 29.40 36.7 80,700 
Gd (72) 19.95 59.9 24, 150 
Tb (70) 19.25 60.0 24,300 
Dy 67 19.00 59.0 24,700 
Ho (67) 18.75 59.5 23,850 
Er (70) 18.45 61L5 21,350 
Tm 57 18.15 EEK 38,300 
Yb 40 24.85 39.8 64,500 
Lu 73 17.80 64:5 16,450 
U 120 98.5 ~ 


*Parentheses indicate estimated values. 


smaller in order to position themselves in the 
interstices of the solvent phase. 2) Sufficient en- 
ergy must be available to sever some of the metal- 
metal bonds in the solvent phase to allow the forma- 
tion of a vacancy which the solute atom may 
occupy. This energy is directly related to the 
energy of vaporization, that is, the energy required 
to remove a single atom from the pure metal. 

Hildebrand and Scott* have formulated a theory 
based on the above concept. Their development 
indicates that for complete liquid miscibility to 
occur the following relation must hold true: 


(V4 + Vp) (64 Og)? < 2RT, [1] 


where V, and V, are the atomic volumes of A and 
B, and 6, and 6p are the solubility parameters of 

A and B. The solubility parameter is defined as 
[(AH,, — RT)*/?/Viiq] where AH, is the heat of vapori- 
zation and V,;, is the molar volume of the liquid. 


Mott® has suggested a modification of Eq. [1] to 
include an electronegativity factor, Ep, to account 
for exceptions to this rule caused by tendency of the 
solute and solvent to form intermetallic compounds. 
This factor is defined as 


En = 23.060n (X4 - X,)° cal per mole, 

where n is the number of bonds formed between the 
two metals and X 4 and Xp are their respective 
electronegativity values as determined by Pauling 
and others.°~° 

Although the electronegativity values for the 
rare earths are not available, they should all be 
nearly the same; those that are known are nearly 
the same as for uranium. Since the quantity Ep in 
this case approaches zero, it is not likely to be a 
significant factor in determining the miscibility 
limits in these systems. For this reason the simple 
Hildebrand rule was used to calculate the conditions 
for miscibility in this study. 

It may be noted that the solubility parameters 
used to calculate these conditions, see Table II, 
were determined at 298°K. These values may be 
used at elevated temperatures without appreciable 
error Since the value of the solubility parameter for 
all metals will vary with temperature in nearly the 
same mamer, and the quantity (6, — 5,) will re- 
main constant. 

From the values in Table III it appears that a very 
high temperature would be necessary to achieve 
complete miscibility between uranium and the rare 
earths as the value of 2RT at the temperature of the 
experimental runs is approximately 6000 cal. It 
may be noted that the solubility values for some of 
the rare-earth metals do not fall in line with the 
calculated conditions of the simple Hildebrand rule; 
yttrium and lutetium are the worst offenders. These 
larger deviations may be due in part to the fact that 
yttrium is completely devoid of any 4f electrons, 
while in the case of lutetium, this shell is com- 
pletely filled. 
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Diffusion of Bismuth in Copper Grain Boundaries 


S. Yukawa and M. J. Sinott 


Tue low solubility of bismuth in copper and its 
segregation at copper grain boundaries with result- 
ing embrittlement is well known.*~* The heterogene- 
ous diffusion of liquid bismuth into polycrystalline 
copper has also been studied.* This work presents 
some further observations on these phenomena using 
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Technical Note 


high-resolution autoradiography to detect the pres- 
ence of bismuth in copper polycrystalline and bi- 
crystal specimens. The autoradiographs were made 
by the stripping film technique which produces an 
autoradiograph that is intact with specimen surface 
and can be examined simultaneously with the under- 
lying microstructure. The details of the technique 
have been described previously.° 

In one series of experiments, high-purity copper 
was alloyed with 0.02 to 0.03 wt pct radioactive 
bismuth obtained from the Oak Ridge National La- 
boratory. Melting and casting was done under a 
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Fig. 1—Stripping film autoradiograph showing distribution 
of Bi in relation to the microstructure of a partially 


recrystallized Cu-Bi alloy. X75. Reduced approximately 
23 pet for reproduction. 


purified argon atmosphere. Autoradiographs dis- 
closed the expected segregation of the bismuth at the 
grain boundaries but not always in the form of a 
continuous film. In some boundaries, a discontinuous 
film was present while in others it appeared to be 
_completely absent. In addition, a subgrain segre- 
gation of the bismuth within the cast grains was 
noted. 

Portions of the castings were cold-rolled and “re- 
crystallized” to determine whether bismuth would 
migrate to the newly formed boundaries. Fig. 1 is 
an autoradiograph of the resulting structure in an 
alloy with 0.02 pct bismuth; it shows a network of 
star-like clusters of a tracks produced by the decay 
of the radioactive bismuth. The specimen shown in 
Fig. 1 is only partially recrystallized and the sub- 
grain segregation of bismuth in the original cast 
grains is revealed by the autoradiographic pattern. 
The autoradiograph also indicates a lack of any 
marked migration of the bismuth to the new bound- 
aries of the recrystallized grains. 

In another series of experiments, the dependence 
on boundary angle of the penetration of liquid bismuth 
into grain boundaries was quantitatively determined 
by using copper bicrystals having common [100] 
axes. The bismuth was positioned over the boundary 
on a surface perpendicular to the [100] direction and 
“diffused” for 12 hr at 649°C. The boundary angles 
varied from 2 to 72 deg and no penetration of bis- 
muth was observed in boundaries of 2, 12, 15, and 
72 deg. The penetration in boundaries of 22, 25, 63, 
and 66 deg was less than 0.05 in. In boundaries with 
angles between 28 and 61 deg, the penetration ranged 
between 0.1 and 0.25 in. These results are based on 
conventional metallographic identification of the bis- 
muth in the boundaries but autoradiography showed 
that this may not be entirely reliable. Fig. 2, for 
example, shows a grain boundary which gave no 
metallographic indication of the presence of bismuth 
yet the autoradiographic evidence is conclusive. 

In the course of sectioning the bicrystal diffusion 
specimens, it was noted that some grain boundaries 
were embrittled and fractured easily. The fracturing 
behavior was examined qualitatively by bending the 
specimens across the plane of the grain boundary. 
The degree of embrittlement corresponded with the 
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Fig. 2—Autoradio- 
graphic evidence 
for presence of Bi : } 

in a grain boundary 
of Cu in a diffusion 
specimen, X500. 
Reduced approxi- 
mately 23 pct for 
reproduction, 


penetration measurements in that the boundaries with 
angles between 28 and 61 deg were very brittle and 
fractured easily and completely, while the 25, 63, 
66 deg boundaries cracked only at the specimen 
corners. Boundaries outside this range of angles 
were ductile and no amount of bending induced bound- 
ary cracking. Fig. 3 shows the fracturing behavior 
of some of these bicrystal specimens. 
Autoradiographs of the diffusion specimens also 
disclosed bismuth penetration into the boundary from 
the surface opposite to that at which it was positioned 
indicating transport through the vapor state. To 
confirm this, bicrystal specimens were heated at 
649°C in a hydrogen atmosphere in the presence of 
but not in contact with bismuth. Duplicate specimens 
were also heated in a hydrogen atmosphere without 
bismuth. Fracture tests showed a grain boundary 
angle dependent embrittlement in specimens heated 
in the presence of bismuth and no embrittlement in 
any of the specimens heated in the absence of 
bismuth. 


CONCLUSIONS 


The results show the importance of grain boundary 
angle in controlling the diffusion of bismuth in 
copper. Compared to the relatively simple bound- 
aries examined in this investigation, polycrystalline 


6=61° §=72° 


Fig. 3—Influence of grain boundary angle, ©, on em- 
brittlement of Cu bicrystals diffused with liquid bismuth 
as revealed by fracture behavior in bending tests. X1.5. 
Reduced approximately 23 pct for reproduction. 
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boundaries can have a higher degree of misfit and 
probably increased diffusion rates. The transport of 
bismuth through the vapor phase has been observed 
previously and the present work localizes the points 
of absorption and emphasizes a dependency on the 
degree of misfit at the grain boundaries. 
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Strengthening of Copper Alloys by Internal 


Oxidation 


The tensile properties of Cu-0.20 pct Al, Cu-0.45 pct Mg, 
Cu-0.27 pet Cr, and Cu-0.22 pct Be solid-solution alloys were 
studied at -196°, 18°, 250°, and 500°C on wires internally oxidized 
at 900° and 1000°C. Internal oxidation produced marked increases 
in yield strength relative to pure copper, particularly at low tem- 
perature. The yield strength decreased with increase in tempera- 
ture toa much greater extent than predicted by current theories of 
dispersion hardening. The strengthening effect of internal oxidation 


persisted throughout the entire stress-strain curve, but since a 
marked loss of ductility occurred at all test temperatures, only 
modest increases in tensile strength were realized. 


InrernaL oxidation involves the preferential oxi- 
dation of a baser solute in a relatively noble solvent 
by diffusion of oxygen into the solid. Since the proc- 
ess is diffusion controlled, it is expedient to carry it 
out at a high temperature often approaching the melt- 
ing point. The amount of solute is limited and the 
oxidation conditions adjusted so that oxygen diffuses 
inwards to meet the solute causing reaction to prog- 
ress inwards and form subscale instead of only sur- 
face scale. The reaction can be made to oceur 
throughout the thickness of thin material producing a 
fine dispersion of oxide inside the metal. 

C. S. Smith’~* appears to have been the first to 
recognize the true nature of the process of internal 
oxidation. Although extensive kinetic and metal- 
lographic studies followed by Rhines and. coworkers, 
Chaston” and Meijering and Druyvesteyn® working 
independently were the first to report hardening ef- 
fects due to internal oxidation. These results 
prompted detailed studies of the effects of internal 
oxidation on the hardness, tensile, creep, and fatigue 
properties of a number of alloys by G. C. Smith and 
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coworkers® “ in England, on hardness by Gottardi*® 
in Italy, and on hardness and tensile properties by 
Wood" in the U.S.A. Publications dealing with other 
aspects of internal oxidation will not be reviewed 
here. 

Internal oxidation of solutes having a high affinity 
for oxygen provides a means of obtaining very fine 
dispersions stable in a suitable atmosphere at tem- 
peratures well above those at which most age harden- 
ing precipitates coalesce. The process therefore 
offers a method of producing thin sheet and wire of 
possibly outstanding creep resistance. The size 
limitation might be overcome by internally oxi- 
dizing porous powder compacts made from alloy 
powder before final sintering. 


PREPARATION OF ALLOYS 


The alloy ingots, which were approximately 
5 1/2 in. long by 1 in. diam, were made up in a high- 
frequency furnace, using as raw materials OFHC 
copper, 99.99+pct Al, high-purity magnesium, and 
master alloys of Cu-4.19 pct Be and Cu-10 pet Cr. 
The alloys containing aluminum and magnesium were 
melted in closed high-purity graphite crucibles and 
solidified in the crucible which was lowered partly 
out of the coil to give a hot-top effect. The alloys 
containing beryllium and chromium were made by 
melting in vacuo in alumina-lined sillimanite cru- 
cibles. The magnesium, chromium, and beryllium 
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alloy ingots were inverted and remelted. Analyses 
of top and bottom samples showed that all the ingots 
were free from top-to-bottom segregation. Table I 
shows the average analyses. Spectrographic analysis 
of the aluminum alloy showed only traces of impur- 
ities present. 

All of the ingots were scalped and turned. The 
more ductile aluminum alloy was cold forged from 
the 1-in. diam ingot to 5/8 in. thick, cold-rolled to 
3/8 in. thick, cut into 3/8 in. strips, and cold drawn 
to 0.052 in. diam. The remaining alloys were hot 
forged (900°C) to 1/2 in. round, cold swaged to 
0.42 in. diam, turned to remove defects, and then 
cold swaged and drawn to 0.052-in. diam wires. 
Cold reductions per stage were kept just below 
90 pet to avoid preferred orientation, and inter- 
mediate anneals were made in an atmosphere of 
purified nitrogen. Some material of 0.28 in. diam 
was retained for hardness testpieces. 


INTERNAL OXIDATION 


Prior to internal oxidation all wire samples were 
annealed 1/2 hr in nitrogen at 1000°C and water 
quenched to stabilize the grain size during subse- 
quent oxidation at 900° or 1000°C. The formation of 
external scale during oxidation was avoided by pack- 
ing the wires in a mixture of equal parts of copper, 
cuprous oxide, and alumina powders inside a closed 
tube prior to heating in a tube-type resistance 
furnace. The copper-cuprous oxide mixture pro- 
vided a partial pressure of oxygen equal to- the dis- 
sociation pressure of cuprous oxide at the tempera- 
ture employed and the alumina powder prevented 
sintering of the copper powder to the wire. The 
times and temperatures of the various treatments 
were more than adequate to give oxidation through- 
out the thickness. The small hardness specimens 
of 0.28-in. diam rod were given the same oxidation 
treatments and tested on the external surface. 


TENSILE TESTING 


Wire samples were tested on a Hounsfield Type-K 
tensometer using a motor to carry out the straining 
at a constant rate corresponding to 0.013 in. per in. 
per min on a 2-in. gage length. Load elongation 
curves were recorded on the machine and converted 
to nominal stress-percent elongation curves cor- 
recting for the elastic deflection of the load measur- 
ing beam. The percentage elongation values reported 
were calculated from measurements made witha 
travelling microscope after fitting the fractured 
halves together in a jig and are probably accurate 
to +1 pet. 

For the room-temperature tests, the wire test- 
piece ends were tinned and soldered into clearance 
holes in the grips filled with Wood’s metal so that 


exactly 2-in. gage length remained between the grips. 


A stronger gripping arrangement proved necessary 
for the tests in liquid nitrogen and this was obtained 
by silver soldering 1/8-in. diam button heads drilled 
with a clearance hole onto the wire exactly 2 in. 
apart (+ 0.01 in.). The button heads rested on 
shoulders in the grips. Both the grips and the test- 
piece were immersed in liquid nitrogen. 
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For the high-temperature tensile tests stainless 
steel wedge-type grips were designed which gripped 
the wire right to the nose of the grip so that a 2-in. 
gage length could be precisely defined between the 
grips. The testpiece was heated in air by a miniature 
tube furnace and held at temperature for 10 min be- 
fore loading. Temperature uniformity and fluctuation 
were such that the temperature was within + 8°C of 
the required value. 

Using the gripping techniques described, no slip- 
ping in the grip was detected during testing. In the 
few cases where fracture occurred in the region of 
the grips, duplicate tests showed no difference in the 
stress-strain curves of these specimens and those 
that failed in the central portion of the gage length. 


EXPERIMENTAL RESULTS 


Nominal stress-strain curves were determined at 
— 196°, 18°, 250°, and 500°C on wire of each alloy 
oxidized at 900° and 1000°C, respectively. OFHC 
copper wire of the same diameter annealed at about 
550°C (grain diameter about 0.05 mm) was also 
tested at each temperature for comparison with the 
oxidized alloys which may be regarded as pure cop- 
per containing dispersed oxide particles. The aver- 
age grain sizes-of the oxidized wires were 0.1 mm 
diam in the alloy with aluminum, and between 0.3 to 
0.6 mm in the alloys with magnesium and chromium. 
The grain diameter was also between 0.3 and 0.6 mm 
in the alloy with beryllium when oxidized at 1000°C, 
and about 0.05 mm when oxidized at 900°C where 
there were some residual areas of fine grain size. 

Stress-strain curves selected from the duplicate 
tests made throughout are presented in Figs. 1 and 2: 
The effect of testing temperature on average values 
of the 0.5 pct yield strength, tensile strength, and 
elongation are shown in Figs. 3 to 7. 

Micrographic examination of etched sections in- 
dicated that all of the alloys were internally oxi- 
dized throughout and all showed evidence of pre- 
ferential formation of oxide at grain boundaries, 
there being chains of particles or pits along the 
boundaries. The particles or pits were tending to 
become continuous in the Cu-Be alloy. This alloy 
was brittle in all tensile tests and usually broke be- 
low the 0.5 pct yield strength. In such tests the 
nominal stress at fracture, which should really be 
called the tensile strength, has been plotted instead 
in Fig. 3 (arrowed points) as an approximate (i.e., 
rather low) yield-strength value. This is done be- 
cause, as we Shall see, the outstanding effect of the 
beryllium-oxide dispersion is on the stress re- 
quired to initiate plastic flow. 


Table |. Analyses of Alloys and Calculated Volume Percentages of 
Oxide Assuming Complete Oxidation of the Solute 


Oxide Expected 


on Internal Calculated 
Av Wt-Pct by Oxidation Vol Pct 
Solute Analysis Reference Oxide 
Al 0.20 Al,03 (k) 5 0.86 
Mg 0.45 MgO - 1.83 
Cr 0.27 Cr203 5 0.68 
Be 0.22 BeO - 1.83 
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Fig. 1—Effect of test temperature on the nominal stress- 
strain curve of internally oxidized Cu-0.20 pct Al alloy. 


Effect of Internal Oxidation on Stress-Strain Curve 
and Hardness—The most striking effect of internal 
oxidation was the considerable increase in the yield 
strength produced at all temperatures from —196° to 
500°C, Fig. 3; moreover, the strengthening effect 
persisted throughout the entire stress-strain curve, 
Figs. 1 and 2. Because oxidation invariably de- 
creased the elongation below that of pure copper, 
Figs. 6 and 7, this strengthening caused only a slight, 
if any, increase in tensile strength relative to pure 
copper, Figs. 4 and 5. The major cause of this loss 
in ductility appears to be the formation of oxide at 
grain boundaries. It is well known that fracture in 
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Fig. 3—Variation of 0.5 pct yield strength with test tem- 
perature for oxidized alloys. 
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Fig. 2—Effect of test temperature on the nominal stress- 

strain curves of internally oxidized Cu-0.45 pet Mg and 

Cu-0.27 pet Cr alloys. 


internally oxidized materials tends to be intergranu- 
lar,” while internally oxidized single crystals are 
relatively ductile.® 

Internal oxidation produced a marked increase in 
hardness over that of copper (40 to 42 Vpn) in all ex- 
cept the Cu-Al alloy, Table II; Cu-Be oxidized at 
900°C showed the biggest increase amounting to 80 
points Vickers. 

Effect of Oxidation Temperature—The effect of 
oxidation temperature on the stress-strain proper- 
ties, Figs. 1 to 7, was very slight in the case of 
Cu-Al except for rather better tensile strength at 
-—196°C after oxidation at the higher temperature of 
1000°C. In the Cu-Mg alloy, 900°C oxidation gave 
substantially higher yield strength and tensile 
strength than 1000°C oxidation at all test tempera- 
tures. In Cu-Cr alloy the effects were not consistent 
in direction. Cu-Be was somewhat stronger and also 
harder after oxidation at the lower temperature. 
With the possible exception of Cu-Cr, oxidation at 
900°C gave as good or slightly better ductility than 
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Fig. 4—Temperature dependence of average tensile 
strength for alloys oxidized at 900°C. 
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Fig. 5—Temperature dependence of average tensile 
strength for alloys oxidized at 1000°C. 


oxidation at 1000°C in all of the alloys, Figs. 6 and 7. 
Since the grain size was stabilized before oxidation 
by annealing at 1000°C, the differences should not be 
due to this cause. It would be expected from previous 
work*°~” that the lower oxidation temperature would 
yield smaller oxide particles and this would explain 
the above improvement in strength properties in the 
Cu-Mg and Cu-Be alloys. 

Effect of Test Temperature—Reduction in testing 
temperature progressively increased the work- 
hardening rate and percentage elongation of pure 
copper. The same trend was shown by the oxidized 
Cu-Al, Cu-Mg, and Cu-Cr alloys. The yield strength 
increased with decrease in temperature for all these 
alloys to a much greater extent than in pure copper. 
The yield strength curve for Cu-Be is very uncertain 
and may merely indicate that the tendency to brittle 
fracture increases with increase in testing tempera- 
ture. 

Comparison of Alloys—The yield strength, Fig. 3, 
or the flow stress at a given plastic strain, Figs. 1 
and 2, offer the best basis for comparing the alloys 
since these quantities, unlike the tensile strength and 
elongation, are not likely to be much affected by the 
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Fig. 6—Temperature dependence of average percentage 
elongation (on 2 in.) for alloys oxidized at 900°C. 
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Fig. 7—Temperature dependence of average percentage 
elongation (on 2 in.) for alloys oxidized at 1000°C. 
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presence of oxide particles along the grain bound- 
aries. Comparison can only be qualitative because 
the particle size and size distribution are unknown 
and will differ from alloy to alloy, the (calculated) 
volume percentage oxide varies, Table I, and the 
nature of the oxide varies. A few generalizations are 
possible. For any given test temperature from —196° 
to 250°C, the addition of any of the oxide dispersions 
to copper raises the yield strength, z.e., a greater 
stress is required to initiate plastic flow. The lower 
the temperature the greater the increase in yield 
strength. Beryllium oxide appears to be more effec- 
tive than magnesium oxide in equal volume percent- 
age (1.83 vol. pct). At —196°C the yield strength of 
pure copper was increased roughly five-fold by the 
presence of a beryllium oxide dispersion and roughly 
three-fold by aluminum or magnesium oxide disper- 
sions. Chromium oxide had a lesser effect. At 250°C 
the yield strength of copper was increased two- to 
three-fold by the addition of oxide dispersions of 
beryllium, magnesium, or aluminum. 


DISC USSION 


In interpreting the results obtained it is assumed 
that the oxidized alloys may be regarded as pure 
copper containing a dispersion of oxide particles. It 
may be argued that some alloying element may re- 
main in solution since the reaction between solute 
'R' and oxygen is a reversible one, v7z.: 


R(in solution) +O (in solution) = RO (precipitate) 


However, all four elements added have a very high 
affinity for oxygen and in addition the copper matrix 
is saturated with oxygen so that it is probable that 
the reaction proceeds essentially to completion and 
that any solution-hardening effect due to unreacted 
solute can be neglected under the conditions of these 


Table Il. Average Hardness of Internally Oxidized Alloys 


Average VPN (2% Kg) 


Oxidized at Oxidized at 
Alloy 900°C 1000°C 
0.2 pct Al 40 44 
0.45 pet Mg 83 77 
0.27 pet Cr 63 60 
0.22 pet Be 121 100 
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experiments. Support for this view is given by the 
fact that the yield strength curves, Fig. 3, show no 
tendency to a maximum in the 250°C region due to 
Cottrell locking as was observed” in similar tests on 
the unoxidized Mg, Be, and Cr alloys. 

Comparison was made in the present tests with 
OFHC copper so that it is here assumed that the ef- 
fects of oxygen in solution in the oxidized alloys can 
be neglected in comparison with the effects of the 
dispersion. This seems justifiable since the solu- 
bility of oxygen is small and it is readily apparent for 
example, in regard to the yield strength, Fig. 3, that 
although the amount of oxygen in the four oxidized 
alloys is no doubt similar, the yield strength varies 
greatly from alloy to alloy so that the effect of the 
dispersion is clearly the major one. 

The three current theories of dispersion hardening 
have been ably summarized and critically reviewed 
by Hart’® to whom reference should be made for de- 
tails. The Fisher, Hart, and Pry” theory is es- 
sentially a theory of incremental strain hardening 
due to dispersions. The Mott and Nabarro, eres and 
Orowan™ theories are essentially theories of the 
yield stress and calculate the stress required to 
move a dislocation line through metal containing 
dispersed particles of known spacing. Although the 
main object of these latter two theories is not to 
explain the effect of temperature, both incidentally 
predict that the yield stress should vary with tem- 
perature in the same way that the modulus varies, 
since this is the only temperature dependent | term in 
their equations for the yield stress. Koster*® reports 
values of the modulus of elasticity of copper over a 
wide range of temperature. The modulus decreased 
at 500°C to 0.75 of its value at —196°C for the alloys 
containing aluminum, magnesium, and chromium. 
Thus neither of the above theories adequately pre- 
dicts the marked temperature dependence of the yield 
strength. 

It may be that the key to the explanation of the 
temperature dependence of the yield strength lies in 
the details of the plastic deformation mechanism. 
Thomas and Nutting” in an electron microscopic 
study of the slip characteristics of aluminum alloys 
heat treated to produce various types of coherent and 
noncoherent precipitates have made the significant 
observation on Al-7 pct Mg that whereas on deform- 
ing at room temperature slip lines bend around the 


noncoherent 8 (Mgz2Als) particles, at -184°C they 
pass through the particles. This suggests that cross- 
slip becomes much more difficult at low tempera- 
ture. In presenting a possible detailed dislocation 
mechanism Hirsch” points out that cross-slip 
necessitates the partial dislocations coming together 
over a short length, which is a thermally activated 
process and therefore becomes more difficult as the 
temperature is reduced. In the present study where 
the oxide particles are probably noncoherent, this 
explanation appears to adequately account for the 
greater increase in yield strength at low temperature 
since the particles are probably hard and very re- 
sistant to slip. 
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Nonmetallic Dispersions in Cobalt 


The effect of oxide dispersions on mechanical properties 


of cobalt and cobalt-base powder-metallurgy alloys was in- 


vestigated. This study shows that oxide dispersions added to 


_ pure cobalt greatly improve the high-temperature creep re- 


sistance of the metal. Dispersions in powder-metallurgy cobalt 


alloys were much less effective. 


CoBaLt is extremely valuable as an alloy base for 
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certain high-temperature applications. Important 
examples may be found in the widespread use of cast 
and workable alloys in aircraft gas-turbine engines. 
With the increases in cobalt production in recent 
years, greater use may be made of cobalt-base 
alloys for high-temperature applications, provided 
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the increasing strength requirements of present-day 
use are met. An investigation was conducted with the 
primary purpose of determining the feasibility of 
creep-strengthening cobalt by the addition of non- 
metallic dispersions, a strengthening mechanism not 
commonly associated with as-cast or cast-and-fabri- 
cated materials. 

Dispersion strengthening may be defined as a 
process of strengthening an alloy by a fine insoluble 
phase dispersed through the matrix of the parent 
metal. The dispersed phase is believed to cause 
piling up of dislocations in the metal, thus increas- 
ing the extent of dislocation climb, the primary 
mechanism of creep at elevated temperature. The 
definition also includes precipitation hardening, but 
in this writing the term ‘‘dispersion strengthening”’ 
will refer only to nonmetallic dispersions mechani- 
cally induced. Such dispersions do not go into solu- 
tion at higher aging temperatures and so are not 
subject to overaging. The concept of dispersion 
strengthening originated with the SAP process 
(sintered aluminum powder) in which aluminum is 
strengthened by the presence of aluminum-oxide 
dispersions, first present as an oxide film on 
_ aluminum powder before processing to solid metal. 
This process was developed by Aluminum Industrie 
Aktiengesellschaft* in 1951. 

Since then, the principle of dispersion strengthen- 
ing has been applied successfully to copper, zinc, 
silver, lead, molybdenum, and nickel, but in most 
cases the dispersed phase is a refractory oxide 
added mechanically or formed by internal oxidation, 
and not necessarily the oxide of the matrix metal 
as in the SAP process. 

The experimental work presented here was con- 
ducted as two related studies; a) an investigation of 
dispersion strengthening in pure cobalt, and b) an 
investigation of dispersion strengthening in cobalt- 
base alloys. The investigations were conducted 
utilizing typical powder-metallurgy procedures, 
such as mixing, cold pressing, and sintering. In the 
basic study with pure cobalt as a base, alloys con- 
taining 0.1 to 10.0 vol pct Cr2Os, TiOz, ZrOz, and 
_ AlsOs were prepared and evaluated. In the second 


phase of the study, Co-20 Cr was used as a matrix 
material for oxide dispersions. An alloy with 
nominal composition of the Haynes alloy No. 25 
(L-605)? was also prepared by powder metallurgy 
and fabricated in such a manner as to disperse 
chromium oxide (originally present as an oxide 
film on metal powder) throughout the metal in a 


manner Somewhat analogous to the preparation of 
SAP. 


DISPERSION STRENGTHENING IN PURE COBALT 


Experimental Procedures—Materials—Powder- 
metallurgy techniques were used in the preparation 
of cobalt-oxide alloys as well as for pure cobalt for 
baseline data. The cobalt powder used was obtained 
from Charles Hardy, Inc. of New York City. The 
purity was reported as 99.7 to 99.8 wt pct Co plus 
0.1 pct Ni. The particle size was minus 325 mesh. 

The oxides used in making the dispersion-hardened 
alloys were TiOz, SiOz, AlzOs, ZrOz, and Cr2Os. Most 
of these powders were CP grade and were specified 
as minus 325 mesh. During the latter part of the 
study, however, the finest oxides that are offered 
commercially were used in alloy preparation. TiOz 
and SiOz powders, reported to have 0.01 and 0.02 uw 
average particle sizes, were obtained from the 
Godfrey L. Cabot, Inc., Cambridge, Mass. 

Preparation and Fabrication—The alloys were con- 
solidated by typical powder-metallurgy procedures 
Since they afforded a positive and efficient method of 
introducing the oxide dispersions. Intimate blending 
of metal powder and oxides was obtained by dry ball 
milling the charge in a rubber-lined container for a 
minimum of 7 hr. 

The alloy-blended powders were cold-pressed at 
10 tons per sq in. into 1/2 by 1/2 by 7-in. bars. The 
green densities of the cobalt and cobalt-oxide powder 
bars were about 50 to 55 pct of theoretical density. 

The best sintering results were obtained by placing 
the bars into a cold furnace, heating to 1300°C, hold- 
ing for 1 hr, and furnace cooling. All sintering was 
done under a tank hydrogen atmosphere. As-sintered 


densities were from 91 to 97 pct of theoretical 
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Table !. Mechanical Properties of Cobalt and Cobalt Alloys Containing Nonmetallic Dispersions 


500°C 
Creep 
Elevated-Temperature Proper- 
A Room-Temperature Tensile Properties Tensile Properties ee 
VETREC Offset Approx. © (250 Hr 
Alloy Yield Strength Elong,, Test Yield Elong,, at 12,000 
Composition, for Roll- Size, Uts, Pl, 0.1 Pct, 0.2 Pct, inlin., Ra, Temp., Uts, Strength, in lin. Ra, Psi), 
Vol Pet ing® Vhn Psi Psi Psi Psi Psi Psi Pct Pet Pct 
i 0 13:5) 16 200 70,600 28,900 - 25 3.59 
Cobalt Air 161 98,500 19,200 37,000 43,80 23100 75 
500 36,700 10,900 63 43 
600 24,700 9,350 15 i172 
700 15,700 6,330 8 8 
Cobalt H, 173 111,000 33,700 48,700 56,900 11.5 12 += 500 40,500 25,800 14 17 
Co-0.1 Cr,O, H, 287 107,800 29,800 500 46,500 25,800 42 46 0.39 
Co-0.5 Cr,O H 278 77,400 27,700 46, 
Cond Cr,0, Air 251 118,000 18,900 46,400 56,100 20.0 13 500 43,400 18,500 24 36 0.15 
Co-2.0 Cr, 0, Air 0.5 263 115,000 22,000 49,200 
Co-5.0 Cr,0, Air 0.5 230 106,500 22,100 51,200 , 400 59,300 28,800 26 37, 
500 43,800 10,000 20 - 
600 35,600 13,300 i) 4 
700 >23,400° - = 
Co-0.1 TiO? H, 224 76,950 26,500 48,100 56,600 3.0 5 500 37,200 23,400 14 16 0.50 
Co-0.2 TiO, H, 0.5 226 111,300 33,500 57,000 67,800 15.5 13 500 40,600 22,200 29 37 0.17 
Co-0.5 TiO, H, 220 56,200 29,600 47,700 54,900 2.0 6 
Co-1.0 TiO, Air gs 199 81,800 18,600 36,300 43,300 6.5 6 
Co-1.0 TiO, H, 237 86,700 29,400 49,700 60,000 3.0 4 
Co-2.0 TiO, Air 2.0 201 70,800 19,700 40,500 48,200 3.0 3 1.50 
Co-2.0 TiO, H, 1.0 243 86,800 31,700 51,000 61,000 She) 4 500 38,300 - 17 14 0.32 
Co-4.0 TiO, Hy 243 83,100 31,000 52,500 62,300 2.5 3 
Co-5.0 TiO, Air 2.5 181 68,700 15,800 43,900 51,000 Suey 5 500 37,600 12,100 39 19 0.79 
Co-5.0 TiO, H; 230 77,300 20,900 43,100 52,200 5.0 6 
Co-10.0 TiO, Air 4.0 189 65,500 20,400 44,600 52,200 5.0 - 
Co-0.1 SiO, H, 301 118,500 24,100 37,900 43,500 13:5 16 500 43,000 27,600 21 16 0.77 
Co-0.3 SiO, H, 224 69,300 20,600 43,000 52,000 2.0 6 500 32,300 22,600 8 14 
Co-0.5 SiO, H, 307 59,800 34,000 49,500 54,400 1.0 5 
Co-0.5 SiO, H, 307 117,000 23,800 37,800 43,700 11.0 12 
Co-1.0 SiO, H, 293 79,600 33,000 49,900 59,600 2.5 5 500 31,600 25,800 6 10 
Co-1.0 SiO, H, 293 115,000 28,400 45,500 53,000 8.0 12 
Co-1.7 SiO, H, 222 77,300 27,600 48,700 57,200 2.0 7 500 33,400 25,800 9 16 
Co-2.0 SiO, H, 294 115,000 40,000 63,800 69,600 7.0 11 
Co-2.0 SiO, H, 294 66,000 33,800 51,200 57,500 4.0 6 
Co-3.4 SiO, H, 236 94,500 30,600 47,500 54,600 7.0 10 500 39,200 26,200 11 18 
Co-5.0 SiO, Air <0.5-15® 197 81,900 23,200 42,500 48,700 3.5 4 
Co-5.0 SiO, Air <0.5-4® 234 94,500 23,000 42,700 50,700 8.0 10 
Co-6.7 SiO, H, 243 98,500 34,300 50,500 58,400 9.0 11 500 44,200 19,800 20 19 
Co-0.1 ZrO, H, 280 106,750 34,900 50,750 . 56,800 12.0 15 500 39,800 22,600 45 61 
Co-0.5 ZrO, H, 279 103,500 29,700 45,850 57,600 10.5 NS 
Co-1.0 ZrO, H, 284 108,500 27,100 45,700 53,500 10.5 15 500 42,500 27,800 37 44 1.07 
Co-3.0 ZrO, H, 277 70,700 29,400 48,200 55,800 2.0 7 
Co-5.0 ZrO, Air 196 95,800 — 27,600 51,800 60,200 SAS) 4 
Co-5.0 Al,O, Air 5 194 72,500 21,300 44,600 52,900 2.0 5 


All materials hot-rolled at 1000°C. 


Where size is not given, it is estimated as 4.0 or less by comparison with measured oxides. 


“Yield strength is approximated from time-load relationship. 
Specimen broke through shoulder. 


°Tensile grips failed. Value of ultimate tensile strength is maximum stress reached before grip failure occurred. 


Specimen broke in radius. 
®Range of oxide particle sizes given. 


density. Subsequent fabrication, however, resulted 
in essentially complete densification. 

Preliminary tests were made on pure cobalt to 
determine suitable rolling conditions. It was found 
that there was no appreciable difference in hardness 
or microstructure of rolled cobalt preheated in an 
air furnace at 1000°C or in a hydrogen furnace at 
1000°C; hence, all bars were rolled after preheating 
in air. Later in the work, however, it was found that 
rolling of cobalt and Co-5.0 TiOz powder bars from 
hydrogen furnaces at 1000°C resulted in increases of 
12.0 and 12.5 pct in the ultimate tensile strength over 
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the same materials previously rolled from air pre- 
heat furnaces, see Table I. Fabrication of bars pre- 
pared subsequently was made from hydrogen preheat 
furnaces. 

The bars were reduced 20 pct on the initial rolling 
pass followed by 10 pct reductions on successive 
passes. Final thickness of the as-rolled strip was 
approximately 0.060 in., representing about 85 pct 
total reduction. 

Mechanical Testing~The specimen used for ele- 
vated and room-temperature tensile tests had a 
reduced section 1/4 in. wide and 1 1/4 in. long. All 
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2) Cobalt; etched with 40 Glycerine, 
40 HCL, 3HNO; (parts by volume); 
then with 4 pct Nital 


: 


d) Co-2.0TiO, 


b) Co-0.2TiO, 


e) Co-5.0TiO, 


c) Co-1,0TiO, 


f) Co-10.0TiO, 


Fig. 2—Photomicrographs of etched cobalt and as-polished cobalt alloys containing TiO, dispersions. X500. Reduced 


approximately 32 pct for reproduction. 


tensile tests were made using a cross-head speed of 
0.02 in. per min, corresponding approximately to a 
strain rate of 0.015 per min. Yield strengths were 
measured by the use of SR-4 strain gages in room- 
temperature tests, and were estimated by a time- 
load relationship in elevated temperature tests. 

The creep properties of the various cobalt-oxide 
alloys were studied at 500°C under a stress of 12,000 
psi. Each test specimen was prepared from 0.040 to 
0.050-in. sheet material, and contained a 3/16-in. 
reduced section with a 1 1/4-in. gage length. A pre- 
liminary step type test was made in a study of the 
creep of pure cobalt in which the stress was in- 
creased from 5,000 to 10,000 to 15,000 psi to de- 
termine an optimum stress for evaluation of creep 
behavior, see Fig. 1. On the basis of this test, 
12,000 psi at 500°C was used as the creep stress for 
the dispersion-hardened alloys, so as to produce 
approximately 1 pct creep elongation in pure cobalt 
after 100 hr. 


a) Co-1.0Cr203 


Fig. 3—Photomicrographs of as-polished 
cobalt alloys containing various oxide- 
dispersions. X500. Reduced approxi- 
mately 32 pct for reproduction. 


b) Co-5.0Si0,(0.5-15p) 


RESULTS AND DISCUSSION 


Microstructure— The microstructures of pure 
cobalt and various cobalt-oxide alloys are shown in 
Figs. 2 and 3. All of the alloys containing dispersions 
were examined in the as-polished condition, as par- 
ticle size and distribution of the oxides are most 
easily studied in this condition. Relative particle 
size of the dispersed oxides was estimated by meas- 
uring average oxide particle diameter of a repre- 
sentative sample from photomicrographs at X500. 
Measurements of this type were made on Co-5.0 
Cr2Os (0.5 particle size), Co-O.2 TiOz (0.5 
Co-1.0 TiOz (1.5 4), Co-2.0 TiOz (1.0 and 2.0 1), 
Co-5.0 TiOz (2.5 uw) and Co-10.0 TiOz (4.0 nu). Two 
alloys of Co-5.0 SiOz had particle sizes ranging from 
0.5 to 4.0 w and 0.5 to 15, see Table I. By visual 
comparison with the measured oxides, all of the 
other alloys listed in Table I were estimated to con- 
tain average particle diameters less than 4 un. 


c) Co-5.0Si0,(0.5-4 p) 


* 


* 


TRANSACTIONS OF 
THE METALLURGICAL SOCIETY OF AIME 


d) Co-5.0ZrO, 


e) Co-5 
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Fig. 4—Creep curves of cobalt and various cobalt alloys 
tested at 500°C under 12,000 psi. 


Effect of Oxide Dispersions on Mechanical Proper- 
ties of Cobalt —The strengthening effects of the oxide 
dispersions on unalloyed cobalt were evaluated by 
means of room-temperature tensile and hardness 
tests, elevated temperature tensile tests at 500°C, 
and creep tests at 500°C. All of the alloys prepared 
as strip were tensile tested at room temperature. 
On the basis of these data, the most promising dis- 
persion alloys were selected for short-time tensile 
testing at 500°C. This test was used to screen the 
alloys further, and those with the best behavior were 
selected for 500°C creep tests. Other criteria, such 
as oxide particle size and distribution were also 
considered in screening the alloys, since the advant- 
ages of dispersion-hardened alloys are generally not 
reflected by low-temperature tests. Comparison was 
made with the mechanical properties of cobalt, pre- 
pared in the same manner as the alloys at all stages 
of testing. Results of all mechanical testing are 
given in Table I. 

Examination of the room-temperature tensile 
properties shows that cobalt alloys containing 
Cr203, TiOz, and SiOz dispersions had the most 
overall promise. Specifically, Co-1.0 Cr203 showed 
very high ultimate tensile strength (118,000 psi), 
high yield strengths (0.1 pct offset yield, 46,400 psi, 
and 0.2 pct offset yield, 56,100 psi), and excellent 
tensile ductility (20 pct elongation in lin.). This is 
about a 20 pct increase in ultimate and offset yield 
strengths over pure cobalt, and 50 pct increase in 
ductility.* Co-0.2 TiOz showed room-temperature 

*Comparisons with pure cobalt are made with the data obtained from 
specimens rolled from the same atmosphere as the alloy. 
mechanical properties equal to or exceeding those 
for pure cobalt. It also showed an excellent disper- 
sion on metallographic inspection. Co-0.1 SiOz alloy 
had the highest ultimate tensile strength of any 
material tested at room temperature, but yield 
strengths were low. Large variations were noted in 
the room-temperature tensile data for alloys con- 
taining SiOz. For example, Co-0.5 SiOz gave an ulti- 
mate tensile strength of 59,800 psi on one test and 


Table Il. Mechanical Properties of Cobalt-Base Alloys Containing Nonmetallic Dispersions 


Room-Temperature Tensile Properties 


Creep-Rupture Properties 


Alloy Offset Strength, Elong, Total 
Composition,@ Uts, Pl, Yield 0.1 0.2 Pct, Stress, Temp, Creep, Time for 
Wt Pct Vhn Psi Psi Pct, Psi Psi In., Pct Pct Psi Le Pct Fracture, Hr 
80 Co-20 Cr 366 160,600 42,300 81,000 91,800 16 22 12,000 500 0.04 Did not fracture 
after 260 hr 
12,000 650 11.0 
(80 Co-20 Cr)-0.2 TiO; 360 71,500 44,500 64,000 = 3 7 12,000 650 5.2 3257 
(80 Co-20 Cr)-0.1 sio? 333 90,600 44,200 70,000 78,500 2 9 
L-605° (powder met.) 450 183,000 98,000 147,000 161,000 16 22 14,000 816 
L-605f (as-rolled) 170,000 108,500 40 
(annealed 1205°C) - 145,000 - - 67,000 55 — 14,000 816 1.92 Did not fracture 


after 1000 hr 


aAll alloys hot-rolled at 1000°C (Air) - Encapsulated in 304 stainless steel sheath escept L605°.f 

bAfter 260 hr at 500°C under 12,000 psi, test temperature was increased to 650°C retaining same stress. 
¢Time for fracture (337 hr) includes 260 hr at 500°C. 
dOxide addition reported in volume percent. 
€L-605 composition: Co-20 Cr-15W-10 Ni-1 Mn. 
Data reported by Haynes Stellite for wrought material (Ref. 2). 
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Fig. 5—Elevated-temperature tensile properties of cobalt and Co-5Cr.03. 


117,000 on another. Both specimens were taken from 
the same rolled strip. 

On the basis of the room-temperature test results, 
sixteen of the strongest alloys were tensile tested at 
500°C. None of these showed outstanding properties 
although slight improvement over cobalt was found in 
all of the Co-Cr2O3 alloys. The Co-0.1 SiOz and 
Co-1.0 ZrOz alloys also have slightly greater 
strength than pure cobalt at this temperature. 

Nine alloys showing promising short-time tensile 
properties were selected for creep testing: Co-0.1, 
-1.0, -5.0 Cr203; Co-0.1, -0.2, -2.0, and -5.0 TiO;; 
Co-0.1 SiOz, and Co-1.0 ZrOz. The specimens were 
tested at 500°C and 12,000 psi for approximately 
250 hr. All alloys showed considerable improvement 
in creep resistance over that of unalloyed cobalt. 
Creep curves are shown in Figs. 1 and 4. The 
strongest composition was Co-1.0 Cr2O3 which 
showed only 4 pct of the total creep elongation of 
cobalt after 250 hr. Total creep in that time was 0.15 
pet compared to 3.6 pct for cobalt. 

Co-1.0 Cr2O3 and Co-0.2 TiOz alloys appear to be 
optimum compositions in their respective systems. 
Both have excellent creep resistance compared to 
that of cobalt. 

Oxide particle size was seen to be an important 
factor in oxide-dispersion strengthening. Of the 
alloys evaluated, those containing the finest disper- 
sions also have the highest room-temperature and 
elevated-temperature properties. Metallographic 
examination showed Co-1.0 Cr2O3 and Co-0.2 TiOz, 
which exhibited the highest creep resistance, also 
contained the finest dispersions of all alloys tested 
(about 0.5 p average particle size). 

Two alloys of Co-5 SiOz prepared contained two 
different ranges of oxide particles sizes, 0.5 to 15 u 
and 0.5 to 4 u, see Figs. 3(6) and 3(c). All consoli- 
dation and fabrication conditions were the same for 
both alloys. The alloy containing the finer disper- 
sions is higher in room-temperature tensile strength, 
yield strength, reduction in area, elongation, and 
Vickers Hardness. The increase in ultimate tensile 
strength is about 15 pct. 

Alloys of Co-2.0 TiOz also contained different 
oxide particle sizes, 1.0 and 2.0 4 average particle 
diameters. The alloy containing the finer oxides, 
however, was rolled from a hydrogen atmosphere 
whereas the other was rolled from air. The com- 
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bined effects of rolling atmosphere and oxide particle 
size are believed to be responsible for the higher 
tensile properties and 500°C creep strength of the 
alloy with finer dispersions. After 250 hr of creep 
testing, the stronger alloy elongated only 0.32 pct, 
whereas the other elongated 1.50 pct. 

In addition to the screening-type test program 
conducted with the dispersion-strengthened alloys, 
an elevated-temperature strength study was made on 
Co-5 Cr2O3 from room temperature to 700°C. The 
data are listed in Table II and shown in Fig. 5, with 
comparable data taken on cobalt. The Co-5 Cr2O3 
alloy has 8 pct higher strength than cobalt at room 
temperature, and 44 pct at 600°C. The strength de- 
creases in an essentially linear fashion with in- 
creasing temperature, except for a slight discon- 
tinuity at 400°C, which is probably due to stress re- 
lief. Elongation and reduction of area both show a 
marked increase up to 500° C, as would be expected, 
since the HCP-cobalt has less resistance to flow as 
the temperature increases. However, this behavior 
is followed by a sharp decrease in ductility above 
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Fig. 6—Hardness of wrought cobalt and cobalt alloys after 
annealing 1 hr at the indicated temperature. 
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a) Co-20Cr 


b) (Co-20Cr) -0.18i0, 


(Co-20Cr)-0.2TiOg 


Fig.7—Cobalt-chromium-base alloys containing Cr2O3 dispersions with 
and without other added oxide dispersions. X500. Reduced approxi- 
mately 32 pct for reproduction. 


d) L605 


500°C. The specimen is transforming to f.c.c-cobalt 
at these temperatures, but there is apparently no 
reason to expect the sudden decrease in both elonga- 
tion and reduction of area which occurs. Despite the 
decrease in ductility, the ultimate tensile strength 
did not increase, so a strengthening mechanism is 
probably not operative. The behavior seems more 
characteristic of hot shortness. This material 
analyzed 0.01 pet (max) sulfur which might be the 
cause. Martin” found an analogous decrease in 
ductility of cobalt with increasing sulfur content. 
Increasing sulfur content from 0.004 to 0.007 de- 
creased reduction of area from 80 pct to 10 pct. 


Recrystallization Study of Cobalt Oxide Alloys—A 
recrystallization study was made on Co-5 Cr2QOs3 and 
Co-5 TiOz. Metallographic examination indicated that 
recrystallization of the pure cobalt specimen oc- 
curred near 675°C. A curve of hardness vs annealing 
temperature, given in Fig. 6, compared to data on 
pure cobalt, substantiates this by a sharp decrease in 
hardness between 650°and 700°C. It is believed that 
the worked structure contains both HCP and f.c.c 
cobalt. The hardness decrease also noted near 350°C 
is probably due to recrystallization of HCP cobalt, as 
reported by Sebilleau and Bibring,* and the decrease 
for Co-5.0 Cr2Os alloy and pure cobalt at 600-700°C 
to formation and recrystallization of f.c.c cobalt. 

The dispersion-strengthened alloys are harder 
than pure cobalt after all annealing treatments, as 
would be expected. They seem to inhibit recrystal- 
lization of the HCP cobalt slightly. 


OXIDE DISPERSIONS IN COBALT-BASE ALLOYS 


Cobalt-20 chromium was chosen as a base material 
for studying the effect of dispersion strengthening on 
cobalt-base alloys, as it is similar to more complex 
well-known high-temperature alloys. In the prepara- 
tion of fabricated Co-20 Cr by powder-metallurgy 
techniques, as discussed in detail below, the result- 
ing strip contains intrinsic CrzO3 dispersions. Alloys 
of L-605* type prepared by similar methods, also 


*L-605 is a proprietary cobalt-base alloy made by Haynes-Stellite 
with a nominal composition of Co-20 Cr-15 W-10 Ni-1 Mn. 
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contained intrinsic Cr2Os3 dispersions. 


Preparation and Fabrication—The consolidation 
procedures used in preparing the cobalt-chromium- 
base alloys were somewhat different from those pre- 
viously described. The chromium metal powders con- 
tained very stable oxide skins which had to be broken 
up by fabrication before complete densification could 
be obtained. As a result of this process, all of the 
cobalt-chromium-base alloys contained Cr2Os dis- 
persions after rolling. In addition to this type of dis- 
persion, other oxides were added in two of the alloys 
prepared. 


In the case where there was no mechanical addition 
of oxides, the metal powders were mixed and pressed 
in the usual manner, and vacuum sintered at 1200°C 
for 18 hr. This procedure resulted in a sintered bar 
of approximately 82 pct of theoretical density. To 
achieve successful fabrication, it was necessary to 
hot-roll the as-sintered bars enclosed in evacuated 
stainless steel jackets. The imposition of lateral 
restraint on the material during rolling caused the 
oxide films on the chromium particles to break up 
and become dispersed throughout the matrix. This 
method of fabrication resulted in dispersion- 
strengthened cobalt-20 chromium alloy without the 
mechanical addition of oxide particles. The L-605 
type alloy was also prepared by this method. 

Two Co-20 Cr alloys were prepared containing 
TiOz and SiOz oxide additions, in addition to the 
Cr2Os always present. In these cases, the powder 
mixtures were ball milled to completely disperse 
the oxides throughout the mixture. 

Fig. 7 shows as-polished microstructures of Co-20 
Cr and L-605 containing intrinsic Cr203 dispersions, 
and Co-20 Cr alloys with the other added dispersions. 
A slight stringering effect of the oxides is noted in 
each case. 


Mechanical Testing and Results—Room-tempera- 
ture tensile tests, Table II, show that the Co-20 Cr 
alloy is considerably stronger than cobalt, which is 
expected, as a result of solid-solution hardening by 
chromium. The effect of dispersions could not be 
distinguished at room temperature. The tensile 
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properties of (Co-20 Cr)-0.1 SiOz and (Co-20 Cr)-0.2 
TiOz are considerably lower than those of the base 
alloy (Co-20 Cr). It is possible that the TiO2 and 
SiOz additions raised the total oxide content above the 
optimum for maximum strength properties. There 
was no control of the amount of intrinsic Cr203; dis- 
persions in this type of alloy. 

Cobalt-20 chromium was also creep tested at 
500°C and 12,000 psi stress, see Table II and Fig. 8. 
The elongation after 20 hr was only 0.04 pct, after 
which zero creep rate was observed for 240 hr. At 
260 hr, the test load was released and the tempera- 
ture increased to 650°C. Upon reapplication of the 
load, the specimen elongated at a very rapid rate to 
a total extension of 11.00 pct at 337 hr. The time 
under stress at 650°C was 177 hr. It is believed that 
third-stage creep initiated at 650°C temperature. 

The (Co-20 Cr)-0.2 TiOz alloy was creep-tested at 
650°C under a stress of 12,000 psi. 650°C was 
chosen because previous testing of the base metal 
showed poor creep characteristics at this tempera- 
ture. As seen in Fig. 8, the specimen elongated dur- 
ing testing at a fairly rapid rate and fractured after 
32.7 hr. This indicates that no improvement in creep 
strength was obtained by the 0.2 pct TiOz additions... 

The final portion of this study was the evalution of 
a cobalt superalloy (L-605 type) containing oxide dis- 
persions. The room-temperature ultimate tensile 
strength and yield strength of this alloy prepared by 
powder-metallurgy techniques, Table II, are con- 
siderably higher than those of the Co-20 Cr alloy, 
although the elongation and reduction in area are 
slightly lower. The ultimate tensile strength and 
yield strength are also considerably higher than the 
reported properties of commercial wrought L-605° 
prepared by conventional melting and fabricating 
techniques. The powder metallurgy alloy was creep 


tested at 816°C (1500°F) under a stress of 14,000 psi. 


The alloy failed through the shoulder of the specimen 
after 3.6 hr at test conditions, see Fig. 9. Total 
plastic deformation in 3.6 hr was 2.6 pct. This is 
poor creep behavior compared to 1.92 pct elongation 
after 1000 hr of testing for commercial sheet. 


SUMMARY 
It was established that the high-temperature creep 
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Fig. 8—Creep curves of (Co-20Cr) -base alloys. 
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Fig. 9—Creep curves of L605 alloy.at 816°C under 14,000 
psi. Powder metallurgy and wrought specimens. 


resistance of cobalt is considerably increased by 
additions of certain oxide dispersions. All of the ten 
cobalt-oxide alloys tested exhibited substantial in- 
creases in 500°C creep strength. The strongest co. 
composition was Co-1.0 Cr203, which showed only 

4 pct of the total creep elongation of pure cobalt after 
250 hr at 500°C and 12,000 psi stress. 

Oxide particle size was found to be an important 
factor in obtaining oxide-dispersion strengthening. 
Of all alloys evaluated, it appears that those contain- 
ing the finest dispersions also had the highest room- 
temperature and elevated-temperature properties. 

A Co-20 Cr alloy containing intrinsic Cr2O3 dis- 
persions exhibited negligible creep up to 260 hr at 
500°C and 12,000 psi stress. Upon raising the tem- 
perature to 650°C, however, the rate of creep pro- 
ceeded at a fast rate with ultimate failure after an 
additional 77 hr testing. Alloys of (Co-20 Cr)-0.1 
SiOz and (Co-20 Cr)-0.2 TiOz also showed low creep 
resistance at 650°C under 12,000 psi stress. 

An alloy of L-605 type (Co-20 Cr-15 W-10 Ni-1 Mn) 
prepared by powder metallurgy and containing Cr2O; 
dispersions showed considerably higher room-tem- 
perature tensile and yield strengths than those of the 


- commercially wrought material. The creep strength, 


however, was much lower, with creep rupture oc- 
curring after 3.6 hr at 816°C and 14,000 psi. 

This study shows that oxide dispersions added to 
pure cobalt will greatly improve the high-tempera- 
ture creep resistance of the metal, but similar dis- 
persions in cobalt-alloy matrices are much less ef- 
fective. Apparently, the two mechanisms of 
strengthening considered here, solution strengthen- 
ing in cast and wrought alloys and dispersion-harden- 
ing in powder-metallurgy alloys are not additive. 
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AUTHOR’S CORRECTIONS 
On the Occurrence of Oxygen in Cast Iron, by Gustaf Ostberg, vol. 212, no. 5, p. 678, October 1958. 
Fig. 1 - Correct composition of Alloy Iis 2 pct C, 1 pct Si. 


The Deformation of Single Crystals of Aluminum, by J. M. Roberts and K. V. Gow, vol. 212, no. 5, p. 648, 
October 1958. 


Fig. 6(@2)—Correct temperature is 300°C, rather than 23°C. 
Page 650, final paragraph, line six: correct dimensions should read, “...1-mm X 10-mm slit 10-cm long.” 


Table IV—Specimen A9: (111) should read (i[1). 


Surface Tension and Contact Angles in Some Liquid Metal-Solid Ceramic Systems at Elevated Tempera- 
tures, by B. C. Allen and W. D. Kingery, vol. 215, no. 1, p. 30, February 1959. 


Fig. 1(@) — Surface tension of liquid cobalt is 1780 dynes per cm, not 170. 
Captions of Figs. 5 and 6 should be transposed. 
Eq. [3] should be: 
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Bound volumes of TRANSACTIONS OF THE METALLURGICAL SOCIETY, containing all of the 1958 issues, 
will soon be available. To insure early delivery, place your order now with the AIME Order Dept., 
29 W. 39th St., New York 18, N. Y. 
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